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Abstract 
Temperature-dependent plastic deformation behaviors of single crystals of 

quaternary and ternary equiatomic medium-entropy alloys (MEAs) belonging to the 

Cr-Mn-Fe-Co-Ni system were investigated in compression at temperatures in the range 

9 K to 1373 K. Their critical resolved shear stresses (CRSSs) increase with decreasing 

temperature below room temperature. There is also a dulling of the temperature 

dependence of CRSS below 77 K due to dislocation inertial effects that we attribute to a 

decrease in the phonon drag coefficient. These behaviors were compared with those of 

previously investigated single crystals of the equiatomic Cr-Co-Ni and Cr-Fe-Co-Ni 

MEAs, and the equiatomic Cr-Mn-Fe-Co-Ni high-entropy alloy (HEA). The temperature 

dependence of CRSS and the apparent activation volumes below room temperature can 

be well described by conventional thermal activation theories of face-centered cubic 

(FCC) alloys. Above 673 K, there is a small increase in CRSS, which we believe is due to 

elastic interactions between solutes and mobile dislocations, the so-called Portevin-Le 

Chatelier (PL) effect. The CRSS at 0 K was obtained by extrapolation of fitted CRSS vs. 
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temperature curves and compared with predictions from solid solution strengthening 

models of HEA and MEAs.  

 

Keywords: High-entropy alloys; Single crystals; Critical resolved shear stress; Thermal 

activation; Mean-square atomic displacement. 

 

1. Introduction 

A new class of multi-component concentrated alloys, often referred to as HEAs and 

MEAs, has aroused considerable interest in materials science and engineering [1–5]. 

Among these, single-phase, equiatomic, face-centered cubic (FCC) alloys belonging to 

the Cr-Mn-Fe-Co-Ni system although extensively investigated [6–10] remain 

scientifically interesting because they can help us better understand from a fundamental 

viewpoint structure-composition relationships and elementary mechanisms of 

deformation and failure in concentrated solid-solutions [11–14]. Some early reports 

speculated that HEAs and MEAs might become stronger as the number of constituent 

elements increased, but it is now generally accepted that solid solution strengthening 

(SSS) arises from the specific combinations of constituent elements rather than their 

sheer number [15,16]. The equiatomic quaternary and ternary MEAs derived from the 

Cr-Mn-Fe-Co-Ni system serve as useful prototypes to scientifically investigate the 

variation in mechanical properties as a function of element combinations by experiments 

and theoretical calculations. They also help us to understand how expensive constituents 

may be substituted by less expensive elements to achieve specific properties and a better 

cost-performance balance for practical applications. These factors motivate us to 

establish a sound understanding of the roles of constituent elements through the study of 

the equiatomic quaternary and ternary MEAs derived from the Cr-Mn-Fe-Co-Ni system.   

Counting the quinary equiatomic Cr-Mn-Fe-Co-Ni HEA and its quaternary and 

ternary equiatomic MEA subsets, there are 16 alloys in all, 9 of which exhibit FCC 

single-phase microstructures after thermomechanical processing [17]. In our previous 

studies on single crystals of the equiatomic Cr-Mn-Fe-Co-Ni HEA, Cr-Fe-Co-Ni and 

Cr-Co-Ni MEAs [18–20], we have shown that their critical resolved shear stresses 

(CRSSs) at 0 K are consistent with the SSS model of Toda-Caraballo et al. [21] and also 

correlate linearly with the square root of MSAD (mean-square atomic displacement) 

[16,22]. In the case of the other six MEAs, however, although the temperature 

dependence of yield strength has been investigated in polycrystals [15,23], experimental 

studies on single crystals are lacking, despite the fact that some of them (such as the 

Cr-Mn-Co-Ni and Cr-Fe-Ni MEAs) exhibit higher or comparable yield strengths and 

tensile elongations in the polycrystalline form when compared with the equiatomic 

Cr-Mn-Fe-Co-Ni HEA [15,23].  

In the present study, we investigate in compression the plastic deformation behavior 

of single crystals of quaternary and ternary equiatomic FCC MEAs belonging to the 

Cr-Mn-Fe-Co-Ni system at temperatures from 9 K to 1373 K. The CRSS values at 0 K, 

the temperature dependences of CRSS at low temperatures, the dulling of temperature 

dependence of CRSS at cryogenic temperatures, the small increase in CRSS at high 

temperatures and the apparent activation volumes for deformation are analyzed to 

elucidate the roles of each element. The results of the present study can help establish a 

benchmark for the fundamental plastic deformation behavior of FCC HEAs and MEAs.   
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2. Experimental Procedures 

 Equiatomic quaternary and ternary MEAs belonging to the Cr-Mn-Fe-Co-Ni 

system (Table 1) were prepared as rods by arc melting high-purity (>99.9%) elemental 

metals in argon atmosphere. Single crystals were grown from these rods by either the 

optical floating-zone method (Mn-free alloys) or the Bridgman method (Mn-containing 

alloys), as described elsewhere [18,19]. The single crystals were annealed for 168 hours 

at 1273 K or 1473 K (see Table 1), followed by water quenching. The chemical 

compositions after homogenization were measured on five different locations on the 

specimen surface by energy dispersive X-ray spectroscope equipped in a scanning 

electron microscope and the averaged values are tabulated in Table 1. After 

crystallographic orientations were determined by the Laue method, [123]-oriented 

specimens with gauge dimensions of 2×2×5 mm
3 

were cut by spark-machining for 

compression tests. 

Specimen surfaces were polished mechanically and then electrolytically with a 

solution of perchloric acid, n-butanol and methanol (1:2:7 by volume). Compression 

tests were conducted at temperatures between 9 K and 1373 K at an engineering strain 

rate of 1×10
-4

 s
-1

. Strain-rate jump tests were performed by suddenly changing the strain 

rate by an order of magnitude within the range of 1×10
-4

 s
-1

 to 1×10
-2

 s
-1

 below room 

temperature to measure the strain-rate sensitivity of flow stress. To minimize the strain 

hardening effect, strain rate jump tests were conducted within the strain range of Stage I 

deformation (~10% plastic strain) of very small work hardening characteristics. 

Mean-square atomic displacements (MSADs) for the optimized SQS (special 

quasirandom structure) [24] configurations of equiatomic MEAs were estimated based 

on density functional theory (DFT) [25] by performing total energy calculations with 

the VASP code using projector-augumented wave method, with the exchange–

correlation functional treated under the generalized-gradient approximation of 

Perdew-Burke-Ernzerhof (GGA-PBE). The details of the MSAD calculations of HEA 

and MEAs are described in our previous paper [20]. 

 

3. Results 

3.1. Temperature dependence of CRSS  

From slip trace analysis, plastic flow was confirmed to initiate on (111)[101] in the 

two quaternary and four ternary MEAs listed in Table 1. This is the same slip system 

that operates in three other equiatomic alloys of this system, Cr-Mn-Fe-Co-Ni [18], 

Cr-Fe-Co-Ni [20] and Cr-Co-Ni [19]. CRSS values for (111)[101] slip obtained from 

the 0.2% offset yield stress and the Schmid factor of 0.467 for [123]-oriented single 

crystals are plotted in Fig. 1(a) as a function of temperature. Although the CRSS at a 

given temperature as well as the steepness of the temperature dependence of CRSS at 

low temperatures (below 300 K) varies significantly from alloy to alloy, the overall 

shapes of the temperature-dependent CRSS curves are similar. As shown in the inset of 

Fig. 1(a), CRSS rapidly increases with decreasing temperature below 300 K with some 

dulling of the temperature dependence occurring at the lower end (more on this later). 

At higher temperatures, the CRSS initially flattens but then increases moderately, 

peaking at 1000-1200 K depending on alloy. For the sake of completeness and to 

facilitate comparison, CRSS values previously obtained for equiatomic 

Cr-Mn-Fe-Co-Ni [18], Cr-Fe-Co-Ni [20] and Cr-Co-Ni [19] are provided in the 

Supplementary Material, Fig. S1. 
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CRSSs at 77 K (liquid nitrogen temperature, τLN) and room temperature (τRT) of the 

Cr-Mn-Fe-Co-Ni HEA and its MEA derivatives are tabulated in Table 2 along with their 

ratios (τLN/τRT). For single crystals of the MEAs investigated in the present study, the 

CRSS almost doubles when the temperature decreases from room temperature to 77 K, 

consistent with results obtained previously for single crystals of equiatomic 

Cr-Mn-Fe-Co-Ni [26], Cr-Fe-Co-Ni [27] and Cr-Co-Ni [28]. Also listed in this table are 

CRSS values estimated from polycrystals of these alloys obtained by dividing their 

yield stresses [15,16,23,29] by the Taylor factor of 3.06. Interestingly, the corresponding 

increase in CRSS with decreasing temperature is generally smaller for the 

polycrystalline alloys, excepting for the Cr-Fe-Ni MEA [23]. It is worth noting here that 

a relatively large grain size of 160 m was tested in the case of the Cr-Mn-Fe-Co-Ni 

HEA [29] and Cr-Fe-Ni MEA [23], while the remaining MEAs had smaller grain sizes 

of 20~40 m [15]. Grain-boundary (Hall-Petch) strengthening may overestimate the 

CRSS obtained from yield strengths of the latter alloys, which could account for the 

above discrepancy. 

 

3.2. CRSS at 0 K 

To deduce the CRSS at 0 K, the experimentally obtained CRSS values were fitted 

with the following equation [30–32], 

 

1
1

ath th

a

1

p
qT

T
T

  

 
       
 

  

 (1) 

where T is the absolute temperature of the compression test, Ta is the athermal 

temperature above which the CRSS becomes temperature-independent, τath is the 

athermal stress, i.e. CRSS at Ta, τth is the thermal stress, and p and q are fitting parameters. 

For the fitting, we did not include CRSSs below the critical temperature (Tc in Table 3) at 

which dulling becomes discernable, to avoid interference from inertial effects as 

discussed in section 4.3. We also did not include data points above 873 K where a small 

increase in CRSS is observed with increasing temperature due to the PL effect as 

discussed later. The fitting results are tabulated in Table 3 and the fitted curves are shown 

in Fig. 1(a) and Fig. S1. The CRSS at 0 K (τ0) tends to increase with increasing Cr and Mn 

content, trends that we will attempt to rationalize later by taking into account the 

magnitudes of the averaged MSADs. 

The fitting results for polycrystals of these alloys [15,16,23,29] are also listed in 

Table 3. Interestingly, while the ternary Cr-Co-Ni MEA is the strongest polycrystalline 

alloy [15], the quaternary Cr-Mn-Co-Ni MEA has the highest CRSS at 0 K among the 

single crystals. The q values of single crystals are generally larger than those of their 

polycrystalline counterparts, indicating a stronger temperature dependence of CRSS 

consistent with a higher τLN/τRT ratio in single crystals. Interestingly, the τ0 of single 

crystals is comparable to the σ0 of polycrystals divided by the Taylor factor of 3.06 for 

most of the investigated alloys, as shown in Fig. 2(a). This correspondence is apparent 

also in Fig. 2(b) where the σ0 of polycrystals plotted as a function of the τ0 of single 

crystals exhibits a linear dependence with a slope of 2.93±0.09, which is comparable to, 

but somewhat lower than, the Taylor factor of 3.06. As mentioned before, this slight 

discrepancy may be due to grain-boundary strengthening in the polycrystalline alloys. 

Another way in which CRSSs can be determined is by compressing single-crystal 

micropillars and extrapolating the size-dependent CRSS values to pillar sizes of 20-30 
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µm to obtain ‘bulk’ CRSS values. This has been done previously [33,34]. Those 

extrapolated (micropillar) CRSSs are compared in Fig. 2(c) with CRSSs obtained 

directly by testing true bulk single crystals. Except for a couple of the alloys, the CRSSs 

estimated from single-crystal micropillars tend to be higher than those of bulk 

single-crystals (if they were the same, all data points would lie on the 45° line). This 

suggests the possibility of a remnant size effect (‘smaller is stronger’) even in pillars as 

large as 20-30 µm. 

 

3.3. Dulling of temperature dependence of yield strength at cryogenic temperatures 

A dulling (or decrease in the steepness) of the temperature dependence of CRSS 

has been observed in dilute FCC solid-solution alloys such as Cu-Al alloys [35], as well 

as in the Cr-Mn-Fe-Co-Ni HEA [36], Cr-Fe-Co-Ni [20] and Cr-Co-Ni [19] MEAs, and 

is believed to be due to inertial effects [35,37,38]. Visual examination of CRSS vs. T 

curves may not always be sensitive enough to detect dulling. A more sensitive technique 

for identifying the critical temperature (Tc) below which inertial effects can affect 

dislocation motion involves determining the peak in the strain rate sensitivity of flow 

stress, as discussed in our previous work [19,20]. That is the procedure we used here for 

the six new single-crystal MEAs listed in Table 1. Engineering stress-strain curves of 

the Cr-Fe-Ni MEA deformed in compression at selected temperatures are shown in Fig. 

S2. As mentioned in section 3.1, magnified portions of the CRSS vs. T curves are shown 

in the inset of Fig. 1(a) (as well as the inset of supplemental Fig. S1). In these figures, 

the solid lines are fits of Eq. (1) to only those experimental data points that lie above Tc, 

whereas the dashed lines go through all experimental data points. The identified critical 

temperatures (Tc) are tabulated in Table 3, along with those determined previously for 

equiatomic Cr-Co-Ni and Cr-Fe-Co-Ni [19,20]. In the inset of Fig. 1(a), both the fitted 

solid curves and the dashed experimental curves have been extrapolated down to 0 K. 

For any given alloy, the CRSS difference between the solid and dashed curves at 0 K is 

considered to be the extent of dulling due to inertial effects (0 in the one example 

shown). This dulling (0) seems to be correlated with the Cr concentration (Fig. 1(b)) 

but not with the Mn concentration (Fig. 1(c)), despite these two elements having 

similarly large effective atomic radii and misfit volumes in the quinary, quaternary and 

ternary alloys of the Cr-Mn-Fe-Co-Ni system [9,39]. In contrast, the dulling of CRSS 

(Δτ0) does not exhibit any definite correlation with the Fe, Co and Ni concentrations 

(see Fig. S3). Regardless, the manifestation of inertial effects in equiatomic alloys of the 

Cr-Mn-Fe-Co-Ni system is intriguing given theoretical calculations [38] and 

experiments on dilute Cu-Al alloys [35] that suggest these effects should become less 

prominent as the solute concentration increases and even disappear in highly 

concentrated solid-solutions. 

 

3.4. Yield stress increase at elevated temperatures 

For all the investigated alloys, there is a slight increase of CRSS with increasing 

temperature between 673 K and 1273 K (Fig. 3(a)). Although the magnitude of CRSS 

increases as well as the temperature range where it occurs varies from alloy to alloy, the 

stress-strain curves in the relevant temperature range always exhibit serrations, as 

shown in stress-strain curves of Fig. S2 as an example for the Cr-Fe-Ni MEA). Thus, we 

attribute the increase in CRSS to the well-known Portevin-Le Chatelier (PL) effect. 

Table 4 lists the increase in CRSS (Δτ), starting temperature Ts (defined as the 

temperature above which serrations occur in the stress-strain curves), peak stress 
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temperature and melting temperature (Tm) [15,23] of the investigated alloys. Tsai et al. 

[40] reported that the PL effect shifts to lower temperatures as the number of constituent 

elements increase in the Cr-Mn-Fe-Co-Ni system. However, we do not observe such a 

trend, see Table 4. Instead, the starting temperature of the PL effect (Ts) roughly 

increases with the Tm, as shown in Fig. 3(b). Note that the start of the PL effect occurs in 

the range Ts = 0.45~0.55 Tm (Table 4), which is also where atomic diffusion starts to 

become important, consistent with the general view that the mechanism of PL involves 

the cyclic pinning, breakaway, and re-pinning of dislocations by solutes that can diffuse 

at rates comparable to those of moving dislocations. Furthermore, the extent of CRSS 

increase due to the PL effect (Δτ) shows a rough increase with increasing Mn and Fe 

contents (Figs. 3(c),3(d)), and a clear increase with the sum of their concentrations (Fig. 

3(e)), indicating that pinning by Mn and Fe probably plays a role in the PL effect.  

 

4. Discussion 

4.1. Thermally activated glide of dislocations 

According to Kocks et al. [30], the adjustable parameters p and q in Eq. (1) 

determine the glide resistance profile of obstacles. p is usually expressed as 

1
1p

n
   with 

 
 r r

1
n

ˆ
a

  


=  (2) 

where τr is the glide resistance, Δa is the activation area, and ̂  is the amplitude of 

glide resistance. According to Eq. (2), the “tail” of the glide resistance of obstacles 

decays with the negative power of Δa. The second parameter, q, describes the shape of 

the “top” of the profile and is given by, 

1
1q

k
   with  r 1

k
ˆ a     
   (3) 

From the 1/q and 1/p values determined for single crystals in Table 3, the qualitative 

glide resistance profiles of the investigated alloys are calculated with Eqs. (2) and (3), 

and plotted in Fig. 4(a). Alloys containing Cr generally have larger q values than those 

containing no Cr (Fig. 4(b)), suggesting a slower decay in the glide resistance at the top 

for the Cr-containing alloys. Relatively speaking, among the Cr-containing alloys, 

equiatomic Cr-Fe-Co-Ni, Cr-Mn-Co-Ni, and Cr-Fe-Ni have somewhat smaller 1/q than 

the equiatomic Cr-Co-Ni and Cr-Mn-Fe-Co-Ni (Fig. 4(b)), but display the opposite 

trend in 1/p values (Fig. 4(c)). This suggests that in the equiatomic Cr-Mn-Fe-Co-Ni 

HEA and Cr-Co-Ni MEA, although the glide resistance decays relatively quickly at the 

top, it decays more slowly at the tail, as shown in Fig. 4(a). It is worth noting that the 

range of 1/q (0.50-0.76) and 1/p (2-2.7) of the present HEA and MEA single crystals is 

comparable to those (1/q=0.67, 1/p=2.17) of dilute Cu-Mn alloys (up to 7.6 at.% Mn) 

[32]. However, Leyson et al. [41] and Varvenne et al. [39] used values of 1/q=0.67 and 

1/p=1 to model solid solution strengthening in FCC HEA and MEAs. This may be a 

reason for the difference in the measured and calculated CRSSs of equiatomic alloys of 

the Cr-Mn-Fe-Co-Ni system, in particular, at cryogenic temperatures [9]. 

In solid-solution alloys, the strong glide resistance may lead to not only a 

significant temperature dependence of CRSS but also a lower apparent activation 

volume of dislocation motion. The apparent activation volume (V) can be estimated 

from the strain rate ( &) sensitivity of flow stress (τ) by the following conventional 

equation, 
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B

ln

T

V k T




 
   

&
 (4) 

in which kB is the Boltzmann constant. The calculated apparent activation volume of the 

investigated MEAs is plotted in Fig. 5(a) as a function of temperature, together with 

those of equiatomic Cr-Mn-Fe-Co-Ni [18], Cr-Fe-Co-Ni [20] and Cr-Co-Ni [19]. The 

temperature dependence of the apparent activation volume of FCC solid-solutions can 

be expressed by [42,43], 

B
0

0

exp
mk T

V V
W

 
  

 
 (5) 

where V0 is the apparent activation volume at 0 K, m is a constant around 27 and W0 is a 

material-dependent constant. The experimentally deduced apparent activation volumes 

(Fig. 5(a)) were fitted with Eq. (5), excluding data points in the temperature range for 

the inertial effects, as shown in Fig. 5(b). The apparent activation volumes at 0 K, 77 K 

and room temperature are tabulated in Table 5 and plotted as the function of Cr content 

(cCr) in Figs. 5(c). At cryogenic temperatures (0 and 77 K), the apparent activation 

volume generally decreases with increasing Cr concentration. This is consistent with the 

general view that the apparent activation volume is inversely correlated with the 

strength of the temperature dependence of CRSS in FCC solid-solution alloys.  

The 0 K apparent activation volumes of the alloys in the present study are found to 

be inversely proportional to the square root of MSAD, as shown in the bottom of Fig. 

5(d). According to Butt et al. [44], the apparent activation volume at 0 K can be 

expressed as 
1 2

3
3 2

0 1 2

1

4

/

/

b
V b l

Ec

 
  

 
 (6) 

where E is the interaction energy between a dislocation segment and solutes, c is the 

solute concentration, lb denotes the distance traveled by a dislocation segment during an 

activated jump (b is the Burgers vector of a full dislocation), and μ is the shear modulus. 

The CRSS at 0 K is [44] 
1 2

0 3

4 /Ec

lb
   (7) 

Substituting Eq. (7) into (6), we obtain 
1 21 2 1 2

3 2 3 2 1 20 0

3

1 1

2 2

// /
/ / /V MSAD

l l C
b b







   
    

   
 (8) 

where C is the constant in the relationship between CRSS at 0 K and the square root of 

MSAD (as will be discussed later, Eq. (15) in Section 4.2.3). The 0 K apparent 

activation volumes and MSADs of the present alloys are then fitted with Eq. (8), solid 

red line in Fig. 5(d), from which l is deduced to be 1.9. This value means that on average, 

a dislocation segment will slip by 1.9b during a thermal activated jump in these 

concentrated solid-solution alloys. In comparison, l was estimated to be 5-4 in some 

Cu-based binaries with solute concentrations 5~11 at.% [44]. A possible reason for this 

difference is that the distance traveled by dislocations during an activated jump 

(proportional to l) is larger in dilute solid solutions (such as the Cu-based binary alloys) 

than in concentrated solid-solutions (HEA and MEAs) because the distance between 

solutes that act as obstacles for the dislocation motion is larger in the former alloys. 
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According to the concept of ‘stress-equivalence’ proposed by Basinski et al. [45], 

the temperature and strain-rate dependences of CRSS correlate with the magnitude of 

solid solution hardening regardless of the type of solute and/or its concentration. As 

shown in Figs. 6(a) and 6(b), the concept of ‘stress-equivalence’ is roughly valid also for 

the quinary, quaternary and ternary equiatomic high- and medium-entropy alloys of the 

Cr-Mn-Fe-Co-Ni system. However, since some of the CRSS-temperature curves in Fig. 

1(a) cross each other, and the apparent activation volumes in Figs. 6(b) do not all lie on a 

single line, ‘stress-equivalence’ is a relatively crude concept. Their conclusion that a 

single and common mechanism, independent of the type and concentration of solute, is 

responsible for solid solution strengthening needs further investigation.  

 

4.2. CRSS at 0 K for FCC HEA and MEAs 

The main strengthening mechanism in the present alloys is solid solution 

strengthening. In what follows, we estimate qualitatively the extent of solid solution 

strengthening (SSS) in the present HEA and MEAs using a few different models that have 

been proposed so far.  

 

4.2.1. SSS model of Varvenne et al. 

Varvenne et al. [39] expressed the strengthening due to the elastic interaction 

between solutes and dislocations as 

 
 

2 3
2 2

4 3

1 3

0 1 6

1
0 051

1

n

/

n/ n V
/ n

c

c V

. T f
b




  





  
  

   
   

 


 (9) 

where α is a constant in the equation for dislocation line tension  (=b
2
), f1c is the 

minimized dislocation structural coefficient taken as 0.35 when the dissociation width is 

larger than 10b, ΔVn is the misfit volume of solute element n, and 
nV   is the standard 

deviation due to different local chemical and structural environments. The misfit volume 

ΔVn is given by 

alloy alloy
n m c c

m n m

V V
V c

c c

  
   

  
  (10) 

Using the atomic volumes of Cr, Mn, Fe, Co and Ni in Varvenne et al. [39], the calculated  
2 6

n nc V b of each element is shown in the bar chart of Fig. 7(a). Thus, according to 

the Varvenne model, Mn, Ni and Cr tend to contribute more to solid solution 

strengthening than Fe and Co but their relative contributions can vary significantly from 

alloy to alloy. Using these values and the recommended  of 0.123 [39], 0 K CRSSs were 

calculated and the results are plotted in Fig. 7(b) versus the experimental values. The 0 K 

CRSSs predicted using the Varvenne et al. [39] model fall significantly below the 

experimental values, although the order of their relative strengths is correctly predicted. A 

regression analysis was therefore performed to optimize the  value in their model. As 

shown in Fig. 7(c), the experimental 0 K CRSSs agree well with the model values if  = 

0.012 is used instead of the recommended value of 0.123. This implies a significant 

reduction in the effective dislocation line tension and may indicate that dislocations with 

large curvatures are needed for their model to more accurately describe solid solution 

strengthening in the present HEA and MEAs.  
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4.2.2. SSS model of Toda-Caraballo et al. 

According to Toda-Caraballo et al. [21], solid solution hardening arises from the 

solute-dislocation interaction through the misfit in atomic size (δn) and shear modulus 

( n ) between the solute n and the imaginary solvent comprising the other elements, as 

described by the following equations, 

1
n

n

a

c a






 and 
1 0 5

n
n

n.





 


 with 

1
n

nc










 (11) 

where a is the lattice parameter, and μ is the shear modulus. The CRSS at 0 K is then 

calculated to be  

 
2 3

3 2

0

/
/

n nn
B c   with  

2 3
2 2 2

/

n n nB Z      (12) 

where Z is a fitting parameter and ς is a parameter accounting for the difference in 

interaction energy between screw/edge dislocations and solutes. We adopted ς=16 for 

edge-dislocation/solute interaction following earlier work [46]. According to Labusch 

[47], on the other hand, the 0 K CRSS 
L

0  is given by 

 
 

2 3
4 3 2 2 2 1 3

L 2 3

0 1 3
4

/
/ /

n n /

/

d
c

   




 
  with b   (13) 

where d=βb is the range of the interaction force (or dislocation core width). By 

comparing Eqs. (12) and (13), we obtained 
1 3/

Z




 
  
 

 (14) 

β is reported to vary from 0.5 to 1.5 for edge dislocations in Cu and Al by Seeger et al. 

[48]. Wu et al. [15] found that β=1 best fits the temperature dependence of yield stress 

in polycrystals of the Cr-Mn-Fe-Co-Ni HEA and its FCC derivative MEAs. Therefore, 

the difference in Z would appear to be mainly due to the difference in the dislocation 

line tension coefficient α. We then estimated the contribution of each element to the size 

misfit and modulus misfit terms in the present HEA and MEAs, as shown in Fig. 8(a). A 

notable feature is that the size misfit term dominates in these alloys. In contrast to the 

model of Varvenne et al. [39], this model predicts that Cr contributes significantly to the 

size misfit term with a non-negligible contribution also from Co. In addition, Cr is 

found to contribute substantially to the modulus misfit term. The fitting parameter 

ZHEA=2.991 is then determined by a regression analysis of the calculated and 

experimental 0 K CRSSs, as shown in Fig. 8(b). This value is much larger than the Zdil 

values determined for FCC solid-solution alloys (1.9, 1.4 and 0.8 for dilute Ag, Au and 

Cu binary solid-solution alloys, respectively [46]). Assuming that β=1 (or at least 

constant) in Eq. 14, the higher Z value for the HEA and MEAs suggest that a smaller 

line tension coefficient () is needed to reproduce the experimental 0 K CRSSs using 

the model of Toda-Caraballo et al. [21]. It appears therefore that both models, Varvenne 

et al. [39] and Toda-Caraballo et al. [21] require a low value of line tension to reproduce 

experimentally measured CRSSs. This is an intriguing result and its physical implications 

are worth further exploration.  
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4.2.3. Mean-square atomic displacement (MSAD) 

Mean-square atomic displacement (MSAD), which is a measure of the average 

displacements of the constituent atoms from the ideal FCC lattice positions, has been 

shown to correlate with the 0 K CRSS of FCC HEAs and MEAs [16,22]. Fig. 9(a) 

charts the square root of MSAD normalized by the Burgers vector for each of the 

constituent elements along with their averaged values for the different equiatomic alloys. 

The contribution to the averaged MSAD follows the order Cr>Mn>Fe>Co>Ni, that is, 

alloys containing Cr have higher MSADs. Cr also plays an important role in 

strengthening these alloys, as shown previously in Fig. 8(a). We therefore plotted the 0 

K CRSS normalized by shear modulus μ as a function of the square root of the averaged 

MSAD normalized by the magnitude of Burges vector in Fig. 9(b). The 0 K shear 

moduli were obtained by extrapolating the temperature-dependent shear moduli 

reported by Laplanche et al. [49,50]. A good linear relationship spanning a relatively 

wide range of compositions is observed, indicating that MSAD is a reasonable scaling 

factor to predict solid solution hardening in FCC HEA and MEAs. The plotted data 

points for the equiatomic Cr-Fe-Ni and Fe-Co-Ni MEAs (which lie off the line) may be 

affected by their magnetic properties, because we calculated MSAD at 0 K without 

considering the magnetic moment (i.e., in the non-magnetic state), while the 

experimental CRSS at 0 K is obtained by extrapolation from higher temperatures where 

magnetic properties play a role. A paramagnetic-antiferromagnetic transition is reported 

to occur in the Cr-Fe-Ni MEA [51], while a paramagnetic-ferromagnetic transition is 

observed in the Fe-Co-Ni MEA [50]. This may explain the relatively large deviation of 

these two alloys from the linear MSAD fit. 

The linear relation between the 0 K CRSSs and MSADs when normalized 

respectively by the shear modulus and the magnitude of Burgers vector can be 

expressed as,  
1 2

0

/MSAD
C

b




  (15) 

For the present equiatomic HEA and MEAs, the constant C is determined to be 0.091. 

This is very close to the value (C=0.094) determined for non-equiatomic 

Cr-Mn-Fe-Co-Ni HEAs [9], indicating that MSAD is a reasonable scaling factor to 

predict solid solution hardening in FCC HEA and MEAs, regardless of the number of 

constituent elements. 

 

4.3. Dislocation inertial effects 

The dislocation inertial effects have been attributed to the decrease in the frictional 

(damping) coefficient, B. In general, the frictional coefficient is believed to comprise 

three terms, Be, Bp, and Br due to conduction electrons, phonons and radiation of acoustic 

waves, respectively. Be is temperature-independent in the ‘normal’ state but it drops 

substantially in the superconducting state below the transition temperature. This has been 

reported to be one of the reasons for the inertial effects in some FCC pure metals and 

alloys below 1-2 K [37]. However, as the lowest temperature employed in the present 

study was only 9 K, this effect can be ruled out here. Br is usually estimated to be several 

tenths of Be and is temperature-independent as suggested by Schwarz et al. [52]; it can 

therefore also be ignored. That leaves a decrease in Bp at cryogenic temperatures as the 

most plausible reason for the inertial effects observed in the present alloys. Bp can be 

calculated at low temperatures by the following equation [53] 
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2
2

B D
P 2 3

s D

14 4. k T T
B



  

 
  

 
 (16) 

where kB is the Boltzmann constant, ωD the Debye frequency, θD the Debye temperature, 

and υs the sound velocity. For FCC crystals, θD and ωD are given by [54] 
1 3

2

D s

B

6
/

h

k M

 
 

 
  

 
; B D

D

k

h


    (17) 

where ρ is the alloy density, M the atomic weight, and h the Planck constant. υs can be 

estimated by [54] 

 s

K
f 


  (18) 

where K is the bulk modulus, ν is the Poisson ratio and f(ν) is 

 
 

 

 

1 3
3 2 3 2

2 11 1
2

3 3 1 3 1 2

/
/ /

f



 



       
      

        

 (19) 

Using the elastic constants reported by Laplanche et al. [50], the phonon drag coefficient 

Bp was estimated as a function of temperature below 300 K, and the results are shown in 

Fig. 10(a). Bp decreases significantly with decreasing temperature especially below 100 

K. Schwarz et al. [52] proposed that the critical drag coefficient (Bc) for the 

manifestation of dislocation inertial effects is 

 

 

1 2
1 2

0 0
c 1 2

0

6

1 3

/
/

/

f m c / f
B

b c / f





 
  

  

 (20) 

where Γ is the line tension of dislocations, m is the dislocation mass per unit length, f0 is 

the normalized strength of obstacles, c is the solute concentration, and λ is a constant 

(2.5). For the equiatomic Cr-Mn-Fe-Co-Ni HEA, since all constituents are 20 at.% each, 

c=0.2 and Bc can be estimated to be about 1.510
-5

 Pa·s. Given that the temperature 

independent Be~110
-5

 Pa·s and Br=Bc/16 [55,56], the critical Bpc at which the 

dislocation inertial effects may be expected to occur is ~410
-6

 Pa·s. Consistent with 

this, Bp decreases to ~410
-6

 Pa·s at around 90 K in the Cr-Mn-Fe-Co-Ni HEA (Fig. 

10(a)), which is close to the temperature (77 K) below which a dulling of the 

temperature dependence and strain-rate sensitivity of CRSS is observed.  

The phonon drag coefficients (Bp) of the elements Cr, Mn, Fe, Co, and Ni are 

plotted as a function of temperature in Fig. 10(b), from which it can be seen that Cr and 

Mn exhibit the lowest and highest Bp, respectively. Assuming a rule of mixtures, this 

suggests Bp may decrease with increasing Cr content and increase with increasing Mn 

content in alloys of the Cr-Mn-Fe-Co-Ni system. Therefore, the critical phonon-drag 

coefficient Bpc (at which inertial effects are manifested) occurs at higher temperatures in 

alloys containing Cr than in those containing Mn. This may also be one of the reasons 

for the fact that the degree of inertial effects becomes less prominent in Cu-Al alloys 

with increasing Al content [35], since Al has a higher phonon drag coefficient (2010
-5

 

Pa·s) than Cu (1.610
-5

 Pa·s) at 100 K. 
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4.4. Portevin-Le Chatelier effect 

Portevin-Le Chaterlier (PL) effect is believed to arise from the interaction between 

solute atoms and moving dislocations in solid-solution alloys. The chemical attraction of 

solute atoms to stacking faults (SFs) in FCC alloys, the Suzuki effect, is usually believed 

to be responsible for the occurrence of PL effect. The postulated mechanism involves 

solutes that decrease the energy of SFs segregating there and hindering dislocation 

motion. Accordingly, Cr and Co, which decrease SF energy [9], must enhance the PL 

effect in the present alloys. To check whether the dissociation width between two-coupled 

partial dislocations increases or not, [123]-oriented single crystals of the equiatomic 

Cr-Fe-Ni MEA were deformed in compression to about 3% plastic strain at room 

temperature and 1173 K (the peak temperature of yield strength increase at which 

serrations are intensively observed). After compression testing at 1173 K, the optical 

furnace was immediately turned off and removed from the testing machine so that the 

specimens could be cooled as quickly as possible (down to below 473 K within ~15 s) in 

vacuum. We wish to make it clear that we did not aim to measure the SFE at 1173 K (this 

should be done by in-situ observations) but to investigate whether Suzuki effect occurs or 

not when the specimen is deformed at 1173 K (the peak temperature of yield strength 

increase at which serrations are intensively observed) in the Cr-Fe-Ni MEA. We believe 

that if the Suzuki segregation occurs during the high temperature deformation, most of 

the segregated solutes in the SFs cannot de-segregate and diffuse back into the FCC 

matrix due to the energy penalty of de-segregation and the quick decay in atomic 

diffusion during the above cooling process. After deformation at both room temperature 

(Fig. 11(a)) and 1173 K (Fig. 11(b)), dislocations are clearly observed to dissociate into 

two Shockley partial dislocations. The dissociation widths are measured in Figs. 11(c) 

and 11(d) as a function of angle between the Burgers vector and dislocation line. No 

particular variation in dissociation width at the same character is observed even after 

deformation at the peak temperature 1173 K when compared with that at room 

temperature. Consequently, the estimated stacking fault energy fitted with the equation 

based on isotropic theory 32±6 mJ/m
2
 is essentially the same as that obtained from the 

specimen deformed at room temperature, indicating that no significant segregation of Cr 

to the stacking fault occurs during serrated flow at high temperatures. This may suggest 

that the Suzuki effect (i.e., segregation of Cr (and Co) to the stacking fault) is not the 

origin for the PL effect. On the other hand, the increase in CRSS is found to be positively 

correlated with Mn and/or Fe content (Figs. 3(c), 3(d) and 3(e)), which are known to 

increase rather than decrease the SF energy of these alloys. In addition, Mn is reported to 

be the fastest diffuser in the Cr-Mn-Fe-Co-Ni HEA [57–59]. These features suggest that 

the Cottrell effect through the elastic interaction between solutes and dislocations, instead 

of the Suzuki effect, may be causing the PL effect, although the Suzuki effect cannot be 

summarily ruled out in the absence of direct evidence. In the following, we estimate the 

magnitude of dragging stress for dislocations assuming that the Cottrell effect is 

responsible for the PL effect. According to Sakamoto [60], the dragging stress (τd) due to 

the Cottrell atmosphere in highly concentrated solid-solutions is given by 

 
1

12

2

d

B i

1 1 2
ln 0 29 0 16

2

c c A .
. .

k Ta b

  
  

 


   

    
   

 (21) 

where A=(1+ν)μbΔVn/3π(1-v), ΔVn is the misfit volume between solute and solvent atoms, 

ai (= b) is the lattice constant of the imaginary lattice moving with the gliding 

dislocation, 3 2b /   is the volume of the lattice, Λ=υai/D, υ is the dislocation 
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motion velocity, and D is the diffusion coefficient. Dislocation velocity can be estimated 

from the Orowan equation ( m b  & , where & is the shear strain rate, and ρm is the 

mobile dislocation density). The calculated values of τd for the present HEA and MEAs 

are tabulated in Table 4 together with the experimental Δτ values. The experimental Δτ 

values are plotted in Fig. S4 as a function of the calculated τd values, showing a nice 

agreement between the two values except for an underestimation for the Mn-Fe-Ni 

MEA. Note that not just the individual element concentrations but also the specific 

combination of constituent elements affects the dragging force, as the misfit volume 

between solute and solvent atoms varies from alloy to alloy even for a particular solute 

element. For example, the Mn and Fe concentrations are higher in equiatomic Mn-Fe-Ni 

than in equiatomic Mn-Co-Ni, but the misfit volume between Mn and the effective 

matrix atoms is much smaller in the former alloy based on the results of Varvenne et al. 

[39], resulting in a lower calculated τd for the Mn-Fe-Ni alloy. Additionally, we used the 

diffusion coefficient D of Mn and Fe obtained in the equiatomic Cr-Mn-Fe-Co-Ni HEA 

to calculate the τd values for the Mn-Fe-Co-Ni, Cr-Mn-Co-Ni, Mn-Fe-Ni and Mn-Co-Ni 

MEAs due to the lack of experimental diffusion data for these MEAs from literatures. 

However, the diffusion behavior of a particular element usually varies with the matrix. 

In particular, Mn is reported to diffuse more slowly in Fe than in Co [57]. This implies 

that Mn may diffuse more slowly in the Mn-Fe-Ni MEA than in the Mn-Co-Ni MEA. 

According to Eq. (21), the calculated τd is negatively correlated with the diffusion 

coefficient D, thus assuming a high diffusion coefficient will result in a lower calculated 

τd. This may be also one of the reasons for the underestimation of the τd value in the 

Mn-Fe-Ni MEA. In short, the model manifests itself the capability of semi-quantifying 

the τd value due to PL effect in substitutional solid-solutions but its accuracy in the 

prediction depends much on materials parameters, especially the misfit volume and 

diffusion coefficient, both of which differ significantly from research group to research 

group in the studies of HEA and MEAs. We then tend to believe that the Cottrell effect 

is supposed to be, at least, one of the main reasons for the PL effect in the present HEA 

and MEAs. Note that the possibility of the occurrence of Suzuki effect is not denied 

without direct evidence, and this is currently under investigation by in-situ TEM 

observation and atom probe tomography in our group. 

 

5. Conclusions  

The temperature-dependent plastic deformation behaviors of [123]-oriented single 

crystals of quaternary and ternary equiatomic MEAs of the Cr-Mn-Fe-Co-Ni system were 

investigated in compression in the temperature range 9 K to 1373 K and compared to 

earlier results obtained on single crystals of the equiatomic HEA Cr-Mn-Fe-Co-Ni, and 

the equiatomic MEAs Cr-Fe-Co-Ni and Cr-Co-Ni. The following conclusions were 

reached.  

  

(1) All alloys exhibit similarly shaped CRSS vs. T curves, although the magnitude of 

CRSS at any given temperature varies significantly from alloy to alloy. 

(2) CRSS increases rapidly with decreasing temperature below room temperature 

accompanied by a dulling of the temperature dependence of CRSS at temperatures 

below 77 K due to dislocation inertial effects arising from the decrease in phonon 

drag coefficient. Cr has the strongest effect on this dulling and Mn the weakest. 

(3) CRSS increases moderately at high temperatures above 673 K~873 K due to the 

Portevin-Le Chaterlier (PL) effect through elastic dislocation-solute attraction. The 
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CRSS increase due to the PL effect is found to be greatest for Mn and Fe.  

(4) The apparent activation volumes for deformation of the present alloys can be well 

described by the conventional theory of thermally activated dislocation motion in 

dilute FCC alloys. Those alloys containing Cr exhibit stronger dislocation glide 

resistance, and thus lower apparent activation volumes; consistent with this, they 

exhibit stronger temperature dependences of CRSS compared to alloys without Cr. 

The stress-equivalence originally proposed for binary FCC alloys appears to hold 

for the present MEAs, although only in a crude sense. 

(5) The CRSSs at 0 K show good linear correlation with the square root of the averaged 

MSADs of the equiatomic Cr-Mn-Fe-Co-Ni HEA and the equiatomic, quaternary 

and ternary MEAs based on the same constituent elements. This suggests that 

MSAD is a good scaling factor to predict CRSS in highly concentrated 

solid-solution alloys. 

 

Acknowledgements 

This work was supported by Grant-in-Aids for Scientific Research on Innovative 

Areas on High Entropy Alloys through the grant number JP18H05450 and JP18H05451, 

in part by JSPS KAKENHI (grant numbers JP18H05478, JP21H01651, JP21K18825 and 

JP22H00262), the Elements Strategy Initiative for Structural Materials (ESISM) from the 

Ministry of Education, Culture, Sports, Science and Technology (MEXT) of Japan (grant 

number JPMXP0112101000), JST CREST (grant number JPMJCR1994), and JST Spring 

(grant number JPMJSP2110).  

 

Reference 

[1]  Cantor B, Chang ITH, Knight P, et al. Microstructural development in equiatomic 

multicomponent alloys. Mater Sci Eng A. 2004;375–377:213–218. DOI: 

10.1016/j.msea.2003.10.257. 

[2]  Yeh J-W, Chen S-K, Lin S-J, et al. Nanostructured High‐Entropy Alloys with 

Multiple Principal Elements: Novel Alloy Design Concepts and Outcomes. Adv 

Eng Mater. 2004;6:299–303. DOI: 10.1002/adem.200300567. 

[3]  Miracle DB, Senkov ON. A critical review of high entropy alloys and related 

concepts. Acta Mater. 2017;122:448–511. DOI: 10.1016/j.actamat.2016.08.081. 

[4]  George EP, Raabe D, Ritchie RO. High-entropy alloys. Nat Rev Mater. 

2019;4:515–534. DOI: 10.1038/s41578-019-0121-4. 

[5]  Inui H, Kishida K, Chen Z. Recent Progress in Our Understanding of Phase 

Stability, Atomic Structures and Mechanical and Functional Properties of 

High-Entropy Alloys. Mater Trans. 2022;63:394–401. DOI: 

10.2320/matertrans.MT-M2021234. 

[6]  Li Z, Pradeep KG, Deng Y, et al. Metastable high-entropy dual-phase alloys 

overcome the strength–ductility trade-off. Nature. 2016;534:227–230. DOI: 

10.1038/nature17981. 

[7]  Wei D, Li X, Schönecker S, et al. Development of strong and ductile metastable 

face-centered cubic single-phase high-entropy alloys. Acta Mater. 2019;181:318–

330. DOI: 10.1016/j.actamat.2019.09.050. 

[8]  Wang Z, Li L, Chen Z, et al. A new route to achieve high strength and high 

ductility compositions in Cr-Co-Ni-based medium-entropy alloys: A predictive 

model connecting theoretical calculations and experimental measurements. J 

Alloys Compd. 2023;959:170555. DOI: 10.1016/j.jallcom.2023.170555. 



 

15 

 

[9]  Fan Z, Li L, Chen Z, et al. Temperature-dependent yield stress of single crystals of 

non-equiatomic Cr-Mn-Fe-Co-Ni high-entropy alloys in the temperature range 

10-1173 K. Acta Mater. 2023;246:118712. DOI: 10.1016/j.actamat.2023.118712. 

[10]  Garcia Filho FDC, Ritchie RO, Meyers MA, et al. Cantor-derived 

medium-entropy alloys: bridging the gap between traditional metallic and 

high-entropy alloys. J Mater Res Technol. 2022;17:1868–1895. DOI: 

10.1016/j.jmrt.2022.01.118. 

[11]  Yin B, Yoshida S, Tsuji N, et al. Yield strength and misfit volumes of NiCoCr and 

implications for short-range-order. Nat Commun. 2020;11:2507. DOI: 

10.1038/s41467-020-16083-1. 

[12]  Zhang R, Zhao S, Ding J, et al. Short-range order and its impact on the CrCoNi 

medium-entropy alloy. Nature. 2020;581:283–287. DOI: 

10.1038/s41586-020-2275-z. 

[13]  Li L, Chen Z, Kuroiwa S, et al. Evolution of short-range order and its effects on the 

plastic deformation behavior of single crystals of the equiatomic Cr-Co-Ni 

medium-entropy alloy. Acta Mater. 2023;243:118537. DOI: 

10.1016/j.actamat.2022.118537. 

[14]  Zhang Z, Sheng H, Wang Z, et al. Dislocation mechanisms and 3D twin 

architectures generate exceptional strength-ductility-toughness combination in 

CrCoNi medium-entropy alloy. Nat Commun. 2017;8:14390. DOI: 

10.1038/ncomms14390. 

[15]  Wu Z, Bei H, Pharr GM, et al. Temperature dependence of the mechanical 

properties of equiatomic solid solution alloys with face-centered cubic crystal 

structures. Acta Mater. 2014;81:428–441. DOI: 10.1016/j.actamat.2014.08.026. 

[16]  Inui H, Kishida K, Li L, et al. Uniaxial mechanical properties of face-centered 

cubic single- and multiphase high-entropy alloys. MRS Bull. 2022;47;168–174. 

DOI: 10.1557/s43577-022-00280-y. 

[17]  Wu Z, Bei H, Otto F, et al. Recovery, recrystallization, grain growth and phase 

stability of a family of FCC-structured multi-component equiatomic solid solution 

alloys. Intermetallics. 2014;46:131–140. DOI: 10.1016/j.intermet.2013.10.024. 

[18]  Kawamura M, Asakura M, Okamoto NL, et al. Plastic deformation of single 

crystals of the equiatomic Cr−Mn−Fe−Co−Ni high-entropy alloy in tension and 

compression from 10 K to 1273 K. Acta Mater. 2021;203:116454. DOI: 

10.1016/j.actamat.2020.10.073. 

[19]  Li L, Chen Z, Kuroiwa S, et al. Tensile and compressive plastic deformation 

behavior of medium-entropy Cr-Co-Ni single crystals from cryogenic to elevated 

temperatures. Int J Plast. 2022;148:103144. DOI: 10.1016/j.ijplas.2021.103144. 

[20]  Li L, Chen Z, Yuge K, et al. Plastic deformation of single crystals of the 

equiatomic Cr-Fe-Co-Ni medium entropy alloy – A comparison with 

Cr-Mn-Fe-Co-Ni and Cr-Co-Ni alloys. Int J Plast. 2023;169:103732. DOI: 

10.1016/j.ijplas.2023.103732. 

[21]  Toda-Caraballo I, Rivera-Díaz-del-Castillo PEJ. Modelling solid solution 

hardening in high entropy alloys. Acta Mater. 2015;85:14–23. DOI: 

10.1016/j.actamat.2014.11.014. 

[22]  Okamoto NL, Yuge K, Tanaka K, et al. Atomic displacement in the CrMnFeCoNi 

high-entropy alloy – A scaling factor to predict solid solution strengthening. AIP 

Adv. 2016;6:125008. DOI: 10.1063/1.4971371. 

[23]  Schneider M, Laplanche G. Effects of temperature on mechanical properties and 



 

16 

 

deformation mechanisms of the equiatomic CrFeNi medium-entropy alloy. Acta 

Mater. 2021;204:116470. DOI: 10.1016/j.actamat.2020.11.012. 

[24]  Zunger A, Wei S-H, Ferreira LG, et al. Special quasirandom structures. Phys Rev 

Lett. 1990;65:353–356. DOI: 10.1103/PhysRevLett.65.353. 

[25]  Kresse G, Furthmüller J. Efficient iterative schemes for ab initio total-energy 

calculations using a plane-wave basis set. Phys Rev B. 1996;54:11169–11186. 

DOI: 10.1103/PhysRevB.54.11169. 

[26]  Abuzaid W, Sehitoglu H. Critical resolved shear stress for slip and twin nucleation 

in single crystalline FeNiCoCrMn high entropy alloy. Mater Charact. 

2017;129:288–299. DOI: 10.1016/j.matchar.2017.05.014. 

[27]  Wu Z, Gao YF, Bei H. Single crystal plastic behavior of a single-phase, 

face-center-cubic-structured, equiatomic FeNiCrCo alloy. Scr Mater. 

2015;109:108–112. DOI: 10.1016/j.scriptamat.2015.07.031. 

[28]  Abuzaid W, Patriarca L. A study on slip activation for a coarse-grained and single 

crystalline CoCrNi medium entropy alloy. Intermetallics. 2020;117:106682. DOI: 

10.1016/j.intermet.2019.106682. 

[29]  Gali A, George EP. Tensile properties of high- and medium-entropy alloys. 

Intermetallics. 2013;39:74–78. DOI: 10.1016/j.intermet.2013.03.018. 

[30]  Kocks UF, Argon AS, Ashby MF. Thermodynamics and Kinetics of Slip. Prog 

Mater Sci. First edit. 1975;19:1–291. 

[31]  Wille TH, Schwink C. Precision measurements of critical resolved shear stress in 

CuMn alloys. Acta Metall. 1986;34:1059–1069. DOI: 

10.1016/0001-6160(86)90216-6. 

[32]  Wille TH, Gieseke W, Schwink CH. Quantitative analysis of solution hardening in 

selected copper alloys. Acta Metall. 1987;35:2679–2693. DOI: 

10.1016/0001-6160(87)90267-7. 

[33]  Okamoto NL, Fujimoto S, Kambara Y, et al. Size effect, critical resolved shear 

stress, stacking fault energy, and solid solution strengthening in the CrMnFeCoNi 

high-entropy alloy. Sci Rep. 2016;6:35863. DOI: 10.1038/srep35863. 

[34]  Pfetzing-Micklich J, Fox F, Thome P, et al. Increasing the friction stress decreases 

the size dependence of strength in a family of face-centered cubic high- and 

medium-entropy alloy micropillars. Mater Sci Eng A. 2023;885:145548. DOI: 

10.1016/j.msea.2023.145548. 

[35]  Suzuki T. On the Studies of Solid Solution Hardening. Jpn J Appl Phys. 

1981;20:449. DOI: 10.1143/JJAP.20.449. 

[36]  Tirunilai AS, Hanemann T, Reinhart C, et al. Comparison of cryogenic 

deformation of the concentrated solid solutions CoCrFeMnNi, CoCrNi and CoNi. 

Mater Sci Eng A. 2020;783:139290. DOI: 10.1016/j.msea.2020.139290. 

[37]  Schwarz RB, Isaac RD, Granato A V. Dislocation Inertial Effects in the Plastic 

Deformation of Dilute Alloys of Lead and Copper. Phys Rev Lett. 1977;38:554–

557. DOI: 10.1103/PhysRevLett.38.554. 

[38]  Moriya T, Suzuki T. Anomalous Plasticity of Alloys at Low Temperatures. J Phys 

Soc Japan. 1987;56:3941–3950. DOI: 10.1143/JPSJ.56.3941. 

[39]  Varvenne C, Luque A, Curtin WA. Theory of strengthening in fcc high entropy 

alloys. Acta Mater. 2016;118:164–176. DOI: 10.1016/j.actamat.2016.07.040. 

[40]  Tsai C-W, Lee C, Lin P-T, et al. Portevin-Le Chatelier mechanism in 

face-centered-cubic metallic alloys from low to high entropy. Int J Plast. 

2019;122:212–224. DOI: 10.1016/j.ijplas.2019.07.003. 



 

17 

 

[41]  Leyson GPM, Curtin WA. Friedel vs. Labusch: the strong/weak pinning transition 

in solute strengthened metals. Philos Mag. 2013;93:2428–2444. DOI: 

10.1080/14786435.2013.776718. 

[42]  Butt MZ, Feltham P. Solid-solution hardening. Acta Metall. 1978;26:167–173. 

DOI: 10.1016/0001-6160(78)90213-4. 

[43]  Butt MZ, Feltham P. Solid-solution hardening. J Mater Sci. 1993;28:2557–2576. 

DOI: 10.1007/BF00356192. 

[44]  Butt MZ. Stress equivalence of solid-solution hardening. J Phys Condens Matter. 

1990;2:5797–5808. DOI: 10.1088/0953-8984/2/26/017. 

[45]  Basinski ZS, Foxall RA, Pascual R. Stress equivalence of solution hardening. Scr 

Metall. 1972;6:807–814. DOI: 10.1016/0036-9748(72)90052-X. 

[46]  Jax P, Kratochvil P, Haasen P. Solid solution hardening of gold and other f.c.c. 

single crystals. Acta Metall. 1970;18:237–245. DOI: 

10.1016/0001-6160(70)90029-5. 

[47]  Labusch R. A Statistical Theory of Solid Solution Hardening. Phys status solidi. 

1970;41:659–669. DOI: 10.1002/pssb.19700410221. 

[48]  Seeger A, Schöck G. The splitting of dislocations in metals with close-packed 

lattices. Acta Metall. 1953;1:519–530. DOI: 10.1016/0001-6160(53)90082-0. 

[49]  Laplanche G, Gadaud P, Horst O, et al. Temperature dependencies of the elastic 

moduli and thermal expansion coefficient of an equiatomic, single-phase 

CoCrFeMnNi high-entropy alloy. J Alloys Compd. 2015;623:348–353. DOI: 

10.1016/j.jallcom.2014.11.061. 

[50]  Laplanche G, Gadaud P, Bärsch C, et al. Elastic moduli and thermal expansion 

coefficients of medium-entropy subsystems of the CrMnFeCoNi high-entropy 

alloy. J Alloys Compd. 2018;746:244–255. DOI: 10.1016/j.jallcom.2018.02.251. 

[51]  Ledbetter H. Low-temperature magnetic-elastic anomalies in fcc Fe-Cr-Ni alloys. 

Phys B Condens Matter. 1990;161:91–95. DOI: 10.1016/0921-4526(89)90111-7. 

[52]  Schwarz RB, Labusch R. Dynamic simulation of solution hardening. J Appl Phys. 

1978;49:5174–5187. DOI: 10.1063/1.324413. 

[53]  Ninomiya T. Frictional Force Acting on a Dislocation – Fluttering Mechanism –. J 

Phys Soc Japan. 1974;36:399–405. DOI: 10.1143/JPSJ.36.399. 

[54]  Chen Q, Sundman B. Calculation of debye temperature for crystalline 

structures—a case study on Ti, Zr, and Hf. Acta Mater. 2001;49:947–961. DOI: 

10.1016/S1359-6454(01)00002-7. 

[55]  Granato A V. Dislocation Inertial Effects in the Plasticity of Superconductors. 

Phys Rev B. 1971;4:2196–2201. DOI: 10.1103/PhysRevB.4.2196. 

[56]  Hikata A, Elbaum C. Ultrasonic Attenuation in Normal and Superconducting Lead; 

Electronic Damping of Dislocations. Phys Rev Lett. 1967;18:750–752. DOI: 

10.1103/PhysRevLett.18.750. 

[57]  Tsai K-Y, Tsai M-H, Yeh J-W. Sluggish diffusion in Co–Cr–Fe–Mn–Ni 

high-entropy alloys. Acta Mater. 2013;61:4887–4897. DOI: 

10.1016/j.actamat.2013.04.058. 

[58]  Vaidya M, Trubel S, Murty BS, et al. Ni tracer diffusion in CoCrFeNi and 

CoCrFeMnNi high entropy alloys. J Alloys Compd. 2016;688:994–1001. DOI: 

10.1016/j.jallcom.2016.07.239. 

[59]  Vaidya M, Pradeep KG, Murty BS, et al. Bulk tracer diffusion in CoCrFeNi and 

CoCrFeMnNi high entropy alloys. Acta Mater. 2018;146:211–224. DOI: 

10.1016/j.actamat.2017.12.052. 



 

18 

 

[60]  Sakamoto M. Diffusion Equation and Cottrell Atmosphere Dragging of Edge 

Dislocation in High Concentration Solid Solutions. Mater Trans JIM. 

1989;30:337–344. DOI: 10.2320/matertrans1989.30.337. 



 

19 

 

Table 1. Single crystal growth methods, homogenization temperatures and chemical 

compositions (in atomic percentage) after homogenization of the equiatomic alloys 

investigated in this study.  

 

 

 

 

Equiatomic 

alloys 

Single 

crystal 

growth 

method 

Homogenization 

temperature 

(K) 

Cr Mn Fe Co Ni 

CrMnFeCoNi
[18] 

Bridgman 1473 20.39 19.81 19.79 19.95 20.06 

MnFeCoNi Bridgman 1273 - 26.61 24.51 24.34 24.54 

CrMnCoNi Bridgman 1273 26.91 24.74 - 24.90 23.45 

MnFeNi Bridgman 1273 - 32.09 35.61 - 32.30 

MnCoNi Bridgman 1273 - 32.09 - 34.44 33.47 

CrFeCoNi
[19] Floating 

zone 
1473 25.11 - 24.83 25.32 24.74 

CrCoNi
[20] Floating 

zone 
1473 33.65 - - 33.22 33.13 

CrFeNi 
Floating 

zone 
1473 33.82 - 34.03 - 32.15 

FeCoNi 
Floating 

zone 
1473 - - 33.44 33.49 33.07 
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Table 2. CRSSs at 77 K (liquid nitrogen temperature) (τLN) and room temperature (τRT) of 

single crystals of the quinary, equiatomic HEA Cr-Mn-Fe-Co-Ni and its equiatomic 

quaternary and ternary MEAs. Data for single crystals of the equiatomic Cr-Mn-Fe-Co-Ni, 

Cr-Fe-Co-Ni and Cr-Co-Ni are from the indicated references. CRSS of polycrystals are all 

deduced from the yield strengths in Ref. [15] and other indicated references by dividing 

them by the Taylor factor of 3.06. 

  

 Single crystals
 

Polycrystals
[15] 

Equiatomic 

alloys 

τLN 

(MPa) 

τRT 

(MPa) 
τLN/τRT 

τLN 

(MPa) 

τRT 

(MPa) 
τLN/τRT 

CrMnFeCoNi
 

109
[18] 

43
[18]

 2.53 
126

[26] 
62

[26]
 2.03 

153
[26] 

56
[26]

 2.73 

MnFeCoNi 84 44 1.91 98 58 1.69 

CrMnCoNi 142 71 2.00 164 92 1.77 

CrFeCoNi
 

102
[20] 

44
[20]

 2.32 
156 91 1.72 

96
[25] 

41
[25] 

2.34 

CrCoNi
 

133
[19] 

60
[19] 

2.22 
168 99 1.69 

157
[27]

 78
[27] 

2.01 

CrFeNi 111 50 2.22 126
[23] 

57
[23] 

2.21 

MnFeNi 104 52 2.00 120 75 1.61 

MnCoNi 98 53 1.85 121 75 1.61 

FeCoNi 95 49 1.94 112 70 1.60 
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Table 3. The experimental 0 K CRSS values for single crystals of the quinary HEA and its 

derivative quaternary and ternary equiatomic alloys determined by fitting the 

SS-temperature curves to Eq. (1) from which the optimal parameters (1/p and 1/q) were 

obtained. Results for equiatomic Cr-Mn-Fe-Co-Ni, Cr-Fe-Co-Ni and Cr-Co-Ni are from 

previous studies [18-20]. 

 Single crystals 
Polycrystals

[15,16,23,2

6]
 

Equiatomic 

alloys 

τ0 

(MPa

) 

Δτ0 

(MPa

) 

Tc 

(K

) 

Ta 

(K

) 

τath 

(MPa

) 

τth 

(MPa

) 

1/q 1/p 

σ0 

(MPa

) 

1/q 1/p 

CrMnFeCo

Ni 
197 41 77 

87

3 
18.7 154.8 

0.5

8 

2.7

0 
525 0.87 2.44 

MnFeCoNi 124 7 50 
77

3 
27.1 96.5 

0.6

7 

2.1

9 
375 0.86 2.17 

CrMnCoNi 253 48 77 
77

3 
31.5 221.4 

0.5

0 

1.8

6 
650 0.89 2.44 

CrFeCoNi 200 48 77 
87

3 
18.1 181.8 

0.5

0 

2.2

0 
641 0.85 2.70 

CrCoNi 225 56 62 
87

3 
27.8 197.2 

0.6

6 

2.6

7 
661 0.90 2.70 

CrFeNi 199 47 77 
87

3 
16.6 182.6 

0.5

1 

1.9

9 
626 0.73 2.62 

MnFeNi 150 25 60 
77

3 
36.3 114.2 

0.7

3 

2.3

2 
448 0.94 2.63 

MnCoNi 138 21 77 
87

3 
35.8 102.0 

0.6

7 

2.2

7 
466 0.91 2.70 

FeCoNi 132 15 77 
87

3 
15.9 116.5 

0.7

7 

2.2

3 
418 0.94 2.33 
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Table 4. The increase in CRSS, starting temperature and peak temperature related to PL 

effect for equiatomic quinary Cr-Mn-Fe-Co-Ni HEA and its derivative quaternary and 

ternary alloys. The melting temperatures for these alloys are also listed. 

 

Δτ 

(MPa

) 

τd 

(MPa

) 

cMn cFe 

Starting 

temperatur

e (Ts)(K) 

Peak 

temperatur

e 

(K) 

Melting 

temperature
[15,

23] 

(Tm)(K) 

Ts/T

m 

CrMnFeCo

Ni 
4.2 3.23 

0.2

0 

0.2

0 
873 1273 1553 0.56 

MnFeCoNi 5.5 6.78 
0.2

5 

0.2

5 
673 1073 1533 0.44 

CrMnCoNi 1.5 4.33 
0.2

5 

0.0

0 
773 1173 1489 0.52 

CrFeCoNi 2.0 0.26 
0.0

0 

0.2

5 
873 1273 1695 0.52 

CrCoNi 1.8 0.00 
0.0

0 

0.0

0 
873 1173 1690 0.52 

CrFeNi 3.0 0.10 
0.0

0 

0.3

3 
873 1173 1666 0.52 

MnFeNi 11.4 3.94 
0.3

3 

0.3

3 
673 1073 1473 0.46 

MnCoNi 3.9 7.28 
0.3

3 

0.0

0 
773 1073 1462 0.53 

FeCoNi 1.9 0.50 
0.0

0 

0.3

3 
973 1173 1724 0.56 
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Table 5. The apparent activation volumes at 0 K, 77 K (liquid nitrogen temperature, 

VLN) and room temperature for single crystals of the quinary HEA and its derivative 

quaternary and ternary equiatomic alloys.  

 
cCr cMn V0 (b

3
) VLN (b

3
) VRT (b

3
) 

CrMnFeCoNi
[18]

 0.20 0.20 23 40 234 

MnFeCoNi 0.00 0.25 47 62 268 

CrMnCoNi 0.25 0.25 21 37 190 

CrFeCoNi
[20]

 0.25 0.00 22 40 249 

CrCoNi
[19]

 0.33 0.00 20 36 131 

CrFeNi 0.33 0.00 19 34 251 

MnFeNi 0.00 0.33 45 71 277 

MnCoNi 0.00 0.33 38 51 259 

FeCoNi 0.00 0.00 34 55 257 
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