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A B S T R A C T

A connection between the effects of solute hydrogen (H) on macroscopic flow stress and microscopic dislocation 
mobility has been a subject for understanding the plastic flow behavior of H-charged austenitic steels and other 
face-centered cubic (FCC) alloys. In this study, we try to solve this problem by examining the room temperature 
creep of a Fe-24Cr-19Ni-based Type310S austenitic stainless steel uniformly charged with 9000 at ppm solute H 
in a pressurized gaseous H2 environment. Stress-dip test to decompose the flow stress into effective (thermal) and 
internal (athermal) stresses, as well as a brief analysis of dislocation structure development in deformed un
charged and H-charged samples by electron channeling contrast imaging and hardness measurement, were 
supplementally employed. It is emphasized that solute H atoms consistently act as short-range obstacles hin
dering the movement of dislocations and thereby causes significant solid solution-hardening. Nevertheless, two 
opposite H-effects to accelerate and retard the creep rate were macroscopically identified depending on whether 
the stress level applied to H-charged specimens is above or below the flow stress under non-charged condition. 
These newly found, seemingly contradicting phenomena were interpreted based on the stress-dependent change 
of the rate-controlling mechanisms predominating thermally activated dislocation motion. Primary rate- 
controlling obstacles are H atoms themselves when creep acceleration manifests at high stress, while H atoms, 
other alloying elements, and forest dislocations cooperatively work to retard creep under low stress. The po
tential model of dislocation motion under the presence of these multiple obstacle types is finally proposed.

1. Introduction

The flow stress in the plastic deformation of most engineering alloys 
exhibits its dependencies on temperature and time (i.e., strain rate). 
These dependencies have their roots in the glide resistance of crystal 
dislocations to overcome the arrays of multiple obstacle kinds on the slip 
plane, a process aided by thermal vibration: thermally activated motion 
[1–3]. Under a given temperature, thermally activated dislocation mo
tion is evidenced by stress relaxation and creep, i.e., sluggish 
stress-decrease and strain-increase with the time elapsed after strain- 
and stress-holding, respectively [4,5]. In addition to their practical 
importance, these deformation transients have widely been used in the 
studies of rate-controlling mechanisms and obstacle types predominat
ing the plastic deformation in various metallic materials [2,6–12].

The obstacles governing thermally activated dislocation motion have 
a short-range nature with an extent of only a few interatomic distances 
[2,3]. In well-annealed alloys with face-centered cubic (FCC) crystal 
structure, typical short-range obstacles are interstitial/substitutional 

solute atoms, a contribution of which is to cause solid 
solution-hardening in terms of flow stress [10,13–16]. Because of their 
significance in alloy design, the roles of two interstitial elements, car
bon, C, and nitrogen, N, on temperature- and strain rate-dependent 
deformation, as well as on flow stress, have been established in FCC 
alloys and austenitic steels [16–21]. The local isotropic lattice expansion 
around these interstitials [20,22] retards the movement of dislocations 
when dislocations pass through their neighbor or dynamically pinning 
dislocations when the deformation temperature is high enough for 
interstitial diffusion [17–19,23]. Meanwhile, understanding the impact 
of another representative interstitial for engineering alloys, i.e., 
hydrogen (H), remains elusive and incomplete. A reason for this lack of 
understanding is a much more complicated situation for H than C and N 
owing to its tiny atomic size. Indeed, solute H causes only minor lattice 
dilatation [24–26] and exhibits high diffusivity even around room 
temperature [27,28].

Since the 1960s, there has been an ever-continuing debate on 
whether solute H impedes or accelerates thermally activated movement 
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of dislocations in FCC metals and alloys [9,29–36]. Although macro
scopic strengthening (i.e., increases in flow stress and indentation 
hardness) or serrated yielding after H-charging was reported in pure Ni 
[32,37–41], Ni-alloys [33,37,42], FCC high entropy alloys [34,43], and 
austenitic steels [35,36,44–46], a conflicting phenomenon was identi
fied by in-situ tensile experiments in an environmental transmission 
electron microscope (TEM) that H conversely enhances dislocation 
mobility [29,47,48]. Introduction of H2 gas in TEM chamber increased 
the velocity of dislocations [29,49], besides decreases the equilibrium 
distance between dislocations piling-up against grain boundary under a 
given applied stress/strain [47]. These findings in TEM has been 
believed to be an intrinsic effect of diffusible H atmosphere that 
dynamically interacts with moving dislocations, wherein the disloca
tion’s interaction with surrounding obstacles can somehow be weakened 
[29]. However, recent dedicated studies using atomistic simulations 
pose a question about such a specific phenomenon confirmed in the TEM 
approach [50,51]. The macroscopic strengthening in the H-containing 
FCC metals and alloys has sometimes been ascribed to the impact of H on 
the development process of dislocation structures [42,52,53] or 
H-induced propensity for the deformation heterogeneity within local
ized slip bands [31,54–57]. Nevertheless, recent dedicated study on 
single crystalline Type316L steel having various crystallographic tensile 
orientations clarified merely subtle H-impact on their work-hardening 
characteristics [58]. This last fact infers that the strengthening has its 
root on the influence of H on the glide resistance of individual disloca
tions rather than any effects on collective dislocation behaviors partic
ularly in Fe-based austenitic materials.

Amongst this long-standing uncertainty, the authors’ systematic 
stress relaxation studies have substantiated the dislocation-impeding 
effect of solute H, particularly in a Type310S austenitic stainless steel 
[59,60]. Our series of experiments successfully indicated that solute H 
could act as short-range obstacles for moving dislocations, increasing 
matrix frictional resistance similarly to other conventional alloying el
ements. Notably, the authors’ conclusion aligns well with the latest 
crystal plasticity modelling works, where H-induced increase in dislo
cation glide activation energy or drag resistance by H-atmosphere were 
incorporated to reproduce the experimentally obtained stress-strain 
curves [61,62]. Besides, an enhancement of H-induced solid 
solution-hardening by increasing the strain rate also supports thermally 
activatable character of the obstacle H atoms for dislocations [34]. This 
paper is a continuation of our previous works, aiming to establish 
further proof of our statement and build up a new glide process model of 
dislocations in a combined field of solute H and other intrinsic obstacles 
(i.e., alloying elements and forest dislocations). The experimental 
approach is extended to creep deformation in the same alloy, which is 
associated with thermally activated dislocation motion under the in
fluence of solute H.

Considerable creep strain can be observed in austenitic steels even at 
relatively low temperatures (e.g., < 400 K) [63–65]. Relying on this 
material property, Tien and Altstetter evaluated the effect of cathodi
cally charged H on the magnitude and rate of transient creep in a thin 
sheet (~30 μm thickness) of Type310S stainless steel at 328 K [30]. 
Thanks to their efforts, it has been demonstrated that solute H with 15, 
000~47,000 at ppm slowed down the initial creep rate within a short 
time (~30 s), while the deformation sluggishly continued over a longer 
time (~50,000 s) in the H-charged sample. They ascribed the latter fact 
to an increasing mobility of dislocations due to the presence of H [29,47,
48]. Nevertheless, despite the identified longer creep duration, the total 
creep strain in the H-charged specimen was, in most situations, smaller 
than that in the non-charged case [30]. Given that the H-induced 
dislocation-impeding effect found by the present authors [59,60] is a 
universal phenomenon, such a slowly continuing but lesser magnitude 
plasticity can also be viewed as a retardation of creep, where dislocation 
movement is simply delayed due to the presence of newly involved 
obstacles: H. On the other hand, in the nano-indentation experiment 
under a fixed load, Hong et al. recently exhibited clear evidence of an 

increased total creep strain in a Type310S steel after H-charging in a 
pressurized H2 gas [66]. For the progress of our understanding beyond 
these variable past discoveries, one requires a more refined experi
mental framework that provides a holistic view of the macroscale creep 
behavior in H-containing austenitic steels and its interrelation with the 
H-induced change in the latent dislocation mobility.

The present study deals with the room temperature creep of a 
Type310S austenitic steel uniformly charged with 9000 at ppm H under 
systematically controlled stress-strain setups. A primary advantage of 
adopting creep experiment is that it provides plastic deformation 
properties under fixed stress, while stress relaxation [59,60] involves a 
continuous decrease in the driving force for deformation. Such 
simplicity enables us to get more straightforward pictures regarding the 
underlying deformation mechanisms. We found both apparent and 
intrinsic H-effects in accelerating and retarding creep deformation, 
which shows their consistent stress-dependence as clarified by a 
comparative evaluation with a monotonic tensile flow curve. The 
function of solute H was further elaborated by decomposing the flow 
stress into effective and internal stresses, as well as by measuring acti
vation volume as a parameter reflecting predominant rate-controlling 
mechanisms. These overall characteristics were thoroughly interpreted 
based on the concept that H atoms no less act as thermally activatable 
obstacles for dislocations.

2. Methodology

2.1. Material and specimen

A φ20 mm rod of Type310S steel with the composition of Fe- 
24.17Cr-19.11Ni-1.11Mn-0.28Si-0.02C-0.031P-0.001S (mass%) was 
used. The final solution treatment was carried out at 1353 K for 10 min, 
followed by water quenching. Fig. 1(a) shows the initial microstructure 
on the section perpendicular to the rod axis, captured by electron 
backscattered diffraction (EBSD) in a scanning electron microscope 
(SEM), Zeiss SIGMA. The material has randomly oriented equiaxed 
grains with an average grain diameter of 50 μm excluding annealing 
twins. Cylindrical tensile specimens with a diameter of 4 mm and a 
parallel part length of 30 mm (Fig. 1(b)) were machined from the rod 
center, the surfaces of which were mirror-finished by 1 μm diamond 
suspension.

2.2. Charging method and concentration of hydrogen

H-charging was conducted prior to the mechanical tests by exposing 
the specimens to H2 gas environment at 100 MPa and 543 K for 200 h in 
an autoclave. Considering the H diffusivity in Type310S steel at 543 K (e. 
g., 1.0 × 10− 11 m2/s [67]), these charging temperature and time are 
sufficient to achieve a uniform H distribution within the specimen’s 
gauge part [36,68,69]. After the mechanical tests, some cylindrical 
samples with 4 mm length were cut from the specimens subjected to 
creep and stress-dip tests (cf. Section 2.3), the residual H concentration 
of which was measured by thermal desorption spectroscopy (TDS). The 
TDS was conducted by a quadrupole mass spectrometer (HTDS-004, 
R-DEC, Japan) with a heating rate of 200 K/h and a maximum tem
perature of 1073 K. Fig. 1(c) shows the representative H desorption 
profiles during the TDS. The H concentration was 200 at ppm (4 mass 
ppm) for the non-charged specimen and 9000 at ppm (166 mass ppm) 
for the H-charged specimen.

In order to confirm that the observed changes in the flow behavior 
truly stem from the pure effect of solute H, some non-charged specimens 
were heat-treated in air (543 K for 200 h) and mechanically tested as 
well.
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2.3. Mechanical tests

2.3.1. Stepwise creep tests
The creep behaviors of H-charged and non-charged specimens were 

evaluated at multiple stress and strain levels by implementing 1000 s 
load holdings on the way of tensile deformation (Fig. 2(a)). All the tests 
were performed by a screw-driven electromechanical test frame with a 
20 kN load capacity (Shimadzu, AGX-V2) at the temperature of 295±1 
K. The tensile straining was imposed with a constant crosshead speed of 
0.003 mm/s (initial strain rate of 1 × 10− 4/s), followed by an immediate 
change in the controlling mode to a constant load when the stress/strain 
reached the targeted values. A contact-type strain gauge extensometer 
with a 25 mm gauge length was attached to the specimen’s gauge part 
for the strain measurement during the tensile deformation and creep. 
The creep strain in this study was defined as the displacement of the 
extensometer during creep, which is divided by the original distance 
between the edges of the extensometer at the start of each creep phase. 
Nonetheless, the creep strain was sometimes too small (e.g., < 0.01 %) to 
be measured accurately, where electronic noises drowned out the ex
tensometer’s signal. In such a case, the creep strain was approximated as 
the machine crosshead displacement divided by the nominal length of 
the specimen’s parallel part (e.g., when the applied nominal strain 
before creep was 10 %, the parallel part length of 33 mm was used for 
the calculation). As per the references, normal monotonic tensile tests 
without intermediate load holdings were also carried out.

2.3.2. Creep tests with pre-straining or stress-dip
Because of the flow stress increase by solute H, the total strain at the 

start of creep under a given stress is lower for the H-charged specimen 
than for the non-charged specimen. In turn, the starting stress for creep 
is higher for the H-charged specimen under a fixed strain. These dis
crepancies of strain or stress make the interpretation not straightforward 
since the creep behavior is synergistically affected by applied stress and 
strain [63,64,70,71]. To solve this issue, two types of additional tests 
involving pre-straining or prompt stress-dip were performed.

In the first test (Fig. 2(b)), H-charged and non-charged specimens 
were pre-strained to 10 % nominal strain and rapidly unloaded. Then, 
the specimen diameter was re-measured. Stress was successively 
applied, and held for 1000 s. The critical stress at which creep defor
mation starts was detected, in addition to recording the creep strain.

In the second test (Fig. 2(c)), the H-charged specimen was mono
tonically deformed to a targeted strain. Subsequently, rapid partial 
unloading to the level equivalent to the flow stress in a non-charged 
specimen, σf,non, was implemented, followed by 1000 s load holding. 
This procedure was repeated at several different strains. The essence of 
these experiments is to unify both the strain and stress at the start of 
creep for H-charged and non-charged specimens. Hence, the tests in 
Section 2.3.1 provide an apparent H-effect on creep, whereas those in 
this section try to extract the true influence of H.

2.3.3. Decomposition of flow stress
Besides the stress component stemming from thermally activated 

dislocation motion, there exist other contributions to flow stress that are 
independent of temperature and strain rate [2,3,72]. These extra stress 
components are called internal or athermal stress, σi, in contrast to the 
effective stress, σeff, rooted in short-range obstacles (Section 1). σi is 

Fig. 1. (a) Microstructure of the Type310S steel on the plane normal to the rod axis. The image was captured by electron backscattered diffraction (EBSD). The shape 
and dimensions of the cylindrical specimen are depicted in (b), while H desorption profiles from H-charged and non-charged specimens in the TDS measurements are 
shown in (c).

Fig. 2. Schematics of the test procedures implemented in this study. (a) Stepwise creep test, (b) Creep test with pre-strained specimen, (c) Creep test with partial 
unloading, and (d) Successive stress-dip test for the decomposition of stress components.
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further subdivided into non-polarized and polarized components. The 
origin of the former may be an energy required to break away attractive 
junctions between mobile and forest dislocations [73–75]. On the other 
hand, the latter component is caused by long-range repulsive in
teractions between pile-up dislocation groups or the development of 
intragranular-scale heterogeneities in dislocation structures [76–78]. 
This polarized stress component is also designated as back stress, σx, 
accounting for a major part of σi in the case of FCC alloys [78]. Dis
tinguishing the contributions from these individual stress components 
may give us additional insights into the roles of H on creep deformation.

Several methods have been proposed for decomposing these stress 
components using stress relaxation or stress-reduction techniques [72,
79–81]. Here, we employed MacEwen’s method [80], wherein stress-dip 
and subsequent strain-holding are successively implemented (Fig. 2(d)). 
When the applied stress is larger than σi and still includes σeff compo
nent, this effective stress is relaxed via the forward movement of dislo
cations (i.e., movement in the same direction during the tensile 
straining) with the aid of time. Under such circumstances, the material 
exhibits a stress decrease under a fixed strain (forward relaxation). 
Meanwhile, the relaxation ceases, and the direction of time-dependent 
stress transition is eventually reverted due to the backward motion of 
dislocations once the applied stress falls below σx (backward relaxation). 
Such behavior has been well-known as the Bauschinger effect [76,77]. 
Thus, finding the point at which relaxation changes from forward to 
backward (or becomes zero) enables us to roughly distinguish the con
tributions from σeff and σi (σx) to the total flow stress.

In the present study, the successive stress-dip was performed by a 
step of 5 MPa nominal stress, followed by 300 s holding of the machine 
crosshead. This successive stress-dip was implemented at several strain 
levels during the tensile deformation. Note that the stress resolution in 
our experimental set-up was better than 0.02 MPa.

2.4. Microstructural analysis

For a proper interpretation of the H-effects on creep, it is also 
essential to know the significance of H-impacts on the development of 
dislocation structures. Thus, dislocation structures in non-charged and 
H-charged specimens monotonically deformed to 10 % nominal strain (i. 
e., intermediate strain level in the present study) with a strain rate of 1 ×
10− 4/s were analyzed by electron channeling contrast imaging (ECCI) in 

an SEM. The observations were carried out with two-beam diffraction 
conditions in a Zeiss SIGMA SEM operated at 25 kV. The samples with 
their planes parallel to the tensile axis were cut from the deformed 
specimens, the surfaces of which were polished by colloidal SiO2 sus
pension (Struers, OP-S). The crystal orientations of the observed grains 
were analyzed separately by EBSD (Bruker QUANTAX system).

Vickers hardness, HV, of deformed samples were measured for a 
more statistical significance on the magnitude of the development of 
deformation microstructure than local SEM analysis. 1.5 mm-thick disks 
were prepared from the non-charged and H-charged specimens 
deformed to 10 % nominal strain, and some of them were annealed at 
500 K for 120 h to desorb H, i.e., to eliminate the effect of solute H 
themselves (i.e., solid solution-hardening) on the hardness. The HV was 
determined as an average of 20 points measurements with an indenta
tion load of 9.8 N and a holding time of 30 s.

3. Results

3.1. Flow and creep behavior during monotonic deformation

The nominal stress, σN, versus nominal strain, εN, curves of non- 
charged and H-charged specimens in step-wise creep and normal ten
sile tests are shown in Fig. 3(a). The effects of solute H clearly appeared 
as constant increases in yield and flow stress with an extent of almost 50 
MPa. Taken as 0.2 % proof stress, σ0.2, the yield stress was 250 MPa for 
the non-charged specimen, while it was 300 MPa for the H-charged 
specimen. The horizontal parts on the stress-strain curves correspond to 
the 1000 s load-holding and resultant strain by creep deformation, εc. 
Importantly, the stress-strain curves in normal tensile and stepwise 
creep tests coincided well with each other except for the crept parts, 
indicating that the intermediate creep deformation does not signifi
cantly affect the overall stress-strain behavior. The true stress-strain 
curves were derived from the monotonic deformation curves in Fig. 3
(a) and their work-hardening characteristics are analyzed in Fig. 3(b). 
The details of Fig. 3(b) will later be explained in Section 4.1.

Fig. 4 shows the creep strain versus time curves of (a)(c) non-charged 
and (b)(d) H-charged specimens at various stress and strain. Both the 
non-charged and H-charged specimens started to exhibit minute creep 
deformation when the stress reached slightly below their yield stresses, i. 
e., 200 MPa for non-charged and 250 MPa for H-charged specimens, 

Fig. 3. (a) Nominal stress-strain curves of non-charged and H-charged Type310S steel during normal tensile and stepwise creep tests at 295 K. The horizontal parts 
on the solid lines correspond to the creep strain during 1000 s load-holding. (b) work-hardening characteristics during monotonic tensile tests analyzed by the 
method proposed by Mecking and Kocks [82,83] (see Section 4.1 for the interpretation of this diagram).
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respectively. With the increases in applied stress and strain, the amount 
of creep deformation within 1000 s monotonically increased. In the low- 
stress regime around the yield point (e.g., 250 MPa in Fig. 4(a) and (b)), 
the creep strain in the H-charged specimen was rather smaller than that 
in the non-charged specimen. However, the trend was reversed as the 

applied stress and strain escalated, rendering the creep deformation in 
the H-charged specimen larger than that in the non-charged specimen. 
Such an H-effect was profound at the stress of 350~450 MPa and the 
strain of 2~10 % (Fig. 4). These changes in the flow behavior during 
normal tensile and creep tests were not observed in specimens merely 

Fig. 4. Creep curves of (a)(c) non-charged and (b)(d) H-charged specimens in stepwise creep tests (cf. Fig. 2(a) and Fig. 3(a)). The behavior of non-charged and H- 
charged specimens can be compared under some fixed (a)(b) nominal stresses and (c)(d) strains.

Fig. 5. Creep strain versus log-time curves in (a) non-charged and (b) H-charged specimens corresponding to the results shown in Fig. 4(a) and (b). The creep curves 
obeyed logarithmic time law after the initial transition period of about 100 s, the time coefficient of which is plotted as a function of applied nominal stress in 
the insets.
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heat treated in air at 543 K. This demonstrates that the present char
acteristics in H-charged specimens stem from an intrinsic impact of so
lute H rather than any structural changes due to exposure to high 
temperature (Appendix A1). The enhancement of the magnitude and 
rate of creep under a fixed stress or strain condition is reminiscent of 
similar H-impact on the same steel type in the past experiments [30,66].

The data in Fig. 4(a) and (b) were converted into creep strain versus 
log-time curves and reproduced in Fig. 5. After the initial transition 
period of 100~200 s, all the creep curves obeyed a logarithmic time law 
(i.e., εc = αLog(t) + β, where α and β are constants), which is a typical 
behavior of transient creep [84,85]. The time coefficient α, a parameter 
characterizing the creep rate, was determined from the straight part of 
each creep curve and plotted against the applied nominal stress in the 
insets of Fig. 5. (i) Sharp increase of α was identified around the yield 
point, whereas (ii) its escalation became much slower at an intermediate 
stress. (iii) When the stress becomes further greater, α tended to show a 
sharp increase again. α in the H-charged specimen was higher than that 
in the non-charged specimen particularly in the regime (ii), reflecting an 
accelerated creep deformation under the presence of H.

3.2. Creep deformation after pre-straining and stress-dip

The load versus nominal strain curves during the pre-straining to 10 
% (i.e., strain regime where H-effect on the creep was most substantial) 
are depicted in Fig. 6(a). After this pre-straining, stepwise reloading 
with a 1000 s load-holding for each was implemented, as the load-time 
curves are shown in Fig. 6(b). The applied true stresses were within the 
range of 200~420 MPa for the non-charged specimen and 200~460 
MPa for the H-charged specimen. Some representative creep strain-time 
curves at several stress levels are presented in Fig. 6(c) and (d).

The non-charged specimen started to creep at 300~350 MPa (Fig. 6
(c)), a stress level well below the maximum stress during the pre- 
straining (Fig. 6(b)). The creep strain monotonically increased with an 
escalation of applied stress. On the other hand, the H-charged specimen 
also started creeping at an equivalent stress level to the non-charged 
specimen (Fig. 6(d)). The magnitude of creep strain at such low 
stresses was extremely low (<0.01 %), where differences between H- 
charged and non-charged specimens were unclear. However, what 
should be emphasized in Fig. 6 is the creep behavior at the stress levels 

of 400~440 MPa. That is, while the creep deformation gradually 
became substantial in the non-charged specimen, that in the H-charged 
specimen remained smaller until the stress reached 440 MPa. Only when 
the applied stress well exceeded the flow stress in the non-charged 
specimen during its pre-straining, σf,non, significant creep deformation, 
the magnitude of which was greater than that in the non-charged 
specimen, was observed in the H-charged specimen (e.g., at 460 MPa).

Such an inhibitory effect of H on the creep deformation was also 
evidenced by the result of an additional test involving rapid stress-dip 
(Fig. 7). After the stress-reduction toward the almost equivalent level 
with σf,non, the H-charged specimen exhibited considerably small creep 
strain with the order equivalent to those at 350~440 MPa in Fig. 6(d), 
despite significant creep in the non-charged specimen at an identical 
stress-strain conditions. Notably, our systematic experimental frame
work so far successfully discovered stress-dependent antagonistic H-ef
fects on the magnitude and rate of creep deformation at room 
temperature, which has not yet been uncovered in previous studies.

3.3. Flow stress components

The true stress-time curves in successive stress-dip tests are presented 
in Fig. 8. As examples, a part of each curve is magnified and shown in the 
insets, demonstrating that the relaxation direction changed from for
ward to backward at a certain point. These turning points of relaxation 
direction, σi, where some dislocations start backward motion, (or the 
points at which relaxation became zero) were extracted and plotted 
against true strain in Fig. 9. The gap of internal stress, σi, in non-charged 
and H-charged specimens was quite small as compared with the differ
ence in their flow stress. Moreover, internal stress in the H-charged 
specimen is always laid below the flow stress in non-charged specimen. 
This fact means that a major part of the flow stress gap between non- 
charged and H-charged specimens stems from the contribution of so
lute H on the effective stress, σeff.

3.4. Evolution of internal structures

The ECCI micrographs of the dislocation structures in non-charged 
and H-charged specimens deformed to 10 % nominal strain are pre
sented in Fig. 10(a) and (b). These two imaged grains have mutually 

Fig. 6. Creep tests after pre-straining to 10 % nominal strain. (a) and (b) are the applied load-nominal strain curves during pre-straining and load-time curves during 
re-loading, respectively. The creep curves in the load-holding phases during re-loading are depicted in (c) and (d) for non-charged and H-charged specimens.
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similar tensile axes close to <111>-pole in a stereographic triangle, and 
111 diffraction vectors were used for their imaging under two-beam 
conditions. The orientations of diffraction vectors and the traces of 
{111} crystal planes are also included in the micrographs.

No profound differences in the arrangement of dislocations were 
found between non-charged and H-charged specimens. In both cases, 
dislocations were heavily tangled to such a degree that individual 
dislocation lines were hard to be discerned. They exhibited organized 
structures involving dense dislocation walls as well as dislocation cells, 
where walls and cell boundaries were primarily aligned parallel to 
{111} slip planes. These types of dislocation arrangements were 
consistently observed in many parts of the deformed samples.

The absence of any substantial H-effect on the dislocation structure 
evolution under a given strain is more statistically evidenced in the 
Vickers hardness measurement. As shown in Fig. 10(c), the samples with 

10 % nominal strain exhibited an identical hardness within the range of 
error bands regardless of the presence and absence of solute H (for the H- 
charged specimen, all the solute H was desorbed by heating at 500 K 
after deformation (Section 2.4)). Note that the hardness of non-charged 
specimens with 10 % strain remained constant before and after 
annealing at 500 K, while it clearly increased compared with the non- 
deformed sample. This indicates that the heating at 500 K did not 
cause any significant changes and recovery of the deformation 
microstructure.

4. Discussion

The room temperature creep in Type310S steel consistently obeyed a 
logarithmic time law, i.e., εc, = αLog(t) + β, which is a typical behavior 
of transient creep (Fig. 5). With the increases in applied stress and strain, 

Fig. 7. Creep test of the H-charged specimen, which involves partial unloading to the stress level identical to that in the non-charged specimen. After each unloading 
process, the load was held for 1000 s. (a) shows the nominal stress-strain curves in the test, while creep curves during the load-holding are depicted in (b).

Fig. 8. True stress versus time curves of (a) non-charged and (b) H-charged specimens in the successive stress-dip tests. The insets magnify the parts surrounded by 
the rectangles A and B, showing the change of stress relaxation direction from forward to backward.
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the coefficient α exhibited a monotonic increase accompanying three 
distinctive stages (i.e., stages (i)~(iii) in Fig. 5) in both non-charged and 
H-charged specimens. In this section, the origins of these three stages are 
first described apart from the H-effects. Then, the discussion will move 
on to the influence of solute H.

4.1. Stages of room temperature creep

The decay of creep rate similar to the initial transition of α (Stages (i) 
~(ii) in Fig. 5) has been observed in the room temperature creep of 
Type304 and other austenitic stainless steels [64,70,86]. Thus, the 
behavior should not be unique to the present Type310S but rather 
universal in various austenitic steels with similar Fe-Cr-Ni-based 
compositions.

Tendo et al. reported that the shallow slope of the α-stress plot in 
stage (ii) starts to appear at the stress level close to 0.2 % proof stress 
[70]. From this fact, they ascribed the stage (i)-to-(ii) transition to the 
effect of work-hardening. Namely, a prompt increase in dislocation 
density after yielding increases the frequency of dislocation-dislocation 
interactions, shortening the mean free path of individual dislocations 
during the creep. This effect compensates for the influences of increasing 

stress (i.e., driving force for creep deformation) and increasing mobile 
dislocation density (i.e., carriers of plasticity) in stage (ii), although 
these two factors effectively work to enhance the creep rate in stage (i). 
According to the characterization by Feaugas on Type316L steel [78], 
dislocations readily exhibit planar pile-up and multi-slip accompanying 
dislocation junctions between intersecting slip systems at a strain of 
around 1 %. Above this small strain, those dislocations rapidly evolve 
into wall and cell structures like Fig. 10. The long-range repulsive force 
between pile-up dislocations, as well as some extra work required for 
cutting the intersecting forest dislocations [73–75], could retard the 
movement of mobile dislocations in stage (ii).

The α regained its sharp increase in stage (iii) (Fig. 5). This third 
stage might be due to a phenomenon specific to a large plastic strain 
regime such as dynamic recovery [71,82]. Mecking and Kocks enabled 
the identification of the onset of dynamic recovery in polycrystalline 
FCC metals and alloys analogous to the Stage II and Stage III hardening 
in single crystals [82,83]. Their method is to simply plot the product 
between true stress, σ, and work-hardening rate, dσ/dε, against true 
stress, assuming that the stress-strain behavior of the material obeys the 
conventional Voce law. 

σ dσ
dε = σ(θII − θr) (1.a) 

Here, θII is the athermal hardening rate corresponding to the Stage II 
linear hardening in FCC single crystals, and θr is the dynamic recovery 
term that decays the work-hardening rate. In the initial stage of defor
mation, the slope of σ(dσ/dε)-σ plot is solely controlled by θII. On the 
other hand, the slope gradually decreases with an increasing contribu
tion of θr. When there exist significant stress contributions from grain 
boundaries and solutes that are assumed to be independent of strain (i.e., 
they only contribute to the yield stress, σ0.2, as an approximation), eq. 
(1.a) can be modified as: 

(σ − σ0.2)
dσ
dε = (σ − σ0.2)(θII − θr) (1.b) 

Fig. 3(b) shows such (σ− σ0.2)(dσ/dε)-(σ− σ0.2) plots of non-charged 
and H-charged specimens during the normal tensile tests shown in 
Fig. 3(a). After the onset of plastic deformation, the (σ− σ0.2)(dσ/dε) 
linearly increased with a slope, θII. Eventually, the (σ− σ0.2)(dσ/dε)- 
(σ− σ0.2) curves deviated from the linearity and showed concave 
downward owing to an increase of dynamic recovery term, θr. The black 
arrow in Fig. 3(b) indicates the (σ− σ0.2) value approximately corre
sponding to the nominal stresses in the insets of Fig. 5, at which the 
transition from stage (ii) to (iii) commenced. The arrow is well coinci
dent with the points where (σ− σ0.2)(dσ/dε)-(σ− σ0.2) curves deviate 
from θII slope. This coincidence proves that the increase in creep rate in 

Fig. 9. Applied stress and internal stress in non-charged and H-charged spec
imens plotted against true strain. The data were measured by successive stress- 
dip tests (Fig. 8).

Fig. 10. (a)(b) ECCI micrographs of the dislocation structures in (a) non-charged and (b) H-charged specimens deformed to 10 % nominal strain. The tensile axes of 
the imaged grains are shown in the insets. g denotes the diffraction vectors used for imaging. The Vickers hardness of those samples, as well as of as-received material, 
are plotted in (c). The error bars in (c) indicate the standard deviation in 20-point measurements.
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stage (iii) stems from dynamic recovery, counterbalancing the effect of 
work-hardening to retard the creep.

4.2. Apparent and intrinsic effects of solute H on plastic flow

The creep behavior changed drastically when H was involved 
(Sections 3.1 and 3.2). On the other hand, the development of defor
mation microstructure was not significantly affected by H, although 
such confirmation was only made at a strain of 10 % (Fig. 10). The 
invariance of dislocation arrangement reproduces the author’s past re
sults where influences of H on the substructural development in 
Type310S steel was examined more precisely [59,69,87,88]. Our TEM 
observations and careful examinations of work-hardening behavior 
revealed that the influence of H on dislocation structure evolution and 
arrangement is minor. Moreover, the three creep stages (i)~(iii) were 
common in both non-charged and H-charged specimens (Fig. 5). These 
facts indicate again that the influences of solute H on creep stem pri
marily from the increase/decrease in the mobility of individual dislo
cations rather than any changes in their collective behavior. The 
invariance of internal stresses shown in Fig. 9 also supports the absence 
of an H-effect on the dislocation arrangement. Potentially, presently 
found H-impacts on creep behavior would monotonically be amplified 
with an increase in H concentration up to 10,000 at ppm, although only 
one concentration was examined here. Such an expectation can be made 
from an almost linear H concentration-dependence of the magnitude of 
solid solution-hardening by H in this concentration range [35,36].

Beyond the relevant past studies highlighting only the enhancement 
of creep in the H-charged austenitic steels [30,66], Fig. 4 to Fig. 7 enable 

us to draw the following statements to phenomenologically describe the 
two opposite, stress-dependent influences of solute H manifesting 
beyond the yield stress. 

(1) Creep is accelerated in the presence of H at either fixed stress or 
fixed strain.

(2) Creep is retarded in the presence of H when both the strain and 
stress are fixed.

The fact (1) implies an apparent H-effect accelerating the creep. 
However, here we have to remember the description given in Section 
4.1: the rate and magnitude of creep depend on the synergistic contributions 
of applied stress (driving force for creep deformation), mobile dislocation 
density (carrier of plasticity), and work-hardening (obstacles against defor
mation). In this context, the essential role of solute H seems more 
straightforward in the statement (2). That is, while (1) H apparently 
enhances creep when load-holding is implemented during monotonic 
deformation, (2) H can retard creep by decreasing the mobility of in
dividual dislocations. The key and novel experimental finding in the 
present research is that the superficial H-effect (1) appears only when a 
certain stress criterion is satisfied, as discussed in the following sections.

4.3. Rate-controlling processes of creep

At first glance, the retardation of creep by H aligns with our stress 
relaxation experiments [59]. In reference [59], we have intimated that H 
atoms segregated along a dislocation line act as short-range obstacles, 
which are more sensitive to thermal activation than other obstacles 

Fig. 11. Summary of the H-effects on plastic flow: (a)(b) stress-strain curves showing the two distinct regimes for creep under (a) high and (b) low stresses. (c) and 
(d) show the different rate-controlling processes of thermally activated dislocation motion when the applied stress lay within the blue and green regimes in (a) and 
(b), respectively.
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originally involved in the material. As such, it is the effective stress 
required to overcome these newly involved obstacles, H, that causes the 
constant increase in the flow stress (i.e., solid solution-hardening) during 
the tensile test (Fig. 3(a)). Meanwhile, in relation to such solid 
solution-hardening, the superficial H-effect to accelerate the creep 
manifested only when the applied stress well exceeded the flow stress in 
the non-charged specimen, σf,non: blue-shaded area in the illustration in 
Fig. 11(a), where effective stress stemming from solute H is overridden 
on the flow stress of non-charged specimen. We now attempt to ratio
nalize these seemingly contradicting roles of H on creep deformation in 
terms of the stress-dependent change of rate-controlling obstacles.

4.3.1. Obstacle types responsible for creep rate
A physical parameter frequently used to characterize short-range 

obstacles is their activation volume, Va [2,3,7,13]: a product between 
Burgers vector, b, and the area swept by dislocation during its thermal 
activation event. Given that the plastic deformation obeys the 
Arrhenius-type rate equation [1,2], the Va of the rate-controlling ob
stacles for creep can be determined as follows [7]. 

Δγc =

(
kT
θVa

)

ln
(

1+
t

Cc

)

(2) 

where Δγc is the shear strain (i.e., tensile strain multiplied by Taylor 
factor of 3.06), k is Boltzmann constant, T is temperature, θ is work- 
hardening rate (also converted into shear form by assuming Taylor 
factor), t is creep time, and Cc is constant. By fitting the creep curves in 
Fig. 4 with adjustable parameters Va and Cc, Va was calculated in Fig. 12
(a). The appropriate value of θ for eq. (2) can be determined from the 
work-hardening rate immediately before the start of creep or from the 
monotonic tensile deformation curve at a similar strain. However, the 
same procedure is inapplicable to low stress/strain, where plasticity is 
highly inhomogeneous [89] and the slope of the stress-strain curve is 
close to the elastic modulus. Thus, at the stresses below and close to σ0.2, 
θ was approximated by Stage II hardening rate (θII ≈ 1800 MPa in Fig. 3
(b)), assuming that multi-slip takes place from the beginning of plas
ticity in polycrystalline material.

Large Va of >1000b3, similar orders in pure FCC metals and dilute 
alloys at low stresses [13,14,90,91], was measured at a low strain 
around the yield point, possibly reflecting the interaction of mobile 
dislocations with forest dislocations [3]. Va rapidly decreased to several 

hundred b3 with an increase in strain to 0.01. This sharp initial decrease 
might be due to the prompt multiplication of dislocations [89,92] and a 
decrease in their link length. Then, the strain-dependent decrease in Va 
became minute as the strain level went into the stage (ii) creep regime 
where superficial H-effect was most prominently observed (Fig. 4 and 
Fig. 5). In stage (ii), Va in both non-charged and H-charged specimens 
were insensitive to strain. The latter was consistently smaller than the 
former, resembling the H-induced reduction of Va in stress relaxation 
experiments [59,60]. These smaller and strain-independent Va imply 
that denser obstacles, which have strain-independent concentration and 
a character more sensitive to thermal activation, are the main 
rate-controlling factors for the creep in the H-charged specimen. 
Duplicating our previous statement [36,59,60], such denser obstacles 
here are certainly solute H themselves. Instead, Va of ≈ 200b3, which is 
larger than the H-charged case but still relatively small, implies that the 
major rate-controlling obstacles may be substitutional solutes in the 
non-charged case. They may become more predominant than forest 
dislocations when the applied stress is high.

On the contrary, an opposite effect of H on Va was newly found in 
pre-strained specimens (Fig. 6) in association with the creep retardation. 
Under the stress level below σf,non, solute H somewhat increased Va 
(Fig. 12(b)). The dimension of Va was also much larger than those at the 
same strain level in Fig. 12(a), lying in the same order with the stage (i) 
creep. Va sharply decreased as the applied stress exceeded σf,non. Even
tually, Va in the H-charged specimen fell below the non-charged spec
imen as for the case of references [59,60].

4.3.2. Model of dislocation motion

Summarizing the preceding discussions, the requirement for the su
perficial H-effect to accelerate the creep can be concluded as follows: 
under a given strain, the applied stress must significantly be higher than the 
flow stress in the absence of H: σf,non (i.e., blue-shaded area in Fig. 11(a)). 
Under such a circumstance, the main rate-controlling process for dislo
cation motion is to overcome H atoms themselves that accompany a 
smaller activation volume. The authors have preliminarily proposed an 
interaction model between solute H and mobile dislocations [59] based 
on the trough model of solid solution-hardening established by Kocks 
[14]. Admirably, both the H-effects to accelerate and retard creep 
deformation depending on the stress provides some additional, powerful 

Fig. 12. Activation volume, Va, of the rate-controlling obstacles in (a) stepwise creep tests and (b) creep tests after pre-straining. Calculation of Va was done by fitting 
the creep curves in Fig. 4 and Fig. 6(c)(d) with eq. (2).

Y. Ogawa and A. Shibata                                                                                                                                                                                                                     Acta Materialia 285 (2025) 120659 

10 



verifications for our model.
A schematic of the H-dislocation interaction model is reproduced in 

Fig. 11(c). During the bow-out of a dislocation segment between forest 
dislocations, diffusible H atoms dynamically segregate close to the 
dislocation core and obstruct the dislocation movement. Such a dynamic 
segregation of H was theoretically confirmed under a similar H con
centration, temperature, and strain rate (i.e., below 10− 4/s during the 
creep) condition [36,59]. These segregated H reduce the line energy of 
dislocation [93], rendering the dislocation as if it lays along a bottom of 
energy trough [14]. With the aid of applied stress and thermal vibration, 
the dislocation moves forward via creating a small bulge, an activation 
volume of which is small. The size of these bulges is a direct function of 
local H concentration along the dislocation core and a resultant 
magnitude of line energy reduction [14,59]: the higher the H concen
tration, the smaller the bulge size and activation volume, as was 
confirmed experimentally [59,60]. Possibly, an obstruction to the bulge 
nucleation process stems from an energy barrier against the 
stress-assisted diffusion jump of H from the dislocation core to the di
rection of dislocation motion. This diffusion-controlled glide process is 
analogous to the micro-creep model proposed by Friedel [94]. Note that 
the bowing-out also requires successive overcoming of substitutional 
solutes as background friction, although it is omitted in Fig. 11(c) for 
simplicity.

Indirect but plausible evidence to support the applicability of trough 
model is the phenomenon called stress-equivalence [13] figured out in the 
authors’ previous stress relaxation study [59]. That is, the yield stress, 
σy, was a unique function of Va irrespective of the presence and absence 
of solute H in analogous to the original report by Basinski et al. [13] who 
identified a unified law of σy~(1/Va)m (m is a constant) in copper alloys 
containing various solute species and concentrations. Amongst a num
ber of models of solute-dislocation interactions, only trough model can 
reasonably rationalize such a sole dependence on Va since it assumes 
dislocation line energy, which is reduced by solutes, as an exclusive 
parameter determining σy [14]. Considering the high mobility of solute 
H that enables its coordinative motion with dislocation, we incorporated 
diffusion energy barrier of H to migrate with the dislocation segment 
bulging from the solute row. The validity of this idea has to be tackled 
further in our forthcoming studies. For instance, measurement of the 
creep activation energy and its comparison with the energy for bulk H 
diffusion potentially provides us how significant the diffusion jump of H 
contributes in progressing the deformation. Another important impli
cation in stress-equivalence and trough model is that the elemental 
activation process should involves plural solute atoms, which is also 
inferred in the H-charged austenitic steel having the Va of the order of 
100b3 (e.g., Fig. 12(a) and [59,60]).

Note that the present H-dislocation interaction model in Fig. 11(c), 
(d) is applicable only to the deformation at the temperatures close to an 
ambient condition. If the temperature becomes higher so as the thermal 
activation process to move the dislocation is further aided by amplified 
atomic vibration, as well as local H concentration along dislocation line 
(i.e., obstacle density) is also diluted, influence of H on creep will 
eventually disappear. This can be evidenced in our past study on the 
tensile properties of an H-charged Type310S steel, where H-induced 
solid solution-hardening indeed lost above 400 K [36]. On the other 
hand, at the temperatures well below 295 K, the model in totally breaks 
down because the coordinative movement of H with dislocations be
comes infeasible. Under such a circumstance, movement of dislocations 
is controlled by their statistical encountering and interaction with H 
atoms randomly dispersed throughout the lattice, the creep behavior in 
which needs to be investigated further.

4.3.3. Roles of obstacle solute H

4.3.3.1. Case (1): faster creep rate under high stress. In order to under
stand the deformation kinetics of a material under its work-hardened 

state, one must consider simultaneous interactions of a mobile disloca
tion with solute atoms and forest dislocations [95,96], the latter of 
which is newly involved in our model as depicted in Fig. 11(c)(d). Due to 
the small activation volume, the overcoming of segregated H progresses 
rather fast (i.e., fast creep rate) because thermal activation acts more 
effectively in aiding it [10,96,97]. This causes a relatively large bow-out 
and curvature of the whole dislocation segment between the trees, 
giving rise to considerable local forces acting on the trees due to dislo
cation line tension (upper half of Fig. 11(c)) [96]. Accordingly, the 
dislocation can readily penetrate the trees (lower half of Fig. 11(c)), as 
well as substitutional solutes. The waiting time for overcoming those 
intrinsic obstacles via thermal activation is no longer significant once the 
applied stress well exceeds σf,non such that the effective stress becomes 
critical for these sequential processes. In a similar manner, substitutional 
solutes are more rate-controlling than forest dislocations in the 
non-charged case when stress is high enough, leading to the strain- (i.e., 
dislocation density-) insensitivity of the activation volume (Fig. 12(a)). 
It seems that the assumed local stress acting on the trees conflicts with 
the lowered line energy by segregated H. However, those H atoms 
distribute very close to the dislocation core (radius of 2~3b) at room 
temperature [36], maintaining the line energy stemming from the 
long-range stress field around the dislocation unchanged.

In the context of the model in Fig. 11(c), one can argue that the H- 
effect in terms of the flow stress is to put an additional thermal stress onto the 
original intrinsic flow stress of the material (Fig. 11(a)). The former is the 
stress required for bulging from an array of H, whereas the latter is for 
bowing-out between the forest dislocations as well as for overcoming 
substitutional solutes. The equivalence of internal stresses between non- 
charged and H-charged specimens shown in Fig. 9 reasonably conforms 
to this idea. Additionally, the primary dependence of the bulge size on H 
concentration can rationalize the strain-independent activation volume 
in stage (ii) creep (Fig. 12(a)) and a parallel upward shift of the entire 
stress-strain curve in the H-charged specimen (Fig. 3(a)).

4.3.3.2. Case (2): retardation of creep under low stress. The effective 
stress acting on the dislocation may not be enough to make the bulge 
nucleation a frequent event when the applied stress is below or close to 
σf,non (Fig. 11(b)). As such, segregated H does nothing other than 
obstruct the dislocation movement in cooperation with other intrinsic 
obstacles. The dislocation segment loses its mobility, although it was 
originally able to bow-out faster in the absence of H. Due to such 
immobilization, plasticity must be carried by other dislocation seg
ments, that have longer link length and ease of bow-out even under such 
H-induced obstruction effect and lower stress level (Fig. 11(d)). Since 
the bow-out displacement could also become smaller owing to the lower 
stress, the local force acting on the trees also becomes smaller. Thus, the 
overcoming of forest dislocations, which accompanies a larger activa
tion volume, takes a longer time and becomes a primary rate-controlling 
process for creep (Fig. 11(d)). This is the situation precisely the cases in 
Fig. 6 and Fig. 7, where the creep rate was retarded under the presence 
of H. Similarly, the rate-controlling process in the non-charged specimen 
also changes to overcoming forest dislocations at low stress, resulting in 
an activation volume greater than 1000b3 (Fig. 12(b)). In other words, 
the magnitude of bow-out acts as a critical parameter determining the 
probability of overcoming their forest anchoring points in this model. 
Thus, non-charged and H-charged specimens may exhibit mutually 
identical creep rate if the dislocation segments with a given link length, 
which are contained in these two samples, can bow-out in the same 
magnitude. Such a situation should be satisfied when applied stress in H- 
charged specimen is somewhat larger than that in non-charged one 
owing to the inhibitory effect of H on dislocation motion.

Although the present description still remains qualitative, it can well 
account for the seemingly contradicting H-effects on room temperature 
creep. The model in Fig. 11(c) has also been validated based on the H 
concentration- and stress/strain-dependencies of Va during our stress 
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relaxation tests [59]. Some additional investigations, such as 
stress-dependence of activation volume or evaluation of temperature 
effects, can provide more pieces of information to comprehend the 
complex H-dislocation interactions. Finally, one has to emphasize that 
our result does not contradict the report by Tien and Altstetter, who 
performed pioneering work on the creep of H-charged Type310S steel 
[30] (Section 1). The smaller creep strain at the beginning and the 
longer creep duration can also be viewed as a delay of creep by newly 
involved short-range obstacles: H.

5. Conclusions

The plastic flow behavior of a Fe-24Cr-19Ni-based Type310S 
austenitic steel uniformly charged with 9000 at ppm H was studied via 
room temperature creep experiments at 295 K. With the information of 
work-hardening behavior, dislocation structures, flow stress compo
nents (i.e., effective and internal stresses), and activation volume 
reflecting the rate-controlling obstacle types, the following influence of 
solute H on thermally activated deformation and its stress-dependence 
were identified. 

1. Solute H works as a short-range, thermally activatable obstacle to 
dislocation motion without impacting on the development of col
lective dislocation structures, causing a solid solution-hardening 
with an extent of 50 MPa. Such a magnitude of strengthening pri
marily stems from the contribution of H to the effective (thermal) 
stress component. This understanding of the role of H agrees with our 
previous results based on stress relaxation experiments of the same 
material.

2. Dual H-effects on creep rate and size of activation volume were 
observed depending on the level of applied stress. When the applied 
stress is well exceeding the flow stress in the absence of H, σf,non, the 
creep rate in the H-charged material was accelerated with respect to 
that under non-charged condition, and the activation volume 
accordingly decreased: Case (1). Meanwhile, once the applied stress 
falls close to or below σf,non, the H-effect turns into a retardation of 
creep rate and an enlargement of activation volume: Case (2).

3. Taking solute H as a short-range obstacle, the above two opposite H- 
effects on creep behavior can be interpreted as follows. 

Case (1): Effective stress, a driving force of thermally activated 
deformation, is sufficiently large so that the material’s intrinsic 
short-range obstacles (i.e., forest dislocations and substitutional 
solutes) are readily penetrable by dislocations. As such, the pre
dominant rate-controlling process for dislocation motion is to over
come newly involved obstacle type: solute H with the aid of thermal 
activation. Due to a smaller activation volume involved in this pro
cess of overcoming H, resultant creep rate becomes faster. 

Case (2): Effective stress is insufficient for thermally activated 
overcome of solute H to be a frequent event. Thus, H hinders dislo
cation motion in cooperation with other intrinsic obstacles. Owing to 
this retardation effect, the mobile dislocation segment under a given 
applied stress potentially becomes longer, increasing the activation 
volume and decreasing the creep rate.
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