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A B S T R A C T

Acceleration of fatigue crack growth in steels under hydrogenating environments (hydrogen-assisted fatigue 
crack growth, HA-FCG) is of critical concern for the defect-tolerant engineering design of pressure vessels and 
pipelines for the storage and transportation of gaseous hydrogen. This overview provides a state-of-the-art un
derstanding of the HA-FCG in ferrite-based materials with a primary basis on the authors’ recent works. The 
influences of gas pressure, temperature, stress intensity, and loading frequency are summarized, focusing on two 
representative failure modes: intergranular (IG); and cleavage-involving transgranular (CIT). The latter one has 
conventionally been termed quasi-cleavage (QC). Crack path crystallography and deformation microstructures 
beneath these IG and CIT are provided as supplemental information to figure out the underlying fracture 
mechanisms. Comprehensive models accounting for the HA-FCG in ferrite are finally established. Our models 
construct new bridges between microscale fracture behaviors and macroscale dependencies of the FCG accel
eration on environmental and mechanistic variables.

1. Introduction

As an energy carrier with the potential to resolve escalating petro
leum exhaustion and environmental problems, hydrogen (H or H2) is 
one of the renovative candidates for the forthcoming establishment of 
sustainable development goals and carbon neutrality [1–5]. Since the 
2000s, an obstacle to the widespread utilization of H has been to expand 
the infrastructures and platforms that enable a seamless energy supply. 
The most promising way to store and transport H is to handle it as 
pressurized gaseous H2 or liquid H2 [6–8]. However, when the metal 
components constituting the infrastructures are directly in contact with 
H2 gas, H2 molecules dissociate into H atoms on the metal surface and 
subsequently dissolve into the crystal lattice. Accordingly, degradation 
of the material’s mechanical properties, i.e., hydrogen embrittlement 
(HE) [9–12], is a serious concern, a phenomenon first discovered in an 
old paper by Johnson in 1874 [13].

In H-related infrastructures such as H2 refueling stations for fuel cell 
vehicles, low-alloyed carbon steels with body-centered cubic (BCC) 
structures are primary constituents for the storage cylinder of pressur
ized H2 gas [14–17]. Moreover, it is under consideration in Europe and 
the United States that the natural gas pipelines, also made of carbon 

steel, are diverted into long-distance H2 gas transport [18–21]. Although 
low-alloyed carbon steels have a non-substitutable advantage in terms of 
economic efficiency, their HE-susceptibility is severe compared with 
highly alloyed austenitic steels with stable face-centered cubic (FCC) 
structure [22–26]. The detrimental influences of H in BCC iron and 
low-alloyed carbon steels manifest as decreases in tensile strength [25,
27,28], fracture toughness [26,29–31], static crack growth threshold 
[29,32,33], and fatigue life [34–36]. These can be attributed to a higher 
mobility of H atoms through the BCC lattice than that in FCC [23,
37–39], arrowing their rapid accumulation into potential fracture 
nucleation sites [40]. In particular, acceleration of fracture is crucial for 
the propagation of fatigue cracks [20,26,41–46], once the cracks are 
generated at stress concentration sites or material surfaces. The fatigue 
crack growth (FCG) rate is of significant importance for pressure vessels 
and pipelines because these components are subjected to cyclic loading 
due to the fluctuation of internal gas pressure. Thus, a reliable method of 
defect-tolerant design and the development of innovative steels that take 
the H-assisted (HA-) FCG into account and suppress/control it are 
desired.

A notable aspect of BCC carbon steels is the diversity in their internal 
microstructures. Depending on thermal histories during their casting 
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and processing, the material exhibits either ferrite, pearlite, martensite, 
and bainite or aggregate of them. Accordingly, the materials display a 
wide range of strength levels and various combinations of superior/ 
inferior mechanical properties [47,48]. Under the absence of environ
mental effects, the FCG in a stable Stage II regime (Fig. 1(a) and (b)) is 
insensitive to the microstructure nor yield/tensile strength of the ma
terials [46,49–51]. Therefore, the microstructural influences on FCG 
have often not been discussed. However, once H is involved, such a 
microstructure-insensitive property notably changes to 
microstructure-sensitive [46,52–57], making us securely select the 
compatible materials for H-related infrastructures. Nevertheless, such a 
microstructure-susceptible nature of HA-FCG conversely implies that the 
magnitude of FCG acceleration can more or less be controlled/sup
pressed by optimizing the steel microstructures via adequate thermo
mechanical processing without relying on expensive alloying elements.

Since the late 1970s, pieces of knowledge on HA-FCG have been built 
up mainly on ferritic [42,44,45,53,59,60] and martensitic [15,56,
61–65] steels in H2 gas and other hydrogenating corrosive environ
ments. The scope has recently been extended to pearlitic steel [46,54], 
which exhibits superior HA-FCG resistance than the former two steel 
types. Table 1 lists the available literature regarding the HA-FCG in 
ferritic iron and steels in H2 gas with information on examined materials 
and testing conditions. The number of publications has particularly 
increased since the 2010s, accompanying an escalating severity of 
environmental gas pressure used for the experiments. However, the 
understanding of the intrinsic mechanisms responsible for the crack 
growth acceleration, their correlation with each microstructural con
stituent, and fracture behaviors are far from complete. Toward the se
lection and design of robust H-compatible steels, which may have 
complex multimodal microstructures, we should first obtain a more 
comprehensive understanding of the elementary processes of HA-FCG in 
the above-noted four conventional microstructures in their single-phase 
state. This paper specifically focuses on the simplest one, ferrite, 

reviewing the related key experimental findings. It is a longstanding 
principle that HE in structural steels becomes more pronounced as their 
strength level increases in static loading conditions, i.e., tensile and 
delayed-fracture tests [25,26,29,32]. Nevertheless, HA-FCG is still 
serious even in low-to-moderate-strength ferritic materials with yield 
stresses of merely ~400 MPa [42,44,45,59], motivating the researchers’ 
responsibility toward more in-depth investigations.

In attempting to enhance our understanding of the fracture phe
nomena by simplifying the microstructure, the authors’ group has con
ducted a series of studies on high-purity polycrystalline iron as a model 
system of ferritic materials [74,76–79]. This review is based primarily 
on our knowledge of pure iron, summarizing its HA-FCG characteristics 
and influences of mechanistic (e.g., stress intensity, load ratio, and 
loading frequency) as well as environmental (e.g., H2 gas pressure, 
temperature, and purity) variables. Data from other commercial 
ferrite-based steels are also included. The underlying mechanisms that 
can consistently rationalize the overall experimental findings are dis
cussed by combining the macroscopic FCG behavior with fractography 
and deformation substructures beneath the fracture surface. Finally, the 
current status of unresolved issues that should be tackled in the future 
will be highlighted.

2. Macroscale phenomenology

2.1. Crack propagation stages

The FCG properties in metallic materials are generally evaluated on a 
double-logarithmic diagram, where crack propagation distance per 
loading cycle (crack growth rate), da/dN, is plotted against the stress 
intensity factor range, ΔK: da/dN-ΔK curve. The loading is usually done 
in a sinusoidal waveform with a positive load ratio, R = Pmin/Pmax, 
where Pmin and Pmax are the minimum and maximum loads during the 
test (Fig. 1 (c)). Several suitable specimen types for the FCG test are 

Fig. 1. Schematics of general fatigue fracture processes in structural metals [49,58] and the procedure of FCG test: (a) ΔK-dependent three stages of FCG; (b) 
microscale failure mode in each FCG stage; and (c) CT specimen configuration and loading form. A significant H-effect manifests in Stage IIb, where logarithmic 
linearity between stress intensity factor range, ΔK and FCG rate, da/dN, obeys, known as Paris law.
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standardized in the ASTM-E647 [80]. Amongst them, compact-tension 
(CT) specimens with three characteristic dimensions: width, W; thick
ness, B; and crack-length, a (Fig. 1 (c)), are most widely employed. The 
stress intensity factor range is given by the following Eq. (1), where F is 
the geometry-dependent factor defined as a function of a/W [80]. 

ΔK= F
Pmax − Pmin

B
̅̅̅̅̅
W

√ =
FΔP
B

̅̅̅̅̅
W

√ (1) 

In Fig. 1 (a), a typical da/dN-ΔK curve with three characteristic 
domains in structural steels [49] is schematically shown together with 
the primary influencing factors in each domain. The corresponding 
crack propagation modes are presented in Fig. 1 (b) [58]. It is known 
that the influence of H is relatively small at the regime of slow propa
gation or threshold (or growth of mechanically/microstructurally small 
crack), called Stage I ~ IIa [52,67,81]. Available experimental infor
mation about this near-thershold regime is very limited due to the long 
period required for data acquisition. The negative H-impact then starts 
to appear in Stage IIb, wherein da/dN-ΔK exhibits a power law rela
tionship, well-known as Paris law, i.e., da/dN = CΔKm, where C and m 
are material constants. In fact, dramatic increases in FCG rate, as well as 
sometimes characteristic crack propagation stages specific to the H2 gas 
environment, are evident in most ferritic iron and steels [44,45,59,60,
74,67,75].

An example of Stage IIb da/dN-ΔK curves in pure iron [76] and a 
hot-rolled 0.16% carbon steel with ferrite-pearlite microstructure [45] 
in air and 0.7 MPa H2 gas at room temperature are shown in Fig. 2. The 
FCG rate in air obeys linear logarithmic relationship according to the 

Table 1 
List of the primary papers related to HA-FCG in ferritic iron and steels under a gaseous H2 environment. Information about the examined materials and testing 
conditions in each paper are included together (NA: no answer, RT: room temperature).

Year Author Material Primary alloying elements Microstructural character Yield strength H2 gas 
Pressure

Temp. Frequency f Load ratio 
R

(mass %) (MPa) (MPa) K Hz –

1980 Wachob [66] SA516 NA Ferrite-pearlite 330 6.9 RT 1 0.15
1982 Suresh [67] SA387 2.5Cr–1Mo 

− 0.12C
Ferrite-bainite 290 6.9 296 0.5–50 0.15–0.75

SA516 1.2Mn-0.23C Ferrite-pearlite 330
1985 Cialone [42] X42 0.8Mn-0.26C Ferrite-pearlite ~360 6.9 RT 1 0.1–0.8
1991 Cotterill [41] BS4360 1.6Mn-0.25C Ferrite-pearlite NA atm 298~353 0.1 0.1
1992 Marrow [59] XM-27 26Cr–1Mo 

− 0.2Ni
Ferrite 300 atm 303~352 0.1 0.5

1997 Fukuyama [68] S35C 0.7Mn-0.2Si 
− 0.37C

Ferrite-pearlite 310 1.1–9.9 293 0.01–10 0.1

2011 San Marchi [69] X80 0.4Cr-0.1Nb 
− 0.1Mn-0.2Si-0.05C

Polygonal/acicular ferrite ~590 21 RT 0.1, 1 0.1

2011 Nishikawa [70] S10C 0.4Mn-0.2Si 
− 0.13C

Ferrite-pearlite 200 0.18 313 0.1, 6 − 1

2013 Somerday [44] X52 0.9Mn-0.1Si 
− 0.06C

Ferrite-pearlite 430 21 295 0.001–10 0.1, 0.5

2014 Drexler [60] X70 0.2Cr-1.5Mn 
− 0.2Si-0.05C

Polygonal/acicular ferrite ~550 5.5, 34 RT 0.01–1 0.5

2014 Slifka [43] X52 0.9Mn-0.1Si 
− 0.06C

Ferrite-pearlite 430 7~48 RT 1 0.5

X100 0.5Ni-1.9Mn 
− 0.1Si-0.06C

Acicular ferrite-bainite 790 1.7–21 0.1, 1

2016 Ronevich [53] X65 1.5Mn-0.3Si 
− 0.08C

Banded ferrite-pearlite 480 21 295 1 0.5

2017 Koyama [71] IF steel NA Ferrite 95 0.18 313 0.001–6 − 1
2017 Yamabe [45] SM490B 1.4Mn-0.4Si 

− 0.16C
Ferrite-pearlite 360 0.1–90 RT~423 0.001–10 0.1

2018 Matsuoka [72]
2018 Wang [73] SS400 0.5Mn-0.2Si 

− 0.16C
Ferrite-pearlite 310 1, 40 RT 1 0.1

2018 Birenis [74] Pure 
Fe

0.07Mn-0.001C Ferrite 130 0.7, 90 RT 1 0.1

2019 Shinko [75] Armco 
Fe

0.14Ni-0.05Mn 
− 0.001C

Ferrite 170 3.5, 35 RT 0.2–20 0.1

2022 Ogawa [55] S25C 0.5Mn-0.2Si 
− 0.25C

Banded ferrite-pearlite 250 0.7, 90 RT 0.01–1 0.1

S55C 0.6Mn-0.2Si 
− 0.54C

290

Fig. 2. da/dN-ΔK curves of pure iron [76] and 0.16% carbon steel [45] in air 
and 0.7 MPa H2 gas at room temperature (reproduced from Ref. [76]). The 
graph represents the two-stage H-effects on the FCG rate, which has been found 
in a majority of ferritic iron and steels.
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Paris law. Meanwhile, clear two-stage behavior is identified in H2 gas: an 
abrupt increase in FCG rate takes place when the ΔK reaches around 15 
MPa m1/2. Fig. 3 (a)-(c) show the schematic diagrams for typical 
H-related or other environmentally assisted cracking behaviors in steels 
[52,62]. A two-stage crack propagation curve like Fig. 2 can occur 
(Fig. 3 (c)) when the subcritical crack growth component (Fig. 3 (b)) 
overwhelms the cyclic crack growth component (Fig. 3 (a)) beyond the 
static fracture threshold in H2, KIH. However, it should be emphasized 
that the sudden increase in FCG rate in Fig. 2 occurs at a stress intensity 
well below KIH in this kind of low-to-moderate strength materials. 
Hence, the two-stage HA-FCG in Fig. 2 is fundamentally different from 
the well-known transitional behavior in Fig. 3 (c). In fact, KIH in ferritic 
steels with yield stresses less than 500 MPa is greater than 50 MPa m1/2 

in H2 gas with pressures below 10 MPa [26,67]. Such a subdivision of 
HA-FCG stages below KIH was first discovered by Suresh and Ritchie 
[67], although their study included martensitic and bainitic materials 
with relatively low yield strength. They designated this transitional 
point as ΔKT or KT

max to distinguish it from KIH. In what follows, these 
mild/negligible and severe FCG acceleration regimes below and above 
ΔKT are called Stage A and Stage B (Fig. 2), respectively. The influences 
of mechanistic and environmental variables on each of these stages will 
be overviewed. In the authors’ previous publications, Stages A and B in 
Fig. 2 have confusingly been called Stages I and II [74,76,77,79]. We 
should note here that these terminologies of Stages I and II in references 
[74,76,77,79] do not correspond to those in Fig. 1. Such a two-stage 
behavior comprising Stages A and B seems to be universal for a major
ity of ferrite-based materials. This has been confirmed in other carbon 
steels [55,68], ferritic stainless steel [59], and pipeline steels [44,53,
60].

2.2. Influences of environmental and mechanistic variables

2.2.1. H2 gas pressure
The influence of H2 gas pressure most clearly appears on ΔKT (i.e., 

the transition point from Stage A to B). An example of pure iron is shown 
in Fig. 4 [79]. The effect of H2 gas pressure is evident when comparing 
the data obtained at room temperature (Fig. 4 (a)). As the pressure in
creases from 0.2 to 90 MPa, ΔKT monotonically decreases. When the 
pressure rises close to 100 MPa, a major part of da/dN-ΔK curve is 
eventually dominated by Stage B crack growth. A result for Armco iron 
also exhibited a similar tendency [75]. If the microstructure becomes 
more complex, for example, the mixtures of pearlite and other constit
uents, the transitional point is somewhat unsharpened and tends to be 
more gradual [43–45,53,60,68]. Nonetheless, the overall shape of 
da/dN-ΔK curve and its dependency on H2 gas pressure are invariable 

even in 0.16%C steel [45], pipeline steels [82], and other medium car
bon steels containing a significant fraction of pearlite [53,55].

The H2 gas pressure also impacts the magnitude of FCG acceleration 
in Stage A. Although investigations on this mild acceleration regime are 
quite limited [77,79,75,83,84], the acceleration rate gradually increases 
up to 10 times relative to the case of nitrogen (N2) gas in the room 
temperature data in Fig. 4 (a). Here, in H2 gas with pressures below 1 
MPa, the FCG rate in Stage A was equivalent to or even lower than that 
in air. This anomaly may be due to a more significant influence of ox
ygen or water vapor contained in the laboratory atmosphere [85,86] 
than the acceleration caused by such low pressure of H2 gas. Indeed, the 
FCG curve in N2, where both oxygen and water vapor are absent, is 
located below the FCG curve in the air. For a proper evaluation of the 
effect of high-purity H2 gas, N2 or other inert environments may be more 
adequate references.

Meanwhile, the influence of H2 gas pressure on the FCG acceleration 
in Stage B is interestingly small, as an example of 0.16% carbon steel 
[45] is shown in Fig. 5 (a). The acceleration rate slightly increases until 
the pressure reaches 1 MPa, then becomes plateau at a value around 
20–30. Note, however, that the data in Fig. 5 (a) were all measured at a 
relatively fast loading frequency of f = 1 Hz. As shown later, decreasing 
the loading frequency increases the detrimental H-effect under high H2 
gas pressures around 100 MPa (Section 2.2.3 and Fig. 5 (b)).

2.2.2. Temperature
Temperature is seemingly the most critical influencing factor for the 

H-assisted crack growth in steels and other structural metals [41,59,79,
72,87–91]. This is not only for fatigue but also for static loading [87,89]. 
Although the experimental results are limited to the temperature range 
above room temperature, it is well recognized that increasing temper
ature consistently mitigates the crack growth acceleration in H2 gas. 
Particularly, the temperature-effect is significant for BCC iron and steels 
with low-to-moderate strength [41,59,79,72,88].

The experimental results at 298–423 K under different H2 gas pres
sures [79] are shown in Fig. 4 (b) (plotted by diamonds, triangles, and 
rectangles). With the increase in temperature under a given H2 gas 
pressure, the FCG acceleration rates in both Stages A and B are reduced. 
Besides, the transitional point, ΔKT, shifts to a higher ΔK. Moreover, the 
FCG acceleration almost completely disappears at a low gas pressure and 
an elevated temperature (e.g., 0.7 MPa H2 at 423 K). It was evidenced 
that the temperature change in the range of 298~423 K barely affects 
the FCG rate under the absence of H [79,72]. Thus, such a substantial 
temperature-effect should be a phenomenon specific to the H2 gas 
environment. An identical temperature-effect was found at 300–350 K 
by Marrow et al. for ferritic stainless steel [59], Cotterill and King for 

Fig. 3. Schematics of the types of H-assisted fatigue crack propagation behaviors in steels, reproduced from Refs. [52,62]. H may affect either (a) cyclic or (b) static 
crack growth components depending on the stress intensity level below or above KIH. When both these two occur in a competitive manner, the curve exhibits 
two-stage behavior like (c).
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4360 ferrite-pearlite steel [41], and Smith and Stewart for 2Ni–Cr–Mo–V 
rotor steel 88. On the other hand, decreasing the temperature below 300 
K also mitigates the crack growth acceleration in a 4130 steel, even 
though it was only confirmed for static loading conditions [87]. This 
inverse temperature-dependence below room temperature is possibly 
due to the delay of H absorption kinetics at the crack-tip.

2.2.3. Loading frequency
The load cycling rate in real engineering components is never con

stant. Thus, from the practical viewpoint, the effects of loading fre
quency, f (Fig. 1 (c)), on the significance of HA-FCG have actively been 
studied [44,45,56,60,83,88,92–94]. Pressurization and its release are 
repeated over a time scale of minutes to hours in pressure vessels and 
pipelines. Accordingly, the HA-FCG behavior at a low loading frequency 
is of primary importance.

The main target of the studies on such frequency (or loading rate) 
effects has conventionally been high-strength steels with tensile 
strengths above 1 GPa [56,62,64,65,94,95]. Such research motivation 
arises from the strong susceptibility of these materials to delayed frac
ture in hydrogenating environments [29,32]. H absorption and diffusion 
kinetics into the crack-tip zone work as a rate-controlling process for the 
crack growth, giving rise to time-dependent quasi-brittle fracture called 
subcritical crack growth [29,32]. The crack propagation length is, 
therefore, a direct function of the loading (or load-holding time) rate and 

a resultant change in the time for crack-tip opening [62,64,65,95]. This 
is specifically the case when Kmax during the FCG test exceeds KIH (Fig. 3
(b) and (c)), which is very low in high-strength steels (e.g., 20~ 
MPa⋅m1/2 [26,29,32]). However, the situation is somewhat different in 
low-to medium-strength ferritic materials. That is, irrespective of the 
Kmax relative to KIH, subcritical crack growth hardly takes place, and the 
influence of the loading rate is relatively small [30,96]. The absence of 
subcritical cracking in low-to-medium strength steels can be proven by 
the positive slope of their crack growth resistance curve in fracture 
toughness tests [29,30,35]. A repetition of or further increase in load is a 
pre-requisite for the growth of the crack: the fracture is macroscopically 
stable despite an acceleration of the cyclic crack growth component 
(Fig. 3 (a)).

The acceleration rates in Stage B at f = 0.001–10 Hz are depicted for 
0.16% carbon steel [45] in Fig. 5 (b). Basically, decreasing f leads to a 
marginal increase in FCG acceleration rate at a relatively high fre
quency. Then, the acceleration rate eventually tends to saturate at 
20–30. No further acceleration occurs as the frequency becomes even 
lower, a fact also true for all other examined ferritic materials [55,60,70,
75,83,93]. Moreover, it is surprising that the FCG acceleration almost 
entirely diminishes at a low-frequency regime when H2 gas pressure is 
lower than 10 MPa. The only exception in Fig. 5 (b) is the behavior in 90 
MPa H2 gas: lowering the frequency to 0.001 Hz still increases the FCG 
acceleration rate monotonically. Further clarification is required for 

Fig. 4. FCG curves of pure iron in laboratory air, 0.7 MPa N2 gas, and H2 gas with various pressures and temperatures (reproduced from Ref. [79]). Only the room 
temperature data are presented in (a), while (b) includes the results at elevated temperatures.

Fig. 5. Relative FCG rate in H2 gas and laboratory air in a 0.16% carbon steel at Stage B HA-FCG regime (ΔK = 30 MPa m1/2, Fig. 2) as a function of (a) H2 gas 
pressure and (b) loading frequency (reproduced from Ref. [45]). The data were obtained at room temperature.
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whether such acceleration eventually saturates, as in the case of lower 
H2 gas pressures, or not at an ultra-low frequency regime below 0.001 
Hz. Much less attention has been paid to higher frequencies above 1 Hz 
[44,67,83]. The acceleration would be weakened in such high frequency 
regime due to the limited time for H absorption into the crack-tip.

For Stage A, where FCG acceleration is relatively mild (Figs. 2 and 4), 
no detailed investigations into the frequency effects can be found at 
present. The data for f = 0.2–20 Hz range was provided by Shinko et al. 
for an Armco iron [75]. Their results did not probe any significant 
dependence of FCG acceleration rate on the loading frequency.

2.2.4. Load ratio
All the author’s FCG experiments have been performed with R = 0.1 

[55,74,77,79]. On the other hand, a higher R such as 0.5 has been 
employed for the tests of pipeline steels [44,53,60]. This is because the 
practical pressurization and its release in those components are repeated 
in the range of 50~100% of the maximum pressure.

Cialone and Holbrook studied the influence of R on the HA-FCG in 
X42 pipeline steel, reporting that an increase in R harmfully impacts the 
FCG rate in H2 gas at R greater than 0.5 [42]. Such an R-dependence 
appears because the Kmax could exceed KIH (Fig. 3 (b)) even under a fixed 
ΔK when R is sufficiently high. Meanwhile, irrespective of the R value, 
the dual-stage HA-FCG like Fig. 2 similarly manifests until the Kmax 
reaches KIH [42,44,53,67]. It also seems from the literature data that the 
influence of R on the FCG rate is minor particularly in Stages B unless 
Kmax > KIH [42,44,52,67]. When Kmax < KIH, the effect of increasing R 
only appears as the decrease in ΔKT [67]. Other possible effects of R are 
unclear due to the lack of experimental data despite its practical 
importance.

2.2.5. Impurities in H2 gas
Aside from the intrinsic H-effects, another factor that affects H- 

assisted cracking is the amount and species of impurities mixing in H2 
gas. Specifically, large influences of oxygen, methane, acetylene, and 
carbon monoxide have been documented [30,97,98].

Somerday et al. elaborated on the HA-FCG of an X52 pipeline steel in 
21 MPa H2 gas with various concentrations of oxygen (O2) [44]. With an 
addition of only 10 vol ppm O2, the FCG acceleration is dramatically 
suppressed. This role of impurities mitigating HA-FCG stems from their 
premature adsorption onto the crack surface, subsequently inhibiting 
the adsorption of H [99]. Because the allowable time for impurity 
adsorption increases with the decrease in loading rate, such an inhibi
tory effect becomes greater at a low frequency [44]. This has been 
considered as one of the possible reasons for the disappearance of FCG 
acceleration in the low-frequency regime (Fig. 5 (b)) when the purity of 
H2 gas is insufficient. Even though the impurity effect is outside the main 

topics of this review, its beneficial effect can positively be utilized for 
preventing the H-assisted cracking in H2 gas pipelines and other related 
facilities by proactive impurity blending.

3. Microscale fracture features

The macroscale phenomenology of HA-FCG in ferritic iron and steels 
under various mechanical and environmental conditions was over
viewed in Section 2. An emphasis was the presence of two crack prop
agation Stages A and B (Fig. 2). In Section 3, the microscale fracture 
behaviors in each of these stages are described. They are connected to 
the deformation microstructures beneath the fracture surface or in the 
crack-wake.

3.1. Fracture surfaces

Before describing the fracture in H2 gas, the scanning electron mi
croscopy (SEM) fractographs of pure iron and 0.16% carbon steel after 
the FCG tests in air are presented in Fig. 6. The fracture surfaces were 
ductile transgranular (DTG) mode regardless of ΔK, decorated by stri
ation markings perpendicular to the crack growth direction. These fea
tures are typical in ductile metallic materials in the Stage IIb FCG domain 
(Fig. 1) [100–103]. The spacing of the striations is one order of 
magnitude greater than the macroscopic FCG rate under relatively small 
ΔK (<20 MPa m1/2). Eventually, the striation spacings and FCG rate 
merge each other after the da/dN increases to 10− 7~10− 6 m/cycle with 
an increase in ΔK [100,102]. This correspondence between FCG rate and 
striation spacing supports the ductile crack growth model involving 
crack opening and re-sharpening (alternate slip-off model), which will 
be later shown in Section 4.3.1.

In Fig. 7, the overall appearances of the CT specimens of pure iron 
tested in room temperature air and H2 gas are displayed. Relatively dark 
fracture surfaces are observed in the Stage A region in H2 gas, as well as 
in air. However, a fracture surface color in H2 gas sharply changes from 
dark to bright at the transition from Stage A to B, implying a prompt 
change of fractographic characters at this transitional point.

3.1.1. Stage A: Intergranular fracture
What characterizes Stage A in H2 gas (Fig. 2) is intergranular (IG) 

fracture [44,77,68,75], which is mixed with ordinary DTG (Fig. 6). 
Considering the insignificant FCG acceleration in Stage A (Fig. 2), the 
presence of IG is quite surprising since it is generally understood that IG 
is one of the brittle and catastrophic failure modes [33,89,104–107]. 
Fig. 8 shows the SEM images of the Stage A fracture surfaces in pure iron 
after measuring the data in Fig. 4 (a) [79]. At room temperature, the 
total fraction of IGs on the fracture surface, AreaIG, increases with an 

Fig. 6. SEM fractography of (a) high-purity iron and (b) 0.16%C steel tested in laboratory air at the ΔK of (a) 17 MPa m1/2 and (b) 30 MPa m1/2, showing ductile 
transgranular (DTG) fracture with striation markings perpendicular to the FCG direction (reproduced from Refs. [45,79]).
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increase in H2 gas pressure (Fig. 8 (a)(b)(d)(e)). This increase in AreaIG is 
ascribed to the positive interrelationship between H2 gas pressure and 
the FCG acceleration rate in Stage A (Section 2.2.1). In other words, 
these IGs are the trigger of the mild FCG acceleration in Stage A (Fig. 4 
(a)).

At a relatively low H2 gas pressure (i.e., below 1 MPa) with an almost 
negligible FCG acceleration in Stage A, the IGs are decorated with tiny 
and striated undulations in the magnified image in Fig. 8 (c). The 
alignment of these undulations nearly perpendicular to the crack growth 
direction infers, at first glance, that they are a kind of fatigue striation. 
However, their wavelength is more than an order of magnitude larger 
than the macroscopic FCG rate [79,75,108]. Moreover, the concavity or 
convexity of fatigue striations should have valley-to-valley or hill-to-hill 
geometrical correspondence between the mating fracture surfaces in 
terms of their conventional formation mechanisms [58,102,103]. 
Nevertheless, a hill-to-valley relationship was conversely reported for 
the case of undulations on IGs in HA-FCG [108].

With an increase in H2 gas pressure and the resultant escalation of 
the FCG acceleration rate, the undulated IGs (Fig. 8 (c)) are replaced by 
relatively smooth IGs (Fig. 8 (f)). These correlations of the microscale 
characteristics and area fraction of IGs with FCG acceleration rate are 
not limited to room temperature but are also valid for higher tempera
tures. As expected from the temperature-dependence of the FCG accel
eration rate in Fig. 4 (b), the increase in temperature under a given H2 
gas pressure diminishes AreaIG and tends to restore the undulations on 
IGs [79]. Note that AreaIG similarly decreases with an increase in ΔK, 
finally reaching zero when the crack growth turns into Stage B [77,68].

3.1.2. Stage B: Transgranular fracture
After the disappearance of IGs, the fracture surface is replaced by a 

well-known HE-related fracture mode in ferritic steels. That is, there 
appears the transgranular fracture (Fig. 9), which has conventionally 
been designated as quasi-cleavage (QC) [109–113]. The QC solely pre
dominates the FCG acceleration in Stage B [44,45,53,59,60,75]. 

Fig. 7. Macroscopic appearances of the CT specimens of pure iron tested in air, 0.7 MPa H2, and 90 MPa H2 at room temperature. (b) magnifies the region cor
responding to the Stage-A-to-B transition in the specimen tested in 0.7 MPa H2 (i.e., the middle one in (a)).

Fig. 8. SEM images of the fracture surfaces in (a) 0.2, (b)(c) 0.7, (d) 10, and (e)(f) 90 MPa H2 gas at room temperature (298 K), under ΔK = 11 MPa m1/2 (Stage A 
HA-FCG) (reproduced from Ref. [79]). The crack growth direction is from bottom to top in each image. Enlarged views of regions denoted by arrowheads in (b) and 
(e) are presented in (c) and (f). The area fraction of IGs, AreaIG, is also provided in (a), (b), (d) and (e).
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Following this convention, we will also refer to the fracture morphology 
shown in Fig. 9 as QC for the time being. A more adequate designation 
alternative to QC will be proposed in Section 3.2.3. In both static and 
cyclic loading, the surface of QC is usually faceted with the length-scale 
equivalent to grain size. It is also decorated by river-like ridges (or 
serrated markings) parallel to the crack growth direction [109,112,
114]. The term “quasi-cleavage” originated from its similarity to the 
ordinary cleavage fracture appearing at cryogenic temperature. How
ever, facet planes of QCs are believed to be not along true crystallo
graphic cleavage planes [109,110,113].

The QCs formed during the HA-FCG in pure iron are displayed in 
Fig. 9. In addition to the presence of serrated markings, shallow and 
wide striations perpendicular to the FCG direction (often called brittle- 
or brittle-like striations [59,75,115,116]) overlapped on the QCs (Fig. 9
(c) and (d)) [45,59,76,74,75,116]. The interspacing of these brittle-like 
striations coincides with the macroscopic FCG rate [45,74,116], sub
stantiating that each striation line reflects the crack propagation per 
loading cycle. Despite the weak dependence of the Stage B FCG rate on 
H2 gas pressure (Section 2.2.1), higher pressure renders the serrated 
markings on QCs much more remarkable (Fig. 9 (b) and (d)). All these 
distinctions seem to be common in both single-phase ferrite and mate
rials having mixed microstructures of ferrite-pearlite [55,74,79]. 
Moreover, QCs on the fracture surface diminish and are replaced by 
DTGs (Fig. 6) with the increase in temperature and concomitant 
decrease in the FCG acceleration rate (Fig. 4 (b)). The disappearance of 
QCs was confirmed similarly when the FCG acceleration was mitigated 
at low loading frequencies (Fig. 5 (b)) [45].

3.2. Crack path and deformation microstructures

The microscale process of fatigue crack propagation has been 

investigated for various metals and alloys via in-situ experiments in SEM 
[117–120]. These efforts were successful in some respects, while tech
nical difficulties against the application of a similar setup to the H2 gas 
environment are restricting the progress of our understanding. Despite 
such limitation, deformation microstructures left behind the crack-tip 
provide us valuable information to figure out the underlying HA-FCG 
mechanisms in Stages A and B [74,73,75,121–123]. Here, the micro
structural development process without H is first described briefly, fol
lowed by how the presence of H changes it.

3.2.1. General process of microstructure development around fatigue crack
The spatial distribution and collective behavior of dislocations in 

fatigue crack-tip zones have been studied in a wide range of materials 
employing transmission electron microscopy (TEM) [124–130]. These 
investigations reported the general trend of dislocations initially being 
randomly distributed, then transforming into complex arrangements 
with a decrease in distance from the crack-tip. That is, they transition 
from discrete loops, tangles, and dipolar bundles into cell structures. In 
extreme proximity to the crack, more refined dislocation cells or 
sub-grain structures (i.e., a more evolved state of dislocation cells 
mutually having well-defined misorientations and sharp boundaries) are 
generated [129,131]. This development process is reminiscent of 
low-cycle fatigue of bulk specimens when the strain level shifts from low 
to high or the number of load cycles increases [132–135]. Namely, 
dislocation arrangements ahead of the crack-tip qualitatively reflect the 
distribution of plastic strain and its accumulation level inside the 
cyclically deformed plastic zone (CPZ).

Based on the formula presented by Birkbeck et al., the size of CPZ, rc, 
is expressed as a function of yield stress, σy, and Kmax [136]: 

Fig. 9. SEM images of the transgranular fracture surface, which has conventionally been termed quasi-cleavage (QC) in pure iron tested in (a)(c) 0.7 and (b)(d) 90 
MPa H2 gas at room temperature under Stage B HA-FCG regime (reproduced from Ref. [74]). The high magnification images (c)(d) reveal shallow brittle-like striation 
markings running perpendicular to the FCG direction.
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rc =
1

5.6π

(
Kmax

2σy

)2

(2) 

Substitutions of the yield stresses of pure iron or low carbon steel and 
the stress intensity range of our present interest (σy = 100–400 MPa and 
Kmax = 10–30 MPa m1/2) into Eq. (2) yields the rc of 10− 5~10− 3 m. Thus, 
if one considers da/dN = 10− 8~10− 7 m/cycle (Fig. 2), at least hundreds 
of load cycles are required for the crack to penetrate through the CPZ, 
which is pre-existing ahead of the current crack-tip location. Note that 
the CPZ itself also migrates ahead along with the advancement of the 
crack-tip position. During this process, more dislocations are gradually 
stored inside the volume located at the leading edge of the initially 
existing CPZ, as the crack-tip approaches there. The stress level, strain 
amplitudes, and load cycles applied to the volume also increase simul
taneously. Eventually, these stored dislocations exhibit more organized 
arrangements. When a critical plastic strain is cumulatively reached, 
they transform into lower-energy configurations (e.g., cells and sub- 
grains) to minimize their long-range internal stress [137]. A schematic 
drawing of these development processes is presented in Fig. 10 (a).

Fig. 10 (b)-(e) show an example of dislocation structures around an 
arrested fatigue crack-tip in pure iron after loading in air, captured by 
electron channeling contrast imaging (ECCI) in a SEM. In the magnified 
images, dislocations are sparsely tangled at approximately 40 μm ahead 
of the crack-tip (Fig. 10 (e)), whereas shortening the distance to 20 μm 
changes them into cell structures (Fig. 10 (d)). Even though these spe
cific distances should depend on the material’s yield stress, the obser
vational facts validate the above description of the development process 
of dislocations at fatigue crack-tip. In contrast to the dislocation cells 
formed ahead of the crack (Fig. 10 (d)), a feature behind the crack-tip 
(crack-wake) was fine sub-grains with relatively large misorientation 
angles, sharp boundaries, and low interior dislocation densities (Fig. 10 
(c)). According to Kuhlmann-Wilsdorf and Hansen, sub-grain structure 
only forms at the large plastic strain. Increasing misorientation between 
adjacent dislocation cells cannot sustain uniform plasticity, activating 
different slip system combinations in each cell [138]. In other words, 
cell boundaries become sharper, and misorientation angles increase as 
they operate as not incidental but geometrically necessary boundaries 

[139]. Awatani et al. found densely tangled dislocations in the region 
immediately adjacent (~2 μm) to the fatigue crack-tip in iron. They 
suggested that those excess dislocations force the uniform cells to 
transform into finer scale ones or sub-grains 124,140. Such an essential 
structural change seemingly occurs in the maximum shear stress direc
tion, i.e., ≈70 deg to the crack plane, in addition to the crack-tip envi
rons. This final stage of sub-grain formation is reminiscent of dynamic 
recovery, as pointed out in Refs. [128,129].

3.2.2. Deformation microstructures in stage A crack growth
The IG crack propagation in Stage A is accompanied by substantially 

evolved deformation microstructures resembling that in the absence of 
H [77,79,75,121]. Based on the structural development process 
described in Section 3.2.1, such an evolved state of microstructure is 
expected since the FCG rate in H2 gas and that in air/nitrogen are 
comparable with each other (Fig. 4), especially when H2 gas pressure is 
low. At the same time, an evolved microstructure implicates that cyclic 
deformation and accumulation of lattice defects inside the CPZ play vital 
roles in the crack to selectively propagate along grain boundaries (GBs).

Fig. 11 (a)-(d) show the cross-sectional EBSD images of the cracks 
propagated under the ΔK domain corresponding to Stage A in air and H2 
gas with a relatively low pressure of 0.7 MPa at room temperature [77]. 
The growth rates of these two cracks were mutually identical (Fig. 4 (a)). 
The plastic strain distribution is visualized here as grain reference 
orientation deviation (GROD), i.e., the misorientation of each analyzed 
EBSD pixel from the average crystal orientation of its belonging grain, 
clarifying no critical H-effects on the evolution level of crack-wake 
plasticity. Fig. 11 (e) magnifies the crack-tip region in H2 gas by ECCI 
(i.e., the area surrounded by a rectangle in Fig. 11 (b)). In response to 
high GRODs, well-defined sub-grains are identified adjacent to the 
fractured GB, in addition to the presence of tiny micro-voids along the 
uncracked GB segment. Thin-foil samples were also separately sampled 
from some arbitral locations of DTG and IG fracture surfaces in air and 
0.7 MPa H2 by focused-ion beam (FIB) machining. These samples were 
observed by TEM as shown in Fig. 11(f) and (g) [77]. Sub-grains with 
sharp boundaries beneath the IG crack are clearer in the TEM image 
(Fig. 11 (g)). The edge of the crack in TEM sample is wavy, reflecting the 

Fig. 10. (a) Schematic illustration of the development process of dislocation structures in CPZ. (b)~(e) Electron channeling contrast images (ECCI) around the 
fatigue crack-tip of pure iron terminated in ambient air at ΔK = 18 MPa m1/2. (c)~(e) magnify the three regions marked as A~C in (b): the positions with different 
distances from the crack-tip.

Y. Ogawa et al.                                                                                                                                                                                                                                  International Journal of Hydrogen Energy 102 (2025) 1507–1529 

1515 



undulations observed in the fracture surface image (Fig. 8 (c)). With the 
increase in H2 gas pressure and a resultant slight increase in the FCG 
acceleration rate, dislocation structures beneath IG tend to remain 
somewhat a less evolved state than those shown in Fig. 11 (e) and (g)
[77,79].

As expected from the smooth appearance of IG in higher pressure H2 

gas (for example, 90 MPa: Fig. 8 (f)), undulations on the edge of the IG 
crack are also smoothened, although they still more or less exist (Fig. 12
(a) and (b)). Nonetheless, dislocations are still organized into cells even 
in such cases (Fig. 12 (a)) [79]. Along the GB located ahead of the IG 
crack-tip, a nano-scale void is notably observed (Fig. 12 (c)). From the 
position close to this nano-void and the crack-tip, white contrast (traced 

Fig. 11. (a)~(e) cross-sectional images, captured by (a)~(d) EBSD and (e) ECCI, of the fatigue cracks grown in (a)(c) laboratory air and (b)(d)(e) 0.7 MPa H2 gas at 
298 K under ΔK = 12 MPa m1/2 (Stage A HA-FCG regime) and f = 1 Hz. (a)(b): inverse pole figure (IPF) maps, (c)(d): grain reference orientation deviation (GROD) 
maps, (e): ECCI of the region surrounded by a rectangle in (b). Arrowheads in (b) and (d) mark the IG fracture paths. (f) and (g) are dark-field scanning TEM images of 
the dislocation structures beneath (f) DTG fracture surface in air and (g) IG fracture surface in 0.7 MPa H2 gas at 298 K (reproduced from Ref. [77]).

Fig. 12. (a) ECCI and (b)(c) SEM images in the proximity to an IG crack-tip propagating in 90 MPa H2 gas at 298 K under ΔK = 10.5 MPa m1/2 [79]. (b) and (c) are 
the magnifications of the regions surrounded by rectangles in (a). A correspondent illustration of the IG crack-propagation process is drawn in (d).
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by an arrow in the center part of Fig. 12 (a)) aligned almost 70 degrees 
from the crack plane (i.e., along the maximum shear stress direction) 
emanates. This white contrast infers the activities of dislocations that are 
emitted potentially from the crack-tip or near-crack-tip GBs.

3.2.3. Deformation microstructure and crystallography in stage B crack 
growth

The evolution state of dislocation structures beneath the QC in Stage 
B is largely different from Stage A [76,74]. According to the descriptions 
in Section 3.2.1, its primary reason is an order of magnitude greater FCG 
acceleration rate in this second stage of HA-FCG (Figs. 2 and 4). In 
Fig. 13, the fatigue crack in air and H2 gas at the Stage B ΔK domain are 
presented for a 0.16% carbon steel as the optical microscopy images on 
the lateral surface of a CT specimen [45]. A significant plastic defor
mation around the crack causes an intricate surface shape in the case of 
air (Fig. 13 (b)), while the surface around the crack-wake in H2 gas re
mains relatively smooth (Fig. 13 (c)).

Such a lesser degree of deformation around the crack in H2 gas has 
often been attributed to the latent effect of solute H on the dislocation 
mobility/character and resultant localization of plasticity into the crack- 
tip [45,72,92,141–143] (refer to Section 4.3.1). However, one must 
remember that the plasticity evolution around a fatigue crack is inher
ently affected by plastic strain cycles applied to the CPZ (Section 3.2.1). 
If the FCG rate becomes faster under a given ΔK, the crack passes 
through the CPZ, which extends in front of the present crack-tip posi
tion, with fewer loading cycles. This inevitably reduces the plasticity 
accumulation in the crack-wake region like the appearance in Fig. 13 
(c). Thus, the change of the crack-wake morphology in Fig. 13 could be a 
superficial effect caused by the faster FCG rate itself. It should not be 
taken as direct evidence supporting the intrinsic H-effects on the 
crack-tip dislocation activity. At a low loading frequency where the FCG 
acceleration rate decreases (Fig. 5 (b)), the intricate crack-wake similar 
to that in air can be observed even in H2 gas (Fig. 13 (d)) [45].

The morphological difference in the crack-wake plasticity observed 
by optical microscopy (Fig. 13) is reinforced by EBSD, ECCI, and TEM 
observations. As some examples are presented in Fig. 14, the crystal 
misorientation around the crack in H2 gas is dramatically decreased in 
the GROD analysis (Fig. 14 (d)-(f)). This is opposed to the case of Stage A 
crack growth (Fig. 11). The crack in H2 gas straightly penetrates through 

each crystalline grain and slightly kinks when it encounters GBs (Fig. 14
(b) and (c)) [76,74].

Fig. 14 (g)-(i) depict TEM images of the thin-foil samples site- 
specifically extracted from the portions marked A~C in Fig. 14 (a)(b) 
(d)(e) [76]. It should be noted that the planes of foils in Fig. 14 (g)-(i) are 
right-angle to the observational planes of EBSD (i.e., foil normal is 
parallel to the observational plane in Fig. 14 (a)(b)(d)(e)). In the 
neighbors of straight crack segments with low GROD values (Fig. 14 (i)), 
only tangled or isolated dislocations are visible without evolved dislo
cation cells or sub-grain structures. When samples were extracted 
perpendicularly from the QC fracture surface, slip bands or dislocation 
walls emanating from the brittle-like striation lines into the maximum 
shear stress direction were sometimes confirmed in other studies [121,
123]. Those slip bands are accompanied by diffusely developed dislo
cation cells as a background (Fig. 15) [74,121,123].

Another notable feature of Stage B HA-FCG is its crack path crys
tallography. Although the analysis was performed only two- 
dimensionally, considerable parts of the crack path in H2 gas are along 
{001} cleavage plane of BCC, as determined by the plane traces super
posed in Fig. 14 (a)-(f) [74]. Such a cleavage fracture is 
three-dimensionally supported by TEM if one compares electron 
diffraction patterns in Fig. 14 (i) with the edge of the thin-foil sample 
that corresponds to the fracture surface. There has been a common un
derstanding that the H-induced QCs in BCC iron and steels are different 
in their nature from the conventional cleavage appearing at cryogenic 
temperatures 109,110,112,113. However, the cracking mode during 
Stage B HA-FCG, which has also been designated as QC [42,73,116], 
more or less contains the fracture along the real crystallographic 
cleavage plane. On the basis of this essential discovery, the term QC is 
hereafter redefined as “cleavage-involving transgranular (CIT)” fracture in 
the present paper. Notably, the emergence of such true cleavage co
incides with the past static loading experiments reporting the H-induced 
{001} plane fractures in single crystals of pure iron and Fe–Si alloy when 
those specific planes were nearly perpendicular to the loading axis 
[144–147]. As the H2 gas pressure becomes higher close to 100 MPa, the 
HA-FCG along {011} plane tends to be intermixed with {001} [55]. 
Similarly, other studies also clarified the persistent H-assisted fractures 
along some specific crystallographic planes of BCC [113,148–151], 
although its reason is unclear at present.

Fig. 13. Optical microscopy images of the crack-wake of 0.16% carbon steel on the specimen surface after environment-switching FCG tests between laboratory air 
and 0.7 MPa H2 gas at 298 K (reproduced from Ref. [45]). (a) is an overall image, while (b)~(d) magnify the regions A~C in (a). The crack propagated from left 
to right.
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4. Controlling mechanisms

4.1. Fundamentals of H-material interactions

The phenomenological survey in Sections 2~3 highlighted the dual- 
stage HA-FCG in ferritic iron and steels: Stages A and B. Each stage 
exhibited characteristic fracture modes and crystallographic fracture 
pathways, giving rise to an order of magnitude difference in FCG ac
celeration rate and its dependencies on a variety of mechanistic and 
environmental variables. These overall tendencies are not specific to 
pure iron, but rather general in multiple material systems 44,45,55,59, 
60. Such universality of HA-FCG behavior demonstrates that the un
derlying failure mechanisms are identical as long as the principal 
microstructural constituent is ferrite.

Toward the understanding of HA-FCG mechanisms in Stages A and B, 
one should first recall potential changes in basic material properties 
when H is involved. Since the 1970s, a number of papers have addressed 
the essential H-impacts in iron and steel, establishing three prevailing 
aspects. 

(i) H-enhanced decohesion [152–156]: atomistic cohesive energy 
along a cleavage plane, GB, or interphase boundaries is weakened 
by H.

(ii) H-effects on plasticity [73,142,157,158]: H atmosphere around 
dislocations affects the mobility, character, and collective 
behavior of those dislocations.

Fig. 14. (a)~(f) cross sections of the fatigue crack paths in pure iron tested in (a)(d) air, as well as in (b)(e) 0.7 and (c)(f) 90 MPa H2 gas at 298 K under ΔK = 17 MPa 
m1/2 (Stage B HA-FCG) (reproduced from Refs. [76,74]): (a)~(c) IPF maps; (d)~(f) GROD maps. Thin-foil samples were extracted from the positions marked A~C in 
(a)(b)(d)(e), and their dislocation structures were observed by scanning TEM as shown in (g)~(i).

Fig. 15. Micrographs of a QC (or CIT) facet in a 0.13% carbon steel (repro
duced from Ref. [123]): (a) SEM image showing brittle-like striations (indicated 
by arrows); (b) cross-sectional TEM image beneath the fracture surface at the 
position of the dotted line in (a). An electron diffraction pattern is contained in 
the inset of (b).
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(iii) Point defect multiplication [159–162]: atomic vacancies, free 
volumes, and their clusters are energetically stabilized by H.

Depending on the material’s strength and loading condition, either 
of (i)~(iii) becomes predominant. Or in most situations, several of them 
synergistically operate and complexly interact with each other [142,
163,164]. Detailed descriptions of these fundamental models can be 
found in other reviews 142,158,159,164. Fig. 16 illustrates some 
H-induced deformation and fracture events potentially emerging inside 
a crack-tip zone due to the above models (i)~(iii). In what follows, 
plausible failure mechanisms, that can consistently rationalize the 
HA-FCG characteristics described in Sections 2~3, are discussed with 
the aid of supplemental validations.

4.2. Intergranular crack growth: Stage A

4.2.1. Grain boundary-damaging model
To the authors’ knowledge, the process of IG HA-FCG in ferritic steel 

was first elaborated by Nishikawa et al. [108], although the result was 
not correlated with fracture mechanics parameters (e.g., K) due to the 
special specimen configuration they used. Their most notable finding 
was that the IG fracture commences after a damage nucleation along the 
GB located close to the crack-tip, where dislocation slip bands 
emanating from the intragranular region are impinged. The finding 
agrees well with the authors’ observation result of micro-voids along 
GBs in Figs. 11 and 12. Later, Koyama et al. reached a similar conclusion 
for interstitial-free steel and ascribed those GB damages to the fine un
dulations found on the IG fracture surface (Figs. 8 (c) and Fig. 11 (g)) 
[71]. Based on the striated morphology of these IG undulations, they 
deduced that GB micro-voids in the two-dimensional image have 
three-dimensionally tunnel-like shapes. Such a tunnel-like form of IG 
micro-voids is plausible if one considers that the damages can be 
nucleated along the intersections between GBs and planar slip bands 
[108].

In general, GBs maintain their sufficient integrity even after signifi
cant plasticity. Meanwhile, they work as both absorption and nucleation 
sites for dislocations [165,166], as well as serving as trap sites for H 
atoms [12,23,167,168]. Additionally, the coordinative motion of dis
locations with their H atmosphere [169,170] may transport intra
granular solute H to GBs. This can be an extra factor in triggering the 
temporal accumulation of H during the deformation [142,171]. Recent 
molecular dynamics (MD) simulations demonstrated the nucleation of 
atomic-scale free volumes along GBs in Fe and Ni when such incorpo
ration/emission of dislocations occurs along H-segregated GBs 
[172–174]. They adopted the results into the H-assisted point-defect 
accumulation model [159,175]. These free volumes eventually grow 

into micro-voids as the GB-dislocation interactions are repeated within 
the slip bands. The coalescence of those grown-up micro-voids finally 
encompasses the boundary decohesion. Notably, this type of GB fracture 
progresses more readily with an increasing amount of segregated H 172, 
173.

Within the volume in front of the fatigue crack in H2 gas, GB damage 
nucleation and accumulation via severe cyclic straining is conceivable in 
the course of the microstructural development process described in 
Section 3.2.1. When the crack-tip approaches close to those pre- 
damaged GBs, they become the weakest and the most selective propa
gation pathway for the crack. Moreover, if a GB is located immediately 
ahead of the crack-tip, the emission of dislocations from this crack- 
vicinity GB is feasible as simulated by MD [176]. Supposedly, the 
micro-void ahead of the IG crack-tip and corresponding trace of dislo
cation activity in Fig. 12 (a) is a consequence of such dislocation emis
sion and resultant damage nucleation, as a schematic drawing is shown 
in Fig. 12 (d). Once the size and density of these GB damages become 
critical, IG fracture commences due to the fracturing of the internal 
ligament between individual damages. The cohesive energy of such in
ternal ligament may also increasingly be weakened by an increasing 
amount of segregated H [153,154]. Note that similar undulated IG 
fracture has been observed even in the environment without H at very 
low ΔK, where CPZ size is equivalent to the grain size [136,177,178]. 
Under the presence of H, the emergence of IG is somewhat extended to a 
greater ΔK range due to an enhanced GB damaging effect.

4.2.2. Conformity to the phenomenological findings
According to the above fracture model based on the damaging and 

cohesive energy reduction along GBs, the tendency of IG fracture and 
resultant FCG acceleration should be a function of the amount of H 
segregating into GBs. It is challenging to quantify the amount of local H 
concentration along the GBs inside the dynamically loaded fatigue 
crack-tip zone. Nevertheless, a qualitative estimation can be made, if 
one assumes that the partitioning of H into trap sites obeys the Fermi- 
Dirac statistics [179]. 

θx

1 − θx
= θL exp

(
EB

RUT

)

(3) 

Here, θL is the occupancy of interstitial lattice sites by H atoms (i.e., 
tetrahedral (T-) sites for BCC iron). θx is the H occupancy of the trap site, 
called H-coverage in the case of H-trapping along GBs. EB is the binding 
energy of H atoms with the trap site, RU is the universal gas constant, and 
T is temperature. The solubility of H in iron was experimentally 
measured by Quick and Johnson [180], giving rise to the solute H 
concentration as C0 = 0.00185fg1/2exp(− 3440/T) in atom fraction. fg is 

Fig. 16. Schematic illustrations of the fundamental H-material interactions, which have been proposed and well-accepted during these few decades. The right-hand 
side of the figure denotes some potential phenomena, which can be triggers of H-assisted crack growth, manifesting at the crack-tip zone loaded in a gaseous H2 
environment.
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the fugacity of H2 gas with a unit of atm, which is a function of gas 
pressure and temperature [39]. Considering six T-sites per Fe atom, it 
becomes θL = 9.8 × 10− 5fg1/2exp(− 3440/T) with fg in MPa. In Fig. 17, the 
relative FCG rate in H2 gas in Stage A with respect to that in N2 gas is 
plotted versus θx. Here, EB is parametrically varied within 40~60 
kJ/mol. Admirably, all the data points under a variety of 
pressure-temperature combinations are unified into one master curve, 
when EB is close to 50 kJ/mol. This value of 50 kJ/mol is, as expected, 
consistent with the H-GB binding energy in iron determined by experi
ments and computational analyses [12,167,181,182]. In this context, 
the physical meaning of temperature-increase to mitigate IG fracture 
and FCG acceleration (Figs. 4 and 8) is now straightforward. That is, 
thermally activated desorption of H from the GB trapping sites makes 
the H-coverage smaller, rendering the GBs less sensitive to damage 
nucleation and decohesion.

Another noteworthy point in Fig. 17 is that the (da/dN)H/(da/dN)N- 
θx relationship can be divided into three regimes: (i) θx < 0.2 with the 
absence of FCG acceleration; (ii) 0.2 < θx < 0.6 where FCG rate grad
ually increases with θx; and (iii) θx > 0.6 with a prompt escalation of the 
FCG acceleration rate. Alongside this tendency, the morphologies of 
fracture surfaces in H2 gas transition as follows [79]: (i) absence of IGs; 
(ii) relatively mild fraction of IGs having undulations on their surfaces 
(Fig. 8 (a)-(c)); (iii) large fraction of IGs with smooth surfaces (Fig. 8 
(d)-(f)). Based on the fracture model in Section 4.2.1, the presence of 
these three regimes is plausible since the critical strain for the combined 
establishment of sufficient GB damage size/density and fracture of in
ternal ligament should depend on the GB H-coverage. Namely, a large 
amount of cyclic deformation may be required for GB damage nucle
ation, growth, and coalescence (or these events are infeasible) under low 
θx. As a result, just a slight or negligible FCG acceleration and substantial 
traces of tunnel-like micro-voids on the IG fracture surfaces manifest. 
Meanwhile, void traces are shallow, and the FCG acceleration becomes 
much greater under higher θx due to the easiness of all the above fracture 
processes even with a lesser cyclic strain [79].

The GBs, which are involved in CPZ but still certainly distant from 
the crack-tip, can also preliminary be damaged according to the model 
in Section 4.2.1. If this is so, the fracture sensitivity of those GBs should 
permanently be increased even after the sample is extracted after a test 
interruption in H2 gas. Such a prognosis has experimentally been 
demonstrated by Nishikawa et al. [108]. The IG crack propagation 
indeed continues over a certain distance after switching the test envi
ronment from H2 to N2.

4.3. Transgranular crack growth: Stage B

4.3.1. Previous models
Aside from the lack of literature concerning the HA-FCG in Stage A, 

phenomenological models have been proposed for the transgranular (i. 
e., QC or CIT) crack growth in Stage B [45,59,74,75,116,183] (Fig. 18). 
Regarding this latter stage, a much more substantial H-effect on the FCG 
rate and its practical importance aggressively enhanced the researchers’ 
interests.

The first attempt was made by Marrow et al. on ferritic stainless steel 
[59] in terms primarily of the H-enhanced decohesion concept [152]. 
They explained that a local zone with high dislocation density is formed 
at the crack front. These dislocations significantly trap H and thereby 
giving rise to micro-scale cleavage in a brittle manner (Fig. 18 (b)). 
According to this hypothesis, a line of brittle-like striation on the frac
ture surface (Fig. 9 (c) and (d)) could be the evidence of temporal crack 
arrest when the cleavage is terminated after the passage of the crack 
through the locally brittle crack-tip zone. Otherwise, it is formed by a 
small crack-tip opening at the beginning of the next loading cycle.

Against Marrow’s model [59], the research group directed by Mur
akami and Matsuoka developed a fully plasticity-mediated crack prop
agation mechanism [185,183] (Fig. 18 (c)). They modified the FCG 
model developed by Laird and Smith [184], as well as by Bichler and 
Pippan [103], which originally aimed to explain the formation of fatigue 
striations in an inert environment in terms of crack-tip opening and 
re-sharpening: alternating slip-off model (Fig. 18 (a)). The main 
assumption of Murakami and Matsuoka’s model lies in the enhancement 
of dislocation mobility by solute H in iron, a claim supported by in-situ 
deformation experiments in an environmental TEM [142,157,158]. In 
the region ahead of the fatigue crack-tip, the presence of dislocations, 
high hydrostatic stress (i.e., stress-assisted diffusion) [186–188], and 
continuous supply from the crack surface all contribute to facilitating 
the condensation of H under a loading phase. Since the dislocation 
motion is enhanced and the plastic deformation is accordingly localized 
within this H-accumulated zone, the crack-tip successively advances 
without significant blunting. Each striation marking on the fracture 
surface (Fig. 9 (c) and (d)) is formed by a subsequent reverse slip and 
crack re-sharpening in an un-loading phase. The height of striation be
comes shallow due to a lesser degree of crack-tip opening as compared 
with that in non-hydrogenating conditions. In short, their model is an 
application of the H-enhanced localized plasticity (HELP) [141–143], 
which has been proposed as one of the predominant HE mechanisms. 
They emphasized the optical microscopy images like Fig. 13 as evidence 
to substantiate their model of H-assisted plasticity localization.

A different plasticity-mediated model was later developed by Nish
ikawa et al. (Fig. 18 (d)) [116]. The distinction of their model from 

Fig. 17. FCG acceleration rate in pure iron under H2 gas at various pressures and temperatures with respect to the room-temperature N2 gas, (da/dN)H/(da/dN)N, as 
a function of GB trap-site occupancy, θx, determined at a different binding energy with hydrogen, EB (reproduced from [79]). A good correlation between 
(da/dN)H/(da/dN)N and θx was obtained at EB ≈ 50 kJ/mol, where (da/dN)H/(da/dN)N monotonically increases with an increase in θx.
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others is that they presume micro-void nucleation ahead of the main 
crack-tip prior to the crack propagation. At the start of the loading 
phase, the material shows alternate slip (i.e., dislocations emission from 
the crack-tip) and crack-tip opening. Such alternate slip becomes a 
localized event under the presence of H like the assumption by Mur
akami and Matsuoka [185,183,189]. A line of brittle-like striation is 
formed in this crack-opening process. The long-range internal stress of 
these emitted dislocations shields the mode I stress-field at the crack-tip 
[190]. Instead, the location with maximum stress moves to the region 
slightly ahead of the crack. Once H accumulates into this maximum 
stress region and locally enhances dislocation mobility [157,158], 
extensive plastic deformation occurs. Then, micro-voids are nucleated 
via interactions of these dislocations with other slip systems or inclusion 
particles. The crack propagation takes place by void growth and its 
coalescence with the main crack. Ultimately, the basis of their model is 
also on the H-assisted dislocations activity and strain localization within 
the crack-tip (i.e., HELP [141–143]). What should be appreciated in 
their study is the extensive efforts to substantiate their own model 
through various dedicated experiments involving intermittent changes 
of loading form and test environments.

4.3.2. Compatibility of the previous models to experimental findings
For a comprehensive understanding of Stage B HA-FCG, the 

candidate model can consistently explain all the experimentally identi
fied crack morphologies, fracture surface features, and the dependencies 
of FCG acceleration on various mechanistic and environmental factors. 
Specifically, the key points are: 

(i) Lesser development of dislocation structure in the crack-wake.
(ii) Crack propagation partially along {001} cleavage plane.

(iii) Presence of the transition from Stage A to B.
(iv) Prompt decrease in FCG acceleration rate at low test frequency.
(v) H2 gas pressure- and temperature-dependencies of FCG rate.

In Fig. 18, compatibilities of the three previous crack propagation 
models [59,116,185] to these points (i)~(v) are assessed. All models suit 
the weakening of dislocation structure development since a faster FCG 
rate under a given ΔK inevitably leads to the reduction of cumulative 
plastic strain inside the CPZ (cf. Section 3.2.1). Considering the signif
icance of H-dislocation interactions for both micro cleavage (Fig. 18 (b)) 
and plasticity localization (Fig. 18 (c) and (d)) models, the mitigation of 
HA-FCG by an increasing temperature seems to be a natural conse
quence of thermally activated evaporation of H from dislocations trap
ping [191]. However, each model includes one or more incompatible 
points, although they partially conform to some of the above (i)~(v).

Since the H-enhanced decohesion is a positive function of H 

Fig. 18. Previously proposed models for the transgranular FCG processes involving (a) ductile striations in air or inert environment [103,184], as well as for (b)~(d) 
transgranular HA-FCG in Stage B with brittle-like striations [59,116,183,185]. The compatibilities of each model to some key phenomenological findings described in 
Sections 2 and 3 are assessed in the lower table.
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concentration [153–155,192], Marrow’s model [59] predicts a greater 
magnitude of FCG acceleration in Stage B with an increase in H2 gas 
pressure. However, the FCG rate after the Stage A-to-B transition ex
hibits, in practice, minor gas pressure-dependence (Fig. 5 (a)). 
Regarding the other two plasticity-mediated models, one cannot find 
any plausible reasons for the crack selecting specific crystallographic 
planes such as {001}. Moreover, in the model by Murakami and Mat
suoka [45,185,183,189] assuming the change of crack-tip plasticity 
expansion, the dislocation activity is locally still substantial, which 
would lead to high misorientation development in the close proximity to 
the crack. This was not evidenced in our observation in Fig. 14 (i.e., 
plasticity was merely reduced rather than localized), as well as in the 
investigation by Wan et al. on Fe–3%Si steel [193]. Besides, considering 
the plasticity localization only, a dramatic and prompt transition of the 
fracture mode from IG to CIT is hard to rationalize (Why the fracture 
mode observed in Stage B does not manifest at low ΔK?). Some recent 
experiments also criticized the H-induced plasticity localization [194,
195]. These studies demonstrated that the overall size of the crack-tip 
plastic zone is not changed by H, whereas H may affect the plasticity 
in the limited region close to the crack.

The abnormally mitigated FCG acceleration at a low loading fre
quency was discussed by Matsuoka et al. [45] and Nishikawa et al. [116] 
from the viewpoint of H distribution around the crack-tip. In short, they 
assumed a broadening of H distribution with a slowdown of loading rate 
(i.e., allowable time for H diffusion). The broader H distribution may 
relax the severity of H-induced plasticity localization. Note, however, 
that the H diffusivity in ferrite at ambient temperature is fast (i.e., 
10− 10~10− 8 m2/s [196,197]) so that the migration of H through the 
lattice takes place by a distance 10− 5~10− 4 m or greater within just 1 s. 
In contrast, the FCG rate in H2 gas is no more than an order of 10− 6 

m/cycle (Fig. 2). Thus, the H distribution around the crack-tip should 
already be broad enough even at 1 Hz, when the FCG test is running in a 
steady-state.

4.3.3. Development of a dislocation-obstruction model
Enhanced dislocation mobility by H, which has been visualized in an 

environmental TEM [157,158], is still attracting the researchers’ 
attention for explaining many aspects of the H-effects on material 
properties. Nevertheless, recent developments in computational calcu
lations enabled us to obtain a more straightforward picture of H-dislo
cation interactions [191,198–203]. These new insights are stirring up a 
debate over the well-established hypothesis on the role of H in changing 
the dislocation mobility.

The starting point of computational studies on BCC iron was to 
calculate an interaction between only one solute H atom and a dislo
cation line [204,205]. It was in the 2010s that the calculation became 
feasible for synergistic interactions with multiple H atoms under a more 
realistic H concentration and time scale [191,198,200,206]. The first 
pioneering study was performed by Song and Curtin [198]. They 
demonstrated that the dragging force by the H atmosphere slows down 
the movement of an edge dislocation under a given applied stress. 
Similar verifications have later been carried out [200–203,206], 
reaching an identical conclusion that H can obstruct dislocation motion 
rather than enhance it. Only in some very limited cases (e.g., when H 
concentration and applied stress were both extremely low; or when the 
deformation is controlled by kink-pair formation rate on a screw dislo
cation line), an enhancement of dislocation mobility by H can be 
observed [191,199,201,207,208]. In relation to the present review, one 
has to emphasize the most recent paper by Matsumoto et al. [200]. They 
simulated the interaction force of an edge dislocation with segregated H 
under various dislocation velocities, reporting that H exerts a significant 
dragging or pinning force of more than 500 MPa in shear stress. Notably, 
the H concentration assumed in their study was less than the equilibrium 
in an H2 gas environment with an atmospheric pressure. Their com
panion analysis also inferred that the accelerated dislocation motion 
observed in TEM is an artifact stemming from the adsorption of H atoms 

on the surface of thin foils [209].
In terms of a small-sized mechanical test in an environmental SEM, 

the research group of Barnoush et al. has recently proposed a new H- 
assisted cracking mechanism in an assumption opposed to the well- 
accepted localized plasticity concept [193,210]. Since the H-induced 
crack acceleration in Fe–Al intermetallic alloy accompanies a restricted 
extension of the crack-tip plasticity, they claimed that accumulated H 
atoms into the crack-tip critically decrease the dislocation mobility. 
Crucially, this idea is compatible with the recent computational simu
lations mentioned above [198,200,201,206]. Thanks to the fracture 
model by Barnoush et al., the authors finally consider the most plausible 
crack propagation mechanism for Stage B as follows.

The dislocations, which are emitted from the crack-tip, are promptly 
immobilized by locally accumulated H atoms. Considering the crack-tip 
zone where dilatational hydrostatic stress, σh, becomes significant, such 
stress-dependent H accumulation obeys the Arrhenius-type statistical 
equation in the simplest form [20,33]. 

CH,local =C0 exp
(

σhVH

RUT

)

(4) 

where C0 is the thermal equilibrium H concentration under zero stress, 
and VH is the molar volume of H in iron. Because of the restricted 
dislocation movement, crack-tip blunting and associated local stress 
relief (i.e., plastic relaxation) become infeasible. The stress shielding by 
emitted dislocations [190] is also weakened accordingly, increasing the 
local stress far beyond that under the absence of H. With the aid of these 
stress-amplifying factors, crack propagation commences when a critical 
crack-tip stress is reached under an increase in the externally applied 
load. The propagation process may involve an initiation of a precursory 
micro-crack at the location with maximum hydrostatic stress ahead of 
the main crack-tip and its coalescence with the main crack. This pre
cursory micro-crack potentially nucleates along {001} cleavage plane 
[74,146,211]. Or otherwise, they are along specific crystallographic 
planes such as {011} [55,113,148], wherein atomistic cohesive energy 
could more or less be reduced by H [155,212]. Ultimately, the crack is 
temporarily arrested after passing through this extremely stressed and 
H-accumulated zone. These series of events are repeated in 
cycle-by-cycle.

The brittle-like striation on the CIT surface (Fig. 9) may be a 
consequence of small crack-tip blunting via the emission of a small 
number of dislocations or the temporal crack arrest. In terms of the 
nucleation of precursory micro-crack ahead of the main crack, our 
model is positioned in-between the models by Marrow (Fig. 18 (b)) and 
Nishikawa (Fig. 18 (d)). Nonetheless, the essence of our model is entirely 
different from these two previous models. We consistently assume H- 
induced locking of dislocations rather than mere lattice decohesion or 
enhanced dislocation mobility.

The locking of dislocations at the crack-tip may also be caused by 
other interstitial elements like carbon or nitrogen. Nevertheless, the 
solubility of these elements in BCC iron is quite low at around room 
temperature (e.g., for carbon, it is less than 1 mass ppm), besides their 
diffusion is much slower than H. Thus, long-range diffusion is required 
for their accumulation into the hydrostatic stress field around the crack- 
tip, which is not feasible within the time scale of one loading cycle in the 
FCG test. Regarding H, it would also require a decent time duration if H 
was pre-charged (not supplied from the gaseous phase) and needed to 
accumulate into the crack-tip via diffusion through the iron lattice. 
Indeed, in ferrite-pearlite carbon steel containing ≈1 mass ppm pre- 
charged H after immersion into NH4SCN, the FCG acceleration was 
observed only at a low loading frequency of less than 0.1 Hz [213]. Since 
H is continuously supplied from the proximity of the crack-tip fracture 
process zone, a gaseous H2 environment is deemed to be the most severe 
practical condition for the emergence of HA-FCG. Such a direct atom 
supply into the crack-tip can be achieved for other interstitial elements if 
one uses special experimental equipment. Narita et al. performed static 
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crack growth tests of Fe-2.5%Si ferritic single crystals under gaseous 
plasmas of 25 Pa hydrogen, helium, and nitrogen [214]. They reported 
accelerated crack growth without crack-tip blunting not only by H but 
also by He. Even by N, brittle crack propagation can be observed at 450 
K where N diffusivity becomes considerable. The mechanism proposed 
in this paper may be relevant to these embrittlement phenomena caused 
by other right elements, motivating us to further verify such universality 
of our dislocation locking model.

4.3.4. Conformity to the phenomenological findings
The model established in Section 4.3.3 tentatively relies on two 

primary assumptions: H-induced locking of dislocations in the crack-tip 
zone; and H-induced reduction of interatomic cohesive energy along 
some specific crystallographic planes. Both the significance of disloca
tion immobilization and the easiness of atomistic plane separation 
should be H-concentration-dependent. For the onset of Stage B, the 
combination of those two factors and the externally applied stress must 
reach a certain criterion, which is sufficient to encompass the CIT crack 
growth. Such a simple hypothesis likely leads to qualitative but plausible 
explanations for the presence of Stage A-to-B transition and its de
pendency on the H2 gas pressure (Fig. 4 (a)). In what follows, the validity 
of our new model is examined in light of some supporting experimental 
information.

According to Eq. (4), an increase in ΔK leads to a greater H accu
mulation into the crack-tip zone via an increase in σh. This increasing 
local H concentration eventually renders the decreasing dislocation 
mobility and the reduction in atomistic cohesive energy both effective. 
In addition, an increase in applied load escalates the driving force for 
fracture, i.e., normal stress to the crack plane. When these multiple 
factors compositely reach a criterion under an increasing ΔK, CIT crack 
growth overwhelms IG and triggers the HA-FCG transition from Stage A 
to B. As the H2 gas pressure becomes higher and the local crack-tip H 
concentration accordingly increases, such a criterion should readily be 
reached even under a smaller ΔK. This is the potential reason why the 
Stage A-to-B transition shifts to smaller ΔK with an increase in the H2 gas 
pressure (Fig. 4 (a)). Here, let us approximate that the criterion for the 
emergence of CIT is almost bipolarized: whether the applied stress and 
an H-induced decrease in dislocation mobility (i.e., restriction of plastic 
relaxation) are sufficient enough to cleave the lattice or not. In this re
gard, it seems reasonable that the FCG acceleration rate in Stage B shows 
only a weak dependency on H2 gas pressure once after the acceleration 
started (Fig. 5 (a)), while ΔK for the onset of Stage B is strongly pressure- 
dependent (Fig. 4). To say conversely, such a weak dependency on H2 
gas pressure implies greater importance of dislocation immobilization 
than the reduction in atomistic cohesion for the CIT fracture.

The dependencies of the Stage B FCG acceleration rate on tempera
ture and loading frequency (Fig. 4 (b) and Fig. 5 (b)) can also be ratio
nalized by the new model. One should consider the thermal equilibrium 
state of H-trapping by dislocation, as well as the thermal activation 
process of the dislocation to overcome those segregated H. At an 
elevated temperature, the thermal vibration of H atoms is substantial, 
and thereby H tends to evaporate from the dislocation’s trapping. Thus, 
H-induced immobilization of crack-tip dislocations is no longer opera
tional. The occupancy of H atoms around dislocation lines also follows 
the Fermi-Dirac formula of Eq. (3) [179]. Matsuoka et al. systematically 
studied the relationship between θx and the dependencies of Stage B FCG 
acceleration rate on the H2 gas pressure and temperature like Fig. 17. 
They reported that Eb = 47 kJ/mol yields the best fit of their experi
mental data [72]. Indeed, this value of Eb is closely correlated with the 
analytically determined binding energy between an H atom and a region 
close to the dislocation core in iron [215]. Moreover, it is also a thermal 
activation process for a dislocation to move forward via overcoming or 
dragging the obstacle solute atoms segregated in the dislocation core 
[216,217]. Assuming an extreme condition where dislocation velocity is 
significantly faster than solute diffusion, the probability of dislocation 
segment with the length, lcrit, for surmounting the obstacles via 

Fisher-type breakaway [218] has been formulated by Lothe [217]. 

Pbreakaway =

(
1
C0

)lcrit/b

exp
(

−
lcritEB,disl

bRUT

)

(5) 

where b is the magnitude of Burgers vector, and EB,disl is the interaction 
energy of H atoms with the dislocation. Namely, an increase in tem
perature synergistically aids the movement of dislocation not only by 
reducing the local H concentration along the dislocation line (Eq. (3)) 
but also by an exponential increase in Pbreakaway. Besides, with the 
decrease in local strain rate inside the crack-tip zone (i.e., decreasing 
loading frequency), there would be more chance for the dislocation to 
surmount the obstacle H atoms even under the same local H concen
tration and temperature. That is, the dislocations, which have been 
immobile under a relatively fast loading frequency, can theoretically be 
mobilized via thermally activated overcoming of obstacles as the loading 
rate decreases.

Note that Eq. (5) seems inapplicable to the case where dislocation 
velocity and H diffusivity are competitive. Under such a circumstance, H 
primarily exerts the atmosphere drag resistance. Nonetheless, such 
dragging motion requires successive short-range jumps of individual H 
atoms toward the direction of dislocation movement, which can also be 
regarded as a framework of breakaway events on an atomic scale. The 
feasibility for this type of motion is also expressed by an Arrhenius form 
like Eq. (5) [200,219], including the binding energy of H and the H 
concentration along the dislocation line in the numerator of the expo
nent. Thus, the universality of Eq. (5) can express both types of dislo
cation motion via solute drag and atmosphere breakaway.

Most recently, the two of the present authors tried to formulate the 
temperature- and loading rate-dependencies of HA-FCG by implement
ing both the thermal equilibrium of H-trapping state in dislocations and 
thermally activated overcome (drag or breakaway) of dislocations from 
the H atoms along their core [220]. We employed Eq. (3) for expressing 
the former, while the latter was taken into account by a simplified 
Arrhenius form as the following Eq. (6). The simplest form of an equa
tion for the FCG rate is given by Eq. (7). 

Pbreak = exp
(

−
C1EBθx

RUT

)

(6) 

(
da
dN

)

H
= (1 − Pbreak)

C2
/

f
{(

da
dN

)

H,max
−

(
da
dN

)

N

}

+

(
da
dN

)

N
(7) 

where (da/dN)H,max is the upper limit of FCG rate in H2 gas. C1 and C2 
are fitting constants.

Fig. 19 shows the loading frequency-dependencies of the magnitudes 
of HA-FCG in a 0.16% carbon steel under 0.7 MPa H2 gas at ΔK = 30 
MPa m1/2 (i.e., Stage B regime) for various temperatures of 300~423 K. 
The fitting results with Eq. (7) are drawn with solid curves, wherein 
their good correspondence with the experimental data is evident. For 
any sake, the success of Eq. (7) in expressing the practical HA-FCG 
behavior substantiates our concept: a predominant responsibility of H- 
induced obstruction of dislocation motion at the crack-tip. In reality, 
drag resistance and pinning force competitively operate, the latter of 
which may become increasingly important and lead to more substantial 
FCG acceleration at a lower temperature and faster loading frequency.

5. Summary and remaining tasks

Our series of experimental studies and literature survey substanti
ated an explicit manifestation of the hydrogen-assisted fatigue crack 
growth (HA-FCG) in ferritic iron and steels comprising Stage A, which 
predominates at a low ΔK domain below ≈15 MPa m1/2, and Stage B at a 
higher ΔK. These two stages were distinct in their microscale fracture 
surfaces and crystallographic cracking pathways, macroscopically 
leading to the critical difference in the corresponding FCG acceleration 
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rate. This dual-stage HA-FCG is schematically summarized in Fig. 20, 
wherein brief descriptions of the dependencies on mechanistic and 
environmental variables, as well as prevailing failure mechanisms in 
each stage, are appended.

The main failure mode in Stage A is intergranular (IG), the pro
pensity (i.e., area fraction on the fracture surface) of which increases 
with an increase in H2 gas pressure. However, the nature of this IG is 
entirely different from the brittle IG usually reported in the HE of high- 
strength materials [33,104,107]. Its key process is micro-void nucle
ation and coalescence along the grain boundaries (GBs) involved within 
the cyclically deformed plastic zone (CPZ) ahead of the crack-tip via 
some forms of H-GB-dislocation interactions (Fig. 20 (b)). Accordingly, 
the final separation of GBs inherently requires an accumulation of 
plastic strain inside the CPZ with the aid of cyclic loading. Owing to this 
requirement for cyclic plasticity and concomitant energy dissipation, the 

FCG acceleration rate in Stage A remains relatively mild (up to 10 
times). Considering that a major part of fatigue life in real industrial 
components is consumed by FCG at a low-stress intensity range, the 
presence of this mild acceleration regime is practically desirable for 
ensuring the material’s robustness under a defect-tolerant design.

Meanwhile, substantial FCG acceleration up to 100 times occurs in 
Stage B. The fracture surface is replaced entirely with a transgranular 
mode accompanying brittle-like striations, which has conventionally 
been termed quasi-cleavage (QC) [42,73,116]. However, such trans
granular fracture is a consequence of the crack propagation partly along 
{001} cleavage plane, thereby designated in the present paper as 
“cleavage-involving transgranular (CIT)” cracking (Fig. 20 (c)). What 
should be emphasized is a dramatic reduction of the plasticity devel
opment around the crack-wake, which is distinct from the 
plasticity-mediated IG HA-FCG in Stage A. Although an increasing H2 
gas pressure renders the critical ΔK for Stage A-to-B transition smaller, 
the FCG acceleration rate in Stage B is rather pressure-insensitive. A 
plausible model to rationalize such pressure independence is the 
immobilization of dislocations and an inhibited stress relief at the 
crack-tip, which has recently been proposed [193,210] in opposition to 
the well-accepted H-enhanced localized plasticity models [142,185,
183]. In this context, a prompt increase in the FCG acceleration rate at 
the Stage A-to-B transition seems reasonable because the essential fail
ure mode suddenly changes from plasticity-mediated to locally brittle. 
Note however that the CIT facets involved minute undulations even in 
the regions in-between the lines of brittle-like striation as can be seen in 
Figs. 9 and 14 (i), a feature different from the conventional cleavage 
fracture that is almost perfectly flat [221]. One possible reason for such 
configurational complexity is the plastic deformation preliminarily 
introduced within the CPZ, possibly encompassing some curvatures of 
the crystal planes prior to fracture. Additionally, the emission of a small 
number of dislocations that will eventually be immobilized by H or the 
arresting process of the crack after the passage of the locally brittle zone 
(i.e., the formation process of brittle-like striation lines) also the po
tential causes of minute crack-tip plasticity, which are not the case in 
ordinary cleavage.

It is crucial to state again that, in both Stages A and B, the pre- 
requisite for IG and CIT fractures is the significance of H-trapping by 
defects: GBs for Stage A and dislocations for Stage B. Due to the 

Fig. 19. Loading frequency-dependence of the HA-FCG in a 0.16% low-carbon 
steel under 0.7 MPa H2 gas at ΔK = 30 MPa m1/2 for various temperatures of 
300~423 K [220]. The circle plots display the experimentally acquired data, 
while solid lines are the results of data fitting with Eq. (7).

Fig. 20. Summary of the HA-FCG behavior in ferritic iron and steels. (a) da/dN-ΔK curve consisting of dual stages A and B, (b) processes of intergranular (IG) crack 
propagation in Stage A, and (c) potential mechanism of cleavage-involving transgranular (CIT), i.e., conventionally called quasi-cleavage, fracture in Stage B.
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exponential temperature dependence of the trap site H-occupancies (Eq. 
(3)), an increase in temperature consistently mitigates the FCG accel
eration in both stages and shifts the Stage A-to-B transition toward a 
higher ΔK.

While this overview provided our latest understanding, some unre
solved assignments remain to be cleared up. The typical issue is the 
further details of the crack path crystallography in Stage B. The fracture 
model in Fig. 20 (c) was established based on the authors’ finding of 
{001}-type crack propagation. However, this {001}-type HE fracture 
has not necessarily been observed even in the HE of similar bcc-based 
steels [110,113,122]. One possible reason for this contradiction is the 
differences in stress state depending on the specimen configurations. 
The authors’ observations were all performed at the mid-thickness 
portion of the CT specimen with B = 10 mm, where the plane-strain 
stress state prevails [222]. Under such a circumstance, cleavage-type 
brittle fracture is more likely to emerge compared to thinner speci
mens due to high-stress triaxiality and resultant plasticity constraint 
[222,223]. To tackle this point, clarification of the effect of sample 
thickness and additional analyses of statistically significant numbers of 
grains are required. Moreover, preferential crack propagation along 
other crystallographic planes such as {011} under higher H2 gas pres
sure is also a mystery. Elaborations on these assignments will give us a 
more advanced and complete form of Fig. 20 (c).

From the practical point of view, HA-FCG data at lower (below 
ambient) temperatures, as well as systematic elucidations of the in
fluences of load ratio and microstructural variables, are also essential. 
Hopefully, it will be valuable for the life assessment of engineering 
components if one can quantitatively estimate the Stage A-to-B transi
tion as a function of ΔK, R, f, temperature, and H2 gas pressure. Several 
modeling works have been carried out to formulate the onset of Stage B 
[20,45,224], and seemingly have reached an apparent success. Never
theless, the implemented parameters in their formulae are, although 
these are indeed vital, only the H-diffusion/accumulation kinetics and 
CPZ size. A standpoint on the changes in fractographic characters is still 
lacking. Finally, a motivation from our discoveries (i.e., microstructure- 
and crystallography-dependent crack propagation) is to modify the 
microstructure via adequate thermo-mechanical processing. This has not 
been directed in the field of FCG in steels because of the fair micro
structural insusceptibility of Stage II da/dN-ΔK curves in air and inert 
environments. By optimizing, for instance, grain size, GB characters, and 
rolling textures along the principal stress axis, an innovative ferritic steel 
with a lowered sensitivity to HA-FCG can potentially be created. Pro
active efforts in addressing these challenges should advance both the 
development of novel H-compatible structural materials and consequent 
enhancement in the reliability of H energy-related devices.
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