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As for the alloying additions of carbon (C) and nitrogen (N), the involvement of solute hydrogen (H) in face-centered—cubic (FCC) Fe—
Cr—Ni-based austenitic steels causes considerable magnitude of solid solution—hardening. Notably, the strengthening ability of these three
interstitial elements is almost comparable to each other, although H is significantly smaller than C and N in its atomic size. The present paper
overviews the phenomenology of such H-induced solid solution-hardening and its underlying rationales in commercial 300—series Fe—Cr—Ni
austenitic steels after uniform H—charging in pressurized gaseous H, environment at elevated temperatures. The effects of H concentration,
deformation temperature, strain rate, and chemical composition of the alloy, as well as the thermal activation process of deformation, are
extensively reviewed based mainly on the authors’ recent works. Potential roles of three key factors: 1) solute drag of H atmosphere around a
dislocation; 2) H-diffusion—controlled glide of dislocation core; and 3) the presence of H—substitutional complex, are discussed in light of the
conventionally established theories of dislocation dynamics and plasticity. The H-induced solid solution-hardening is maximized when the
factors 1) and 2) (i.e., dynamic interactions between diffusible H and mobile dislocation) exert primary contributions to the flow stress. This fact
is attributed to the exclusively high mobility of H atoms in austenite lattice even at around an ambient temperature, which is not the case for C

and N that remain immobile during the deformation.
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1. Introduction

Hydrogen, a potential energy carrier for achieving carbon
neutrality, has attracted increasing attention from global
society—especially since the 2000s—as a solution to
worsening environmental issues and the depletion of fossil
fuels. However, for structural metallic materials that are
used for long durations under severe hydrogenating
conditions in hydrogen—utilizing equipment, concerns on
hydrogen embrittlement (i.e., degradation of strength,
ductility, and other mechanical properties due to the ingress
of hydrogen atoms) [1, 2] remain an unresolved technical
issue. In hydrogen refueling stations for fuel cell vehicles—
representative  hydrogen—utilizing facilities—components
such as pipes, joints, valves, and dispenser nozzles, which
come into contact with high—pressure hydrogen (H,) gas,
are made of 300—series austenitic stainless steels primarily
composed of Fe—Cr—Ni. Austenitic steels with a face—
centered—cubic (FCC) crystal structure may also suffer
embrittlement through stress— or strain—induced phase
transformation to body—centered—cubic (BCC) or hexago-
nal-close-packed (HCP) structures during plastic
deformation. However, when FCC matrix remains stable
throughout deformation, these steels exhibit superior
resistance to hydrogen embrittlement compared to other steel
types [3—8]. Accordingly, in currently operating hydrogen
refueling stations, materials such as JIS-SUS316 and
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SUS316L—classified as stable austenitic steels—are mainly
employed. Suitable materials are selected under strict
regulations regarding the total threshold amount of Ni and
other FCC—stabilizing elements (i.e., Ni equivalent) [9, 10].

Despite their excellent resistance to hydrogen embrittle-
ment, the yield strength of stable austenitic steels at room
temperature is generally limited to 200-300 MPa. Their
strength is significantly lower than the yield strength of
medium carbon steels or low—alloy steels (400-800 MPa),
which are widely used in structural applications, thereby
leading to a reduction in allowable stress and an increase
in material thickness. Solid solution—hardening through the
addition of carbon (C) and nitrogen (N) [11-15], dispersion—
hardening via precipitation of y (Ni3(AlTi)) phases or
carbides such as VC [16, 17], and grain refinement [18, 19]
have long been studied as effective strengthening methods
for austenitic steels. Among them, solid solution—hardening
can be combined additively with all other strengthening
mechanisms [20], making it the most fundamental approach.
Hydrogen (H), one of the interstitial elements, typically
induces solid solution—hardening in FCC materials similar
to other elements, while it is commonly accompanied by a
trade—off in degraded ductility [8, 21, 22]. However, the
present authors recently discovered that when high concen-
trations of H are added to specific types of stable austenitic
steels—such as SUS310S (Type310S) and SUS309S
(Type309S)—both yield and tensile strength increase propor-
tionally with H concentration, without compromising the
intrinsic ductility of the material [23-25]. Notably, the
increase in yield strength due to H is comparable to that
achieved by the same atomic concentration of C or N

(Fig. 1).
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Fig. 1
51], and hydrogen [24, 33, 34, 38, 50] at ambient temperature.

The pronounced solid solution—hardening caused by H
(hereinafter referred to as H—induced solid solution—harden-
ing), and the associated increase in plastic deformation
resistance, offer significant application potential. In compo-
nents such as high—pressure gas pipelines—where the applied
stress is maximized at the surface in contact with H; (the entry
side of H)—this effect may serve not only to spontaneously
strengthen the material and suppress fracture but also to
enhance resistance against fatigue failure [26]. Nevertheless,
despite similar phenomena having been reported in a wide
range of FCC materials—including pure Ni [27-29], Ni—
based alloys [21, 30, 31], austenitic steels [32—34], and more
recently, high—entropy alloys [22, 35]—our understanding of
the characteristics and underlying mechanisms of H-induced
solid solution—hardening remains insufficient, even after more
than half a century since research in this area began. In
particular, considering the most fundamental principle that
solid solution-hardening originates from the mechanical
interactions between lattice strain fields around interstitials
and dislocations [36, 37], the finding that H—despite having a
much smaller atomic radius than C or N—can achieve
comparable strengthening is seemingly anomalous. Elucidat-
ing such an anomaly is a critical issue for revisiting
established theories of interstitial-induced solid solution—
hardening in FCC alloys and for further approaching the
essential nature of strengthening mechanisms. Since the
aforementioned discovery, the present authors have continued
research using both macroscopic mechanical testing and
atomic—scale simulations. We aimed for comprehensively
understanding the effects of H concentration, temperature,
strain rate, and alloy composition on H-induced solid
solution—hardening in Fe—Cr—Ni austenitic steels, and for
constructing a unified model capable of explaining the
dependencies on these parameters without contradiction [23,
24, 38-41]. The present paper provides, in relation to relevant
literature, an overview of the latest insights we have
accumulated and describes the concept of the H-induced
solid solution—hardening model we have developed. Ulti-
mately, the remaining research challenges are raised.

2. Phenomenological Characters of H-Induced Solid
Solution—Hardening

2.1 Lattice strain and concentration—dependence
When segregation to lattice defects such as dislocations or
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grain boundaries is not taken into account, all three interstitial
elements—carbon, nitrogen, and hydrogen—occupy octahe-
dral interstitial sites (O-sites) in FCC lattice (Fig. 2).
According to a simple rigid-sphere model, the radius of
austenitic O-site in 300 series stainless steels is approx-
imately 52—53 pm, whereas the covalent radii of carbon and
nitrogen are relatively large, around 70 pm [42]. In practice,
the bonding state and interactions between host metallic
atoms and interstitial elements affect this approximation,
leaving some doubt about its accuracy. However, X-ray
diffraction has experimentally shown a lattice expansion of
approximately AV = 8.6 x 1073 nm?> per carbon or nitrogen
atom in austenite [43]. Ohkubo et al added various
interstitial and substitutional elements to an austenitic steel
primarily composed of Fe—17Cr—12Ni—-0.8Mn (mass%).
They reported a good correlation between the lattice constant
change due to alloying elements and the amount of solid
solution—hardening [13]. A similar trend is also clearly
demonstrated in the book written by Marshall [44]. As will
be discussed later, the influence of other factors, such as
complexes formed between interstitial and substitutional
atoms, has been pointed out [11, 12, 45, 46]. Nevertheless, it
is an undeniable fact that lattice strain around carbon and
nitrogen contributes to solid solution—hardening to a certain
extent. According to the work by Slater, who estimated
atomic radii based on experimentally determined interatomic
distances in various crystal structures [42], the covalent
radius of H is less than 30 pm (Fig. 2). The present authors
performed neutron diffraction measurements on bulk speci-
mens of Type310S (Fe—24Cr—19Ni) steel uniformly charged



Phenomenology and Mechanisms of Hydrogen—Induced Solid Solution-Hardening in Fe—Cr-Ni Austenitic Steels 387

with 7600 at ppm H and revealed that the lattice expansion
per H atom is AV =227 x 103 nm?® [47]. This value is
approximately one—quarter of the lattice expansion caused
by carbon or nitrogen, almost consistent with both
experimental [48] and atomistic simulation results [49] by
other researchers.

Figure 1 summarizes the dependence of yield stress (0.2%
proof stress) enhancement on solute H concentration,
measured at room temperature in Fe—Cr—Ni austenitic steels
over a wide range of compositions [24, 33, 34, 38, 50]. The
experimental data for carbon and nitrogen [11, 12, 51] are
included together. The amount of H-induced solid solution—
hardening is linearly proportional to H concentration;
although slightly lower than the strengthening by nitrogen,
it is comparable to or even greater than that by carbon. This
provides clear evidence that H—induced solid solution—
hardening originates not only from lattice strain but also
from other intrinsic factors. It should be noted that most of
the data points in Fig. 1 were obtained from specimens
uniformly charged with H via long—term exposure to high—
temperature and high—pressure H, environments. The
maximum H content that can be achieved by gaseous
exposure is limited to below 10,000 at ppm (1at%). In
contrast, Abraham and Altstetter added up to 10at% H to
thin films of Type310S steel by cathodic charging and
measured the yield stress [33]. In their data, the magnitude of
strengthening tended to saturate when the H content
exceeded 5 at%.

2.2 Effects of temperature and strain rate

The process in which a dislocation overcomes solute atoms
as short-range (a few atomic spacings) obstacles—including
their strain fields—is generally a thermally activated process
aided by atomic vibration [52]. Accordingly, in addition to
solute concentration, the parameters that have been
investigated as factors influencing solid solution—hardening
are the deformation temperature and strain rate (i.e.,
allowable time to cause a certain amount of deformation).

Figure 3 shows the stress—strain curves and the temper-
ature— and strain rate—dependences of the yield stress in
Type310S steel (with the H concentration of 7300-7600 at
ppm), obtained by the authors in the temperature range of
173-423 K [38]. As can be seen from Fig. 3(b), the yield
stress increases monotonically with decreasing temperature,

regardless of the presence or absence of H. This trend
indicates that thermally activated processes contribute
significantly to dislocation motion at the yield point in the
Type310S steel. On the other hand, H-induced solid
solution—hardening (i.e., the gap of yield stress between H—
charged and non—charged specimens) becomes significant at
temperatures below 400 K (Fig. 3(c)). Although the amount
of H-induced solid solution—hardening once tends to increase
with decreasing temperature, it shows a peak around 300 K.
A particularly notable feature is the influence of strain rate
near 300 K; when the strain rate is decreased from 5 x 107>/s
to 5 x 1077 /s—equivalent to an increase in temperature in
terms of thermal activation, the H-induced increase in yield
stress is significantly reduced. However, when the strain rate
is increased from 5 x 1073/s to 5 x 1073/s, the amount of
solid solution—hardening again decreases, resulting in its
peak around 5 x 107>/s. Such a phenomenon, in which solid
solution—hardening is maximized near room temperature and
at a specific strain rate, is a characteristic unique to H and not
observable for C or N.

The non—monotonic dependence of solid solution—harden-
ing on temperature and strain rate is often ascribed to solute
diffusion [52-54]. Figure 4 presents the experimentally
measured diffusion coefficients, D, of C [55-57], N [58—
60], and H [8, 61, 62] in austenite, as well as their jump
frequencies, v, calculated from the following equations.

E
D = D, exp(— R—?) (1
24D
V=" )

Here, D, is the pre—exponential factor, Ep is the diffusion
activation energy, R is the gas constant, 7" is the absolute
temperature, and « is the lattice constant. It should be noted
that the reported diffusion coefficients for C and N are limited
to temperatures above 700K, and for H, to those above
400K. Therefore, the data for temperatures below these
ranges were extrapolated using Dy and Ep measured at higher
temperature domains. The diffusion of C and N in austenite is
more than seven orders of magnitude slower than that of H,
and their jump frequencies at 300 K are only about 107#/s or
less. In contrast, the jump frequency of H at 300K is as high
as 10°/s, indicating that H can diffuse through the material
rapidly even at room temperature. The H diffusivity decreases
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Fig. 3 Effects of temperature and strain rate on the characteristics of solid solution-hardening in Type310S (Fe-24Cr-19Ni) austenitic steel
with (7300-7600 at ppm) and without hydrogen [38]. (a) true stress-strain curves; (b) yield strength as a function of temperature; and
(c) hydrogen-induced increase in yield strength at different temperatures and strain rates.
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to the level of C and N at 300 K only when the temperature
drops below 200K. Notably, ~200K corresponds to the
temperature range in Fig. 3(c) where the amount of H—
induced solid solution—hardening begins to decrease from its
maximum. This implies that dynamic H diffusion during
deformation plays an important role in the H-induced solid
solution—hardening at room temperature, although its detailed
role will later be discussed. Owing to its practical
significance, the following sections will primarily focus on
the H-induced solid solution—hardening at room temperature.

2.3 Effects of alloy composition

The H-induced solid solution—hardening is linearly
proportional to H concentration (Fig. 1). Thus, for effectively
manifesting the solid solution—hardening by H supplied from
the gaseous phase, the alloy must possess high H—solubility,
capable of dissolving more H under a given temperature and
gas pressure condition. In this regard, substitutional alloying
elements in austenite are of key importance.

The thermal equilibrium H concentration, Cs, in metals
under H, gas environment is determined by the basic
Sieverts’ law [63]:

3

where K is a material constant including the H, gas
temperature and the H-absorption energy. f is the H, gas
fugacity, which accounts for the deviation from ideal gas
behavior due to pressurization [63]:

Cs = Kf\?

Pb

f= Pexp( RT) 0
In eq. (4), P is the H, pressure, and b is a constant
(15.84 cm?/mol [63]). In general, the temperature—depend-
ence of K is weak. Therefore, the equilibrium H
concentration, Cs, in H; at a given temperature and pressure
can be approximated as being proportional to /2.

The present authors investigated the H-solubility in
austenitic steels with various Cr and Ni percentages under
controlled H, environment, identifying a strong interrelation
between the equilibrium H concentration and Cr content [24].
Figure 5 presents a compilation of H—solubility data obtained
from the authors’ own studies [24, 64] and from the literature
[34, 50, 64], in which the product of Cr content (mass%) and
f1/2 is used as a parameter predominating H-solubility. The
H-solubility exhibits a nearly proportional relationship with
Cr - f1/2, and the data from various alloys notably converge
into a unified straight line. Although several materials, e.g.,
Type330 and XM 19, deviate from the linearity, these alloys
contain relatively large amounts of extra elements such as Si,
Mn, and Mo in addition to Fe—Cr—Ni. It is thus presumed that
the H—solubility in these specific alloys might involve some
non—negligible influences of extra elements other than Cr.

In order to rationalize the correlation between Cr content
and H—solubility, Moriyama et al. employed first—principles
calculations [41, 65]. They substituted some of the six Fe
atoms surrounding an O-site in FCC iron with Cr/Ni,
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investigating the corresponding changes in H-absorption
energy, E,p, (the energy required to dissolve one H atom in
O-site). Figure 6 depicts the variations in Ey, due to Cr/Ni
substitutions, as well as the respective changes in the elastic
energy (mechanical strain energy associated with the insertion
of H) and chemical energy (energy arising from changes in
electron density) that constitute £,,. As seen in Fig. 6(a), E,,
tends to decrease with either Ni or Cr substitution, wherein Cr
exhibits a markedly greater impact. Furthermore, in Fig. 6(b),
chemical energy is significantly reduced, particularly by Cr,
while its effect on mechanical energy is marginal. These
results clearly indicate a strong electrochemical affinity
between H and Cr. That is, increasing Cr content should
enhance H—solubility, rationalizing the experimental trend in
Fig. 5. Similar tendencies—albeit to varying degrees—have
also been observed for other substitutional elements such as
Mn and Al [66, 67]. In the context of alloy design aimed at
effective utilization of H—induced solid solution—hardening,
these computational information on the interactions between
H and substitutional elements is expected to become
increasingly important. From an experimental standpoint,
measurements of internal friction are also of interest. Asano
et al. [68, 69] and Gavriljuk ef al. [70] discovered the Snoek—
type relaxation peaks in H—charged Fe-Ni, Fe—-Cr—Ni, and
Fe—Cr—Ni—-Mn alloys. The latter authors attributed these
peaks to tetragonal distortion due to interactions between H
and substitutional elements [70].

In accordance with the trend in Fig. 1, alloys with higher
Cr content inevitably exhibit larger solid solution—hardening
when H is introduced under specific gas pressure and tempe-
rature conditions. It remains unclear whether such strengthen-
ing is solely a consequence of increased H concentration itself
or involves some influences of H-Cr interactions. Aiming at
the practical utilization and comprehensive understanding of
H—induced solid solution—hardening, this point awaits further
elucidation in future studies.

3. H-Dislocation Interactions Controlling the Solid
Solution—Hardening

Section 2 overviewed the previous experimental and
analytical findings and characteristic features concerning
the dependencies of H-induced solid solution—hardening

on H concentration, temperature, strain rate, and alloy
composition. In Section 3, the discussion will shift toward
the mechanisms underlying such H-induced solid solution—
hardening. The mechanistic model to be ultimately estab-
lished must be capable of explaining, without contradiction,
all the aspects of H-induced solid solution—hardening
enumerated in Section 2. In particular, the peak of solid
solution—hardening at room temperature and at a specific
strain rate (Fig. 3) infers the importance of dynamic H-
diffusion during deformation.

Just as carbon forms Cottrell atmosphere [71] within its
diffusible temperature range, an extreme diffusivity of H
(Fig. 4) allows their short time segregation to dislocation
cores or stress fields even around room temperature [2, 72].
When strain rate (i.e., dislocation velocity) is sufficiently low,
those segregated H can migrate through the material with the
moving dislocations. Although such coordinative motion has
not directly been visualized, it has been substantiated through
various indirect experiments (such as in—situ H—permeation
tests during deformation [73]) and atomistic simulations [74].

3.1 Solute drag of H-atmosphere
3.1.1 Theoretical prediction

Cottrell and Jaswon were the first to point out, based on
theoretical calculations, that a solute atmosphere dragged by
a moving dislocation can act as a resistance to dislocation
glide—solute drag [75]. Their theory was subsequently
advanced by Hirth et al. [37, 76] and Yoshinaga et al. [77,
78], leading to specific formulae that relate the solute
distribution within the atmosphere to the dislocation velocity,
vg, solute concentration, and the magnitude of drag
resistance. More recently, the applicability of these classical
theories to H in austenite has been explored by Sills ez al.
[79, 80]. In Section 3.1, we discuss this solute drag
phenomenon by solely placing our focus on the elastic
stress—strain fields outside the dislocation core, where
continuum mechanics approximation holds. The issue of
more localized interactions between dislocation core and H
will be addressed in the following Section 3.2.

Sills ef al. assumed a steady—state dislocation motion and
introduced the following parameter Q as a dimensionless
dislocation velocity that governs the contribution of the
atmosphere to solute drag [80]:
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where k is the Boltzmann constant, and g is solute—
dislocation interaction parameter, which includes the volume
expansion AV caused by a solute atom. The presence and
magnitude of the drag force for a given solute species and
temperature are determined by the parameter Q. According
to their analysis, the drag force emerges within the range of
approximately 0.01 < Q < 100. It reaches its maximum near
O =1, decreasing as Q increases or decreases beyond this
criterion [80]. Meanwhile, when O > 100 or Q < 0.01, the
dislocation leaves the atmosphere behind (breakaway limit)
or the atmosphere follows the dislocation while maintaining
its equilibrium distribution (equilibrium limit), providing no
drag force in either case. By substituting eq. (5) into Orowan
equation, which relates mobile dislocation density p,, and
strain rate ¢ as & = p,bvq/Mr (b is the Burgers vector and
My is the Taylor factor), the following eq. (6) is obtained:

L _40DKT
- M

Figure 7 depicts the transitions of O = 0.01, 1, and 100
criteria for three different mobile dislocation densities (o, =
10", 10'2, 10'3/m?) on the temperature—strain rate space.
These curves were calculated based on egs. (5) and (6) by
using the H diffusion coefficient in austenitic steels (Fig. 4)
and the volume expansion per H atom, AV (see Ref. [38] for
details). One drawback when comparing Fig. 4 with practical
experimental data is the difficulty in measuring actual p,.
Nevertheless, in FCC materials (e.g., Cu [81] and Type304
steel [82]), it has been shown—based on Orowan equation
and Bailey—Hirsch relationship (0 = aGbp: o is the flow
stress, « is a constant dependent on dislocation character
and material, G is shear modulus, and p is total dislocation
density)—that p,, increases sharply from the order of
10'""/m? to 10"*/m?> or more around the yield point.
Therefore, Fig. 7(a)—(c) likely represents the successive
behavior before and after the onset of yielding. In Fig. 7,
the strain rate of 5 x 107>/s, at which H—induced solid
solution—hardening reaches its maximum, is located close
to O =1 line around 300K. As pn, exceeds 10'3/m? after
yielding, the situation shifts toward QO = 0.01 side. This result
indicates that the atmosphere drag force reaches its maximum
at yielding and then diminishes as deformation progresses.

0= &)

Pmb (6)

Y. Ogawa et al.

Although these calculations are quite simplified, solute drag
of H atmosphere seems to contribute significantly to the
appearance of the yield stress peak in Fig. 3(c). Furthermore,
in conventional theoretical formulations, there exists a
proportionality between the atmosphere drag force and the
average solute concentration [37]. Such a proportionality may
be one of the reasons why solid solution-hardening at room
temperature linearly augments with H concentration (Fig. 1).
3.1.2 Experimental evidence for the contribution of
solute drag
(1) Fluctuation of the strengthening around yield stress
In this subsection, we introduce several experimental facts
substantiating the solute drag of H atmosphere that was
suggested by the theoretical predictions. Figure 8 shows the
flow stress gap between H-charged and non-—charged
specimens (i.e., the amount of solid solution—hardening),
plotted against true strain, for the same Type310S steel
presented in Fig. 3 [38]. Above 373K, H-induced solid
solution—hardening continues to act even after yielding.
However, an eye—catching behavior is observed at 298K
under a strain rate of 5 x 107°/s: from the yielding up to a
true strain of approximately 0.05, the amount of solid
solution—hardening gradually decreases from ~60 MPa to
~30MPa. This is reasonably understood in light of the
discussion above (Fig. 7)—under these deformation con-
ditions, the Q value transitions from 1 to 0.01 after yielding,
gradually diminishing the drag force. In other words, the
decrease in solid solution—hardening with the magnitude of
~30 MPa possibly corresponds to the contribution of the drag
force from the H atmosphere. Supporting this interpretation,
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no continuous and distinct decrease in the solid solution—
hardening after yielding is observed when the pre—yield state
lies outside or close to the outer boundaries of the hatched
region in Fig. 7 (Fig. 8).

The reduced magnitude of solid solution—hardening after
yielding could be recognized in Fig. 8, where the flow stress
was plotted in a differential form. However, on the actual
stress—strain curves, the influence of work—hardening over-
whelms, making the total flow stress increase monotonically
with strain. Nevertheless, although it is not visible on the
stress—strain curves, the effect of reduced solid solution—
hardening due to the loss of drag force can be observed as a
temporary reduction in the post—yield work—hardening rate
[38]. Nishida ef al. confirmed such characteristic work—
hardening behavior not only in Type310S steel but also in
several other steel grades, including Type309S and Type316L
[24]. Based on these facts, solute drag of H atmosphere is
likely a universal phenomenon manifesting in Fe—Cr—Ni—
based austenitic steels. Recently, McDowell et al. performed
crystal plasticity finite element simulations incorporating the
effects of solute H on Type316L steel. They accurately
reproduced experimental stress—strain curves by taking the
variation in drag force around the yield point into account
[83].

The stress drop caused by a rapid increase in mobile
dislocation density and a concomitant decrease in dislocation
velocity—observable also in BCC metals and covalent
crystals such as LiF—can be ascribed to the yield point
theory developed by Johnston and Gilman (J-G) [84]. The
stress dependence of dislocation velocity generally follows
a power law relationship, vqg = At™ (where 7 is the shear
stress and 4 and m are material constants). When 4 is large
and dislocation mobility is high as for FCC metals, the
microscopic plastic strain rate promptly exceeds the
externally imposed macroscopic strain rate once the stress
exceeds a critical level so that dislocation motion and
multiplication commence. As a result, a stress drop in J-G
mechanism does not occur, rendering the yielding behavior
predominated by the dislocation multiplication process [85].
Nevertheless, Horiuchi and Yoshinaga found a distinct yield
point in Al-Mg alloys due to a reduction in dislocation
mobility at high temperatures where solute drag is operative
and work—hardening is minimal. In particular, they termed
this unusual phenomenon as “high temperature yield point”
[86, 87]. Possibly, Fig. 8 suggests that the phenomenon
identified by Yoshinaga et al. manifested at room temper-
ature owing to the diffusion of H—the reduction in
dislocation mobility (i.e., a decrease in the coefficient A4)
caused by the H atmosphere drag might transform the
multiplication—controlled yielding to mobility—controlled.
Indeed, in the experiment by Abraham and Altstetter [33],
where more than 1 at% H was introduced into Type310S steel
via cathodic charging, a clear yield drop appeared at room
temperature and a strain rate of 5.5 x 1075/s. In their case,
the stress drop seen in Fig. 8 might become more pronounced
thanks to the higher H concentration. It should be noted that,
as for the yield point in carbon steels, a yield drop can also
appear by the sudden breakaway of dislocations from the
pinning by solute atmospheres. However, in such a circum-
stance, the stress drop should occur regardless of strain rate.

At room temperature in Fig. 8, the stress drop rather
disappears at a high strain rate of 5 x 1073/s. This indicates
that the dislocation pinning by the H atmosphere is not
significant at room temperature.

Another noteworthy point when discussing the post—
yielding deformation is the possible effect of H on dislocation
accumulation and associated work—hardening. In some FCC
materials, such as pure Ni and Ni-based alloys, H-induced
changes in dislocation structures and dislocation cell size
have been observed [21, 88-90], making their influence on
the flow stress after yielding not negligible. However, in the
authors’ own investigations of austenitic steels—including
transmission electron microscopy (TEM) [39], dislocation
density measurements by neutron diffraction [47], and
hardness measurements after H-desorption from the
deformed samples [91]—no significant H—effect on dis-
location accumulation or structural evolution has been
identified in the low to medium (at least ~20%) strain.
Therefore, in Fe—Cr—Ni alloys targeted in this paper, the
change in flow behavior after yielding can reasonably be
approximated as being solely governed by the H—effect on
the mobility of individual dislocations.

(2) Variation in strain rate sensitivity

An additional experiment that provided the evidence for
solute drag is the measurement of the strain rate sensitivity,
S. The authors conducted strain rate jump tests at room
temperature on Type310S steel charged with 7600 at ppm H
[40]. Figure 9(a) shows representative stress—strain curves
measured at a base strain rate (i.e., the strain rate before it was
increased tenfold) of 10™#/s. On these stress—strain curves,
sharp stress—rises correspond to the moments when the strain
rate was suddenly increased tenfold from the base, while
sudden stress—drops reflect the return from the elevated rate
to the base. These stress changes were measured under
multiple base strain rates, and the increase in flow stress 9t
upon strain rate jump (converted from normal stress to shear
stress using the Taylor factor of FCC polycrystals, Mt =
3.06) was plotted against true strain in the form of S =
dt/d1né. The results are shown in Fig. 9(b). The H—charged
specimens generally exhibit larger S compared to non—
charged specimens, the reason for which will be discussed
later.

In H—charged specimens, one may notice in Fig. 9(b) that
the strain rate sensitivity, S, strongly depends on both the base
strain rate and true strain. Particularly, under the base strain
rates of 1073/s and 107%/s, S evolves sharply from ~~1 MPa
to ~4 MPa over the strain range from just after yielding up
to ~0.1. To correlate this behavior to solute drag, Fig. 10(a)
reorganizes Fig. 7 by focusing on room temperature and
converting the horizontal axis to mobile dislocation density.
If the mobile dislocation density at the post—yield small strain
is pm~ 102/m?, and in the later deformation stage is
10'3/m? order, rapid increases in strain rate by a factor of 10
from the bases of 1073, 107, and 107>/s correspond to the
upward arrows indicated in Fig. 10(a). When these arrows
are transferred to the drag force versus strain rate curve, one
yields schematic diagrams like Figs. 10(b) and (c). As of
particular interest here, in low strain domain with the base
strain rates of 1073/s and 10~4/s, the drag force drops sharply
in response to the strain rate jump (Fig. 10(b)). Given that the
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intrinsic S in the H—charged specimen without solute drag
effect is 3 to 4MPa (the origin of this large S will be
discussed later) measured at the later deformation stage, the
low S of approximately 1 MPa in the early deformation stage
in Fig. 9(b) should reflect the value in which loss of drag
force due to the strain rate jump is subtracted. Indeed, under
the base strain rate of 107>/s, where little change in drag
force is anticipated even after a strain rate jump, the S in the
early deformation stage is quite stable (Fig. 9(b)). In contrast,
at the later deformation stage depicted in Fig. 10(c), the
tenfold increase in strain rate from 1073/s or 107%/s
oppositely results in an increase in drag force. This implies
that the contribution of drag force to S gradually transitions
from negative to positive as deformation proceeds, providing
a consistent explanation for the evolution of S in Fig. 9(b).
At the base strain rate of 107 /s, the initial deformation stage
is closer to the boundary of Q =100 (Fig. 10(a)). Thus,
compared to the 107/s case, a larger strain is required to
render such S—contribution from negative to positive. For this

reason, the curve of the H—charged specimen at 1073/s
exhibits a rightward—shift from the one at 10~*/s (Fig. 9(b)),
with a rapid increase in S at a higher strain level.

3.2 Thermal activation process of dislocation motion

The foregoing discussion substantiated the significance of
H atmosphere solute drag in the yield stress peak observed
near room temperature and a strain rate of ~5 x 107> /s. On
the other hand, even in the later deformation stages where
drag force diminishes, or at a strain rate of 5 x 1077 /s where
drag force is already zero at the yielding (Fig. 10(a)), the
H-induced solid solution—hardening still remains substantial
(Fig. 3(c)). Furthermore, as noted in Fig. 9(b), the S value—
the stress increment via strain rate jump—is greater in H—
charged specimens than in non—charged ones. This indicates
that, in addition to the interaction between H atmosphere and
dislocations, individual H atoms contribute to solid solution—
hardening by playing the role of short-range (thermal)
obstacles.
3.2.1 Dislocation motion via overcoming short-range

(thermal) obstacles

As illustrated schematically in Fig. 11, when a dislocation
moves across a slip plane dispersed with short-range
obstacles, it generally overcomes the obstacles with the aid
of both externally applied stress and atomic thermal vibration
[52]. The energy that must be supplied by thermal vibration
during this process, AG, is expressed as a function of shear
stress, ¥, acting on the dislocation line, as is also evident
from Fig. 11(c):

AG = AGy—T'V (7

where AG is the intrinsic activation energy of the obstacle
at v =0, and JV is the activation volume. The activation
volume—V = bdL—is defined as the product of Burgers
vector, b, and the area swept by dislocation during thermal
activation process (activation area, A: the width of an
individual obstacle, d, multiplied by the average obstacle
interspacing, L) (Fig. 11) [92]. The shear stress 7* (also
referred to as the effective stress) is given by subtracting the
internal stress, T,—stress component independent of temper-
ature and strain rate—from the total flow stress applied to
the material, =—1 = t*+ 7,. From eq. (7), the following
relationship is self-evident:
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On the other hand, the shear strain rate y of the crystal under
effective stress, t*, and thermal energy, AG, follows the
Arrhenius—type rate equation [36, 52], where y,, is a constant
including the vibrational frequency of the dislocation
segment, the obstacle interspacing, L, and the mobile
dislocation density, pp,:

. AG
V=70 eXp<— —) 9)

Taking the logarithm of both sides of eq. (9) and rearranging
with respect to AG, then differentiating by t* according to
eq. (8), one yields:
kT 9t ot
vV dlny  dlny

(10)

Here, the right-hand side of eq. (10) is equivalent to the
strain rate sensitivity, S = dr/dIné, defined in Section
3.1.2 (2). An essential theoretical relationship is now
reached: V is inversely proportional to S. Note that in
eq. (10), ™ is replaced by t since the strain rate—derivative
of 7, should be zero.
3.2.2 Reduction in activation volume due to H

To understand the nature of short-range obstacles,
measurement of activation volume, V—information on the
size and distribution of obstacles—is useful. For this purpose,
thermal activation analyses utilizing the transient of plastic
deformation (e.g., stress relaxation and creep tests) have been
employed [52, 93]. Figure 12 shows an example of a stress—

strain curve obtained from a stress relaxation test conducted
by the authors on Type310S steel containing approximately
7600 at ppm H, together with the activation volume, V,
determined by fitting the relaxation curve to a theoretical
equation [39] (for the details for calculating ¥, refer to [94,
95]). A characteristic feature in the H—charged specimen is
that the amount of stress relaxation within a given period
(here, 30 seconds) is obviously larger than that in the non—
charged specimen. Moreover, as a general behavior of FCC
materials, V' tends to decrease with increasing strain.
However, in the H—charged specimen, the strain—-dependence
of 7 becomes weaker with increasing H concentration,
besides the overall decrease in V" throughout the deformation
process. According to eq. (10), the trend in Fig. 12(b)
indicates the increase in strain rate sensitivity, S, caused by
H. This tendency is a direct reproduction of the overall
increase in S due to H shown in Fig. 9(b).

As for the specific values of ¥, when the obstacles are
lattice friction such as Peierls potential, V' is usually less than
1005%; for solute atoms, it ranges from several tens to
hundreds of #; and for dislocation—dislocation intersections,
it ranges from several hundreds to thousands of 5* [85, 96].
Considering that the Peierls potential in FCC crystal is
negligibly small, the measured values of 100-2005° in
Fig. 12(b) indicate that solute atoms—including H and other
alloying elements—as well as forest dislocations, act as the
rate—controlling obstacles.

3.2.3 Extracting H—effects as short-range obstacles

In Section 3.2.1, thermally activated dislocation motion
was discussed for the case where the obstacle species is
single. However, in practice, multiple obstacle types are often
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present, besides additional obstacles, e.g., forest dislocations,
are newly introduced during deformation (Fig. 13(a)). To
clarify the role of H within such a complex situation, it is
necessary to extract the pure effect of H on deformation
behavior by screening other factors that influence the
activation volume.

Kocks [97] and Mulford [98], focusing on the decompos-
ing method of effective stress in the work of Haasen [99],
proposed a way to separate the contributions from individual
obstacles in a system containing multiple obstacle types. In
the case where there are two types of short—range obstacles,
they first assumed that the flow stresses arising from each
obstacle type, 1) and 15, follow a linear additivity.

T=7T1+ 1T

an

The additivity holds only in a specific situation. Nevertheless,
the combination of forest dislocations with high concen-
trations of solutes (Fig. 13(a)) represents a typical example of
such a case [92, 97, 100]. In what follows, the contribution
from solutes is denoted as tr, and that from forest dislocations
as 7q. When total flow stress 7 is a sum of 7y and 7y, the
additivity also holds for strain rate sensitivity, S—a derivative
of .

it oty 0Ty oT¢

dlnty
§= - = -+ - = .
dlny dlny dlny dlny

q (12)

dlny

Note that in the transformation of the second term of eq. (12),
dlntg/olny = (dlntq/0749)(074/dIny) = (1/74)(d74/0 In ).
Since 74 corresponds to the increase in flow stress due to
work—hardening, the total strain rate sensitivity S can be
expressed as follows by taking the yield stress as z,:

alnrd
dlny

Brf

(t—1y) (13)

9y
Furthermore, considering eq. (10) that Soc1/V, eq. (13) can
be transformed as follows by denoting the solutes and forest
dislocation components of activation volume as Vy and Vg,
respectively:

1 1 1

+m(f—f},)

—=— 14
VoW (14)
Therefore, if the reciprocal of V' measured during a tensile
deformation—or S, which is proportional to 1/V—is plotted
against T — 7y, the intercept on the vertical axis reflects the
influence of solutes on ¥, while the slope represents the

contribution of forest dislocations. This method is known as

the Haasen plot (Fig. 13(b)). It has been widely applied to
the decomposition of strengthening mechanisms in various
materials, including solid solution—strengthened and precip-
itation—hardened alloys [98, 101-105].

In FCC pure metals such as Ni and Ag, where yield stress
is low and no short-range obstacles other than forest
dislocations are present—that is, where the first term of
egs. (13) and (14) ~ 0—the Haasen plot becomes a straight
line passing through the origin [98, 106]. This linearity is
referred to as the Cottrell-Stokes law [106, 107]. The
linearity of the Haasen plot implies that the product 74V in
eq. (14) is constant. It is because the increment of flow stress
by work—hardening, 74, is proportional to p'/? according to
the Bailey—Hirsch equation, while the forest dislocation
component of the activation volume, Vg, is proportional to the
average dislocation interspacing, p~'/? (see Fig. 13(a)).

Figure 14 shows an example of Haasen plot for Type310S
steel [39], obtained by converting the ¥ measured in the
stress relaxation test (Fig. 12) into S using eq. (10). In the
non—charged case, the Haasen plot becomes a straight line
with a positive intercept on the vertical axis, satisfying the
Cottrell-Stokes law. This positive intercept—that is, the first
term of egs. (13) and (14)—can be attributed to the combined
contributions of alloying elements originally contained in the
alloy, i.e., Cr, Ni, Si, and C. In contrast, for the H-charged
specimens, although the linearity of Haasen plot holds, two
distinctions appear with increasing H concentration: (i) an
increase in intercept, and (ii) a decrease in slope. Among
these, (i) the increased intercept reflects the overlapping
effect of H that acts as additional short-range obstacles,
superimposed on the material’s intrinsic positive intercept.
By taking this intercept change from the non-—charged
condition and its dependence on H concentration as
indicators, the intrinsic H—effect can be discussed while
screening the influences of other alloying elements and forest
dislocations.

The increase in Haasen plot intercept corresponds to a
decrease in V%, associated with thermally activated movement
of individual dislocations (eq. (14)). Physically, it implies that
either or both of the obstacle size, d, and their interspacing, L,
(Fig. 11) have decreased. In other words, thermal activation
process that controls plastic deformation has become a more
localized event after the introduction of H. Although (ii) the
decrease in slope is not yet fully understood, it might result
from a reduced contribution of forest dislocations to
thermally activated deformation. That is, the rate—controlling
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mechanism has shifted to the process in which dislocations

overcome a newly introduced obstacle: H.

3.2.4 Stress equivalence of H-—induced solid solution—
hardening and activation volume

As shown in Fig. 14(b), the Haasen plot intercept
increases linearly with both yield stress and H concentration.
In addition, an interesting phenomenon here is the correlation
between yield stress and activation volume V¢ calculated from
these S values at the intercepts [39]. Figure 14(c) shows a
graph in which the intercepts in Fig. 14(a) are converted into
activation volumes using eq. (10) and plotted as functions of
H concentration and yield stress. The V; at yielding follows a
power—law relationship with yield stress, converging all data
points for both H—charged and non—charged specimens onto
a unified curve.

Basinski ef al. investigated the relationship between yield
stress and activation volume in Cu alloys containing various
species and concentrations of substitutional elements. They
reported that even when solute species and concentrations
differ, materials possessing an equivalent activation volume
also exhibit mutually identical yield stresses [108]. They
termed this phenomenon “stress equivalence” and further
demonstrated that, at a constant deformation temperature,
the yield stress and activation volume of all alloys follow a
power—law relationship like Fig. 14(c). Figure 14(c) can thus
be interpreted as a manifestation of such “stress equivalence”
in the yield stress variation induced by H in austenitic steel.
The dependence of activation volume solely on the yield
stress and its independence on solute concentration
necessitates a correction of the conventional thermal
activation model, in which a dislocation surmounts individual
obstacles one by one (Fig. 11). In this regard, Basinski et al.
emphasized that the experimentally measured activation
volumes are always larger than the values estimated from
the average interspacing of solutes—that is, multiple solute
atoms may simultaneously be involved in each thermal
activation event [108]. Indeed, in austenitic steels examined
in our own study, the ¥ values—on the order of 100h°>—are
much larger than expected from the mean interspacing of H
(&10b [39]) for the present concentration range (~7600 at
ppm). The potential thermally activated mechanisms respon-
sible for these macroscopic trends, discussed in Sections

3.2.1-3.2.4 will be addressed in the following Sections
3.2.5-3.2.6.

It should be noted that the yield stress on the horizontal
axes in Fig. 14(b) and (c) includes the influence of solute
drag. However, as described in Section 3.1.1, the magnitude
of such a drag force is also proportional to the average H
concentration. Therefore, even if the contribution of solute
drag were subtracted from the yield stress, the experimental
tendencies in Fig. 14(b) and (c) would remain unchanged.
3.2.5 Thermal activation model for H—induced solid

solution—hardening: Application of frough model

Theories of solid solution—hardening originated with the
lattice friction model proposed by Mott and Nabarro [109],
subsequently developed through the point-like obstacle
model by Friedel-Fleischer [110, 111] and Labusch’s model
considering simultaneous interactions with plural obstacles
[112]. Although these theories can adequately describe solid
solution—hardening in certain alloys, depending on the solute
concentration and solute—dislocation interaction force, they
unfortunately cannot provide a rational explanation for
“stress equivalence”. Later, Kocks applied Fisher’s theory
[113], which modeled the breakaway of a dislocation line
from a row of segregated solutes. He attempted a physical
interpretation of “stress equivalence” by considering a
specific process, in which a dislocation line bonded with
dispersed solute atoms bows—out a short segment via thermal
activation (Fig. 15(a)) [54]. In his model, the bonded stable
position of the dislocation line is approximated by a
triangular potential, regarding the pre—bowing dislocation
as lying at the bottom of the potential trough (Fig. 15(b));
thus, he referred to his model as the trough model. In this
framework, the dominant factors determining the trough
depth are the solute—dislocation interaction energy per unit
length and the corresponding reduction in dislocation’s self—
energy and line tension. These quantities are governed by
the bonding strength between the individual solute and
dislocation (i.e., solute species) and by the solute density
along the dislocation line (i.e., solute concentration).
Conversely, even for different solute species and concen-
trations, the bow—out process under a given applied stress
becomes equivalent if the total reduction in self-energy is
fixed. This inherently results in the same activation volume.
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For the application of frough model, the moving
dislocation line must interact frequently with solute atoms
and take stable configurations—namely, solute concentration
must be high. This requirement is satisfied in austenitic steels
containing a large amount of substitutional elements.
Furthermore, theoretical calculations have reported that
segregation of H decreases the dislocation’s line tension
and self-energy [114, 115]. The deformation at room
temperature and low strain rates, under which H can move
coordinatively with dislocations, are therefore favorable for
the application of frough model. The H-related “stress
equivalence” discovered by the authors (Fig. 14(c)) suggests
the applicability of such a trough model to the H-induced
solid solution—hardening. In other words, the conventional
thermal activation model in Fig. 11 does not hold for the
materials containing a high concentration of alloying
elements and diffusible solute H. Instead, the bow—out
process of dislocations from troughs, as depicted in Fig. 15,
may govern thermal activation parameters.

On the other hand, while the trough model is discussed
here as a mechanism independent of solute drag, when we
deal with H, it is still unclear what atomic—scale process
actually governs the escape of dislocation from the trough. At
first glance, under deformation conditions where the entire H
atmosphere can follow the dislocation by maintaining its
equilibrium distribution, it seems that the trough itself would
also freely move together with the dislocation—that is,
dislocation glide resistance is zero. However, the actual
situation is not so.

3.2.6 Diffusion—controlled glide of dislocation core

The coordinative motion of solute atmosphere with
dislocation is driven by the drift flow of solutes. This drift
flow stems from the gradient of solute—dislocation interaction
energy and solute chemical potential within the dislocation’s
stress/strain field [37, 52]. In contrast, at the center of the
dislocation line, direct interactions between solutes and the
dislocation core are of primary importance rather than the
behavior of the whole solute atmosphere [37, 52]. Figure 16
illustrates such a situation according to the model drawn by
Friedel [116]. Similar to those constituting the surrounding
atmosphere, local solutes in the dislocation core also tend
to follow the dislocation’s movement. However, in doing
so, they must undergo one-—atomic diffusion jump in the
direction of dislocation motion. Given the activation energy
for this diffusion jump as W, the dislocation velocity, vg,
under an effective stress, t*, can be expressed by an
Arrhenius—type rate equation analogous to eq. (9) [52].

Force on solute atom: 7bA A | (a)

NEERS N

Diffusion-controlled glide Solute atoms: Eg > kT

A i Drift-controlled glide

o . glide | .., (b)
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Fig. 16 Description of diffusion- and drift-controlled glide mechanisms
and their correspondence with dislocation velocity [37, 116]. The two
mechanisms switch each other around the Q ~ 1 limit.

1 b W — t*b*A
Vg = —Up — {exp(— %)} (15)

2 7 A
Here, vp is the Debye frequency, A is the average interspacing
of solutes aligned along the dislocation core, and W — t*b%1
term corresponds to the thermally supplied energy, AG.
According to the textbooks of Anderson, Hirth, and Lothe
[37], as well as of Caillard and Martin [52], the condition
under which this diffusion barrier, W, predominantly resists
dislocation motion is as follows—when vq is smaller than
the critical velocity for the maximum atmosphere drag force
(i.e., O = 11ineq. (5)), and when solute—core binding energy,
Epg, is greater than thermal vibration energy of the crystal,
kT (Fig. 16). Considering that Eg = 10-15kJ/mol (0.1-
0.16eV) in austenitic steels [49, 117, 118], the deformation
conditions discussed here (room temperature: k7 = 0.026 eV)
precisely correspond to such a case.

Figure 17 shows the authors’ model illustrating the
dislocation bow—out from a row of H (i.e., trough) [39].
Similar to the situation shown in Fig. 16, a dislocation line
decorated with H advances by generating a bulge,
accompanied by diffusion jumps of H atoms to follow the
dislocation core. The significance of the diffusion barrier and
the size of the bulge then govern the thermally activated
process of dislocation motion and the corresponding
activation volume. The modification from Friedel’s original
model lies in the definition of A in eq. (15), where each bulge
assumably involve simultaneous diffusion jumps of multiple
H. This assumption is based on two considerations: first, the
measured activation volume, ¥, is much larger than the one
predicted from the mean interspacing of H atoms under the
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present concentration range (Section 3.2.4); second, when
H segregation into the dislocation core is considered, H-H
spacing along the core becomes even narrower. According to
eq. (15), the effective stress, v, acting on the dislocation line
assists H—diffusion jumps through the energy term, W —
T'h%?A. Let us assume now that the number of H atoms
undergoing jumps within a given time period is statistically
constant. If so, as the total H concentration increases and the
H atoms aligned along the core become denser, the region
feasible for such collective H jumps will probabilistically be
confined to shorter dislocation segments. This corresponds
to a decrease in A, meaning that the force exerted by the
dislocation line on individual H atoms (Fig. 16(a)) becomes
smaller. Consequently, in order to maintain W — t*b%A
constant so that the dislocation can move at a rate consistent
with the applied strain rate, 7 must be increased. As a result,
solid solution—hardening occurs through the increase in
effective stress. This hypothesis is quite simplified. Never-
theless, it qualitatively explains the involvement of thermally
activated processes in H—induced solid solution—hardening,
the reduction of ¥ (increase in S), and their dependence on H
concentration.

To incorporate the H concentration—dependence of solid
solution—hardening and activation volume to the model in
Fig. 17, one can refer quantitatively to how the local H
concentration near the dislocation core is correlated with the
average H concentration throughout the material. When
segregation sites such as dislocations coexist with interstitial
lattice sites (Fig. 2), the equilibrium H concentration, Cr, at
the segregation sites under an average H concentration, C,
follows the Fermi—Dirac statistics [119].

Cr G Ep
—Cr 1 —CoeXp<RT>
Figure 18 shows the relationship between C, and Ct as a
function of temperature, calculated using eq. (16). Here, the
H-dislocation binding energy in austenitic steel, Fg =~ 13
kJ/mol, obtained by Atrens et al. [117] via internal friction
measurements, was employed. The Crt increases sharply with
decreasing temperature, then tends to saturate. Notably, in
the regime around room temperature, the influence of Cy on
Cr is most pronounced. The inset in Fig. 18 extracts the Cy—
Ct relationship at room temperature (300 K). Within the H
concentration of 2000—8000 at ppm (i.e., the range targeted
by the authors), Cr is approximately proportional to Cj, as
fitted by the dashed line.
According to the model in Fig. 17, if the number of H
atoms within the bulge (i.e., those capable of jumping within

(16)
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Fig. 18 Temperature-dependence of the local hydrogen concentration
along dislocation lines, Cy, in austenitic steel estimated from eq. (16).
The inset shows the relationship between average hydrogen concentration
in the material, Cy, and Cr at room temperature.

a given time) is statistically constant, the bulge length A
becomes inversely proportional to the H concentration Ct
along the dislocation core. Therefore, given that the forward
displacement of the bulge during thermal activation is
sufficiently smaller than A, the activation volume V" becomes
inversely proportional to both Crand Cy. This aligns with the
experimental observation in Fig. 14(b), where S is propor-
tional to Cj. Similarly, if 1 o< 1/Cy in eq. (15), then under a
given deformation rate where W — t*h’1 is constant, the
effective stress t* becomes proportional to C, (inversely
proportional to V). Although this is a simple approximation,
it reasonably explains the characteristics of H-induced solid
solution—hardening—namely, that the magnitude of strength-
ening is proportional to the average H concentration
(Fig. 1)—when considered together with the H concen-
tration—dependence of solute drag force. Note that in
eq. (15), the thermal energy W — t*b*A decreases as a linear
function of stress. Substituting such a relation into eq. (7)
(AG = AGy — t*V) yields a constant V' for a given A,
indicating that the energy barrier resisting dislocation motion
has a rectangular potential profile. In practice, however, the
obstacle profile usually possesses a finite slope (Fig. 11(c)).
Thus, V also becomes a stress—dependent parameter. The
stress—dependence of thermal energy in real obstacle profiles
can be generalized using two constants, 0 <p < 1 and 1 <
q < 2, together with the effective stress at 0K, 7 (the peak
stress in Fig. 11(c)), as follows [52, 92].

'L'* PyY4
so=saifi- (5]

a7
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Deriving the specific values of p and ¢ in eq. (17), as well as
measuring the stress—dependence of activation volume, are
among the tasks that the authors should initiatively deal
with. Such efforts will enable us to further elaborate on the
diffusion—jump process of H within the dislocation core.

Although the commercial alloy used by the authors
contained dilute H (~300 at ppm) even in the non—charged
condition, this concentration is far lower than the regime that
fits the linear approximation in the inset of Fig. 18. In this
case, the H along the dislocation line no longer serves as the
predominant factor for A. Consequently, denser elements
such as Cr and Ni may govern the “stress equivalence” of
activation volume (Fig. 14(c)). In contrast, as can also be
inferred from Fig. 18, when C; exceeds 10000 at ppm, and
H becomes highly concentrated throughout the material, Cr
tends to saturate even at room temperature. Figure 18 thus
suggests that, in the high H concentration regime, the
proportionality between H—induced solid solution—hardening
and H concentration no longer holds. Indeed, in the
experiments by Abraham and Altstetter (Section 2.1) [33],
such a tendency of saturation has been observed.

3.3 Roles of randomly dispersed H and H-Cr complexes

Under deformation conditions where H can follow
dislocation movement, the local H concentration around
dislocations is overwhelmingly higher than the average H
concentration (Fig. 18). Therefore, the contribution of H
atoms randomly dispersed in the matrix is of limited
importance to the dislocation’s glide resistance. However,
under relatively high strain rate or at low temperatures where
H diffusion becomes infeasible, dispersed H may also play
a significant role. Referring to Figs. 3 and 8 again, a
considerable solid solution—hardening indeed appears even
under temperatures and strain rates corresponding to O > 100
in Fig. 7. This indicates that dislocations experience some
resistance when passing near H atoms occupying interstitial
lattice sites. We stated in Section 2.1 that lattice strain caused
by H alone cannot account for the observed solid solution—
hardening. As an alternative factor, we have focused on the
electrochemical affinity between H and Cr atoms, as shown in
Fig. 6. The same reasoning applies to carbon and nitrogen:
there exists an attractive interaction between Cr and these
three types of interstitial elements. For carbon, a binding
energy of approximately 0.1eV has been reported; for
nitrogen, it is about 0.2eV [120]. If the decrease in H—
absorption energy resulting from Cr substitution—compared
to an O-site surrounded solely by Fe atoms—in Fig. 6 is
equal to the H-Cr binding energy (e.g., 0.05-0.10¢V for one
or two Cr atoms), its magnitude is comparable to that of
carbon or nitrogen.

When interstitial and substitutional solutes form com-
plexes (i—s complexes) on the slip plane, extra energy is
required for dislocation movement, as the motion passing
through these i—s complexes necessitates their collapse. The
dislocations consequently experience some glide resistance.
Shibata et al. conducted strain—controlled low—cycle fatigue
tests of Fe—20Cr—15Ni— and Fe—15Cr—15Ni—based austenitic
steels, to which ~0.3 mass% carbon was added, measuring
the flow stress fluctuation during cyclic loading [45]. They
demonstrated that carbon promotes cyclic softening, chang-

ing dislocation structures from cellular to planar
configuration. Their findings were ascribed to the dissolution
of i—s complexes via the shuttling motion of dislocations and
the consequent glide plane softening. Similar results have
also been reported for nitrogen—added steel [46]. These
provide strong experimental evidence supporting the
contribution of i—s complexes to solid solution—hardening.

Although H-diffusion becomes slower at low temper-
atures, H atoms are still capable of jumping on a relatively
short time scale of ~100s even at temperatures as low as
200K (Fig. 4(b)). This is markedly different from the
behavior of carbon and nitrogen. To say, even if an i—s
complex comprising H is dissolved by dislocation motion, it
can be readily repaired through subsequent diffusion jumps
of H. The repetition of such processes, which are not
anticipated for carbon and nitrogen, may play a significant
role in strengthening, particularly in the later stages of
deformation. As insistently mentioned, H—induced lattice
strain alone cannot account for the observed solid solution—
hardening. However, as suggested by the Snoek—type internal
friction peak [68, 70], the i—s complexes can be associated
with anisotropic tetragonal distortion. Unlike isotropic lattice
expansion interacting only with edge dislocations, tetragonal
distortion strongly interacts with screw dislocations as well
[37], potentially contributing to solid solution—hardening.
Moreover, the attractive H-Cr interaction is of particular
interest for advancing and quantifying the diffusion—
controlled glide model in Fig. 17. If H-Cr pairing occurs
within the dislocation core, larger energy would be required
for the diffusion jump of H to be decoupled from Cr under
a given applied stress. This may be one of the reasons for
the correlation between Cr content and H-induced solid
solution—hardening in Fig. 5. Further elucidation of H-Cr
interactions are thus highly desired, as they likely play
fundamental roles in the strengthening by both segregated
and randomly dispersed H.

Referring to Fig. 3(c) again, in the regime below 200K
where H diffusion becomes essentially infeasible, the
magnitude of H-induced solid solution—hardening is
completely independent of strain rate, in contrast to the
behavior at room temperature. This fact cannot be explained
by considering only the presence of H as individual dispersed
atoms or as H-Cr pairs. One has to consider the possible
contribution of long-range obstacles that could transform
the strengthening mechanism into an athermal process—for
instance, short-range ordered structures of H—Cr pairs in
regions where Cr is stochastically enriched. A systematic
collection of experimental data will be essential to clarify this
possibility.

4. Macroscopic Picture and Rate—Controlling Process of
Thermally Activated Deformation under the Presence
of H

4.1 Modelling deformation behavior by spring—damper
system

In this section, from a macroscopic perspective, the

augmented stress relaxation via H—induced solid solution—

hardening (Fig. 12(a)) and related phenomena are discussed

based on the nature of H as a thermally activatable obstacle.
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The plastic deformation wherein flow stress contains its
time—dependent component can be modeled as a viscoelastic
system consisting of a spring and damper (Fig. 19). The
displacements of the spring and damper represent the elastic
deformation (Ecpsiic) and plastic  deformation  (Epjastic)
respectively. The frictional resistance within the damper,
which depends on deformation rate, corresponds to the
effective stress required for thermally activated dislocation
motion. In a stress relaxation test, the machine crosshead is
arrested after a given amount of deformation. Then, the stress
reduction is recorded as a function of time. This operation
corresponds to the illustration in Fig. 19(a-1): under a
constant total strain (Eyy,), the gradual contraction of the
spring (a decrease in elastic strain) is replaced by the
displacement in the damper (an increase in plastic strain), as
represented by stages @—®) in Fig. 19(a-1).

The involvement of H as short-range (thermal) obstacles
can be represented as an increase in the frictional coefficient
of the damper—the proportionality constant linking the
frictional resistance with the deformation rate (Fig. 19(a-2)).
The variation of such frictional resistance is illustrated by the
gradient shading on the right side of Fig. 19(a-2). When a
total strain, Ey.,, is applied at a given strain rate, the greater
frictional coefficient in the H-charged specimen temporarily
makes the spring deformation, Egjagic, larger and the damper
deformation, Ejpjagic, smaller (Fig. 19(a-2) ©@). A greater
E..sic implies that the specimen is subjected to a higher
load—emergence of H-induced solid solution—hardening
(Fig. 19(a-2) @). A key point here is the experimentally
observed increase in strain rate sensitivity, S, in the H—
charged specimen (Fig. 14), which is physically equivalent
to an increase in frictional coefficient in the damper. This
indicates that the H—charged specimen exhibits a greater
change in frictional resistance when the deformation rate is
changed by a given magnitude. Consequently, upon halting

the crosshead, the slowing down of the deformation rate leads
to a more rapid decrease in frictional resistance. Driven by
the stronger pulling force due to a larger Fjagic, @ more
pronounced spring contraction then occurs (Fig. 19(a-2) @®).
The augmented stress relaxation in Fig. 12(a) virtually
reflects such a process.

The authors reproduced a similar process through room—
temperature creep tests on H—charged Type310S steel [91].
Unlike stress relaxation with a constant total strain, plastic
deformation proceeds under a constant load in the case of
creep. This operation corresponds to the illustration in
Fig. 19(b-1)—a given total strain is first applied, followed
by a load-holding. During the load-holding period, the
spring part remains fixed, while only the damper part
continues to deform with time. Until applying the same total
strain to both non—charged and H-charged specimens
(Fig. 19(b-2)), the process is essentially identical to the
previous case shown in Fig. 19(a). However, once the load—
holding starts, both the spring deformation (i.e., applied load)
and the decreasing rate of the damper’s frictional resistance
are greater in the H—charged specimen than those in the
non—charged specimen—just as in the stress relaxation case.
Considering these higher applied load and lower frictional
resistance in the H—charged specimen, one can expect a faster
creep rate.

Figures 20(a) and (b) show the stress—strain curve and the
corresponding creep curve in the tests wherein the specimen
was first deformed at a constant strain rate, followed by load—
holding. As predicted from Fig. 19(b), when the load was
held at the same total strain, the amount of creep during the
holding period was clearly larger in the H-charged specimen.
In contrast, Figs. 20(c) and (d) present the creep behavior
of the H—charged specimen when the load was immediately
reduced to match the level in the non—charged specimen
before holding. In terms of Fig. 19(b), this procedure
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corresponds to inserting an additional step between stages @
and (@—the spring deformation is restored to the same level
as that in the non—charged specimen. Under such conditions,
even at stress levels where pronounced creep is observed in
the non—charged specimen, the creep in the H-charged
specimen is suppressed dramatically. This suppression of
creep under an identical load indicates an increase in
damper’s frictional coefficient assumed in Fig. 19.

4.2 Stress—dependence of rate—controlling factors
It is worth envisaging that how the series of H—effects on

stress relaxation and creep can be represented in the model
context in Fig. 17. Figure 21 reproduces the model by
viewing it from above the slip plane. In general, junctions
with forest dislocations act as relatively strong and extended
obstacles [92, 96, 121]. Therefore, a moving dislocation
may bow—out between these strong pinning points via
successively overcoming weaker, more localized, and closely
spaced obstacles—namely, H atoms—by thermal activation
(Fig. 21(a-1)). Let us reconsider the physical sense of
obstacle width in thermal activation. When the same force,
Fy, acts on both forest dislocation and H atom from a
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dislocation line, the thermal energy, AG, required to
overcome these obstacles is inevitably larger for a more
extended obstacle—forest dislocation (AGy)—than for H
atom (AGy) (Figs. 21(c-1) and (c-2)). Consequently, under a
given applied stress, the frequency of which a dislocation
surmounts H atoms is overwhelmingly higher than that for
forest dislocations. To shorten the time required for
overcoming a forest dislocation to the same level as for H,
an extra force, F,, must be supplied (Fig. 21(c-3)), so as to
reduce AGy until AGy = AGy. F, is provided by the line
tension force acting on the forest dislocations from the
bowing—out segment of the moving dislocation line
(Fig. 21(a-1)). As time progresses, the bow—out segment
decreases its radius of curvature. Once the curvature and line
tension force reach a critical level, the mobile dislocation
overcomes forest dislocation and exhibits long—range motion.
Figure 21(d) illustrates such competition between obstacle
types in terms of the stress—dependence of AG. If activation
energies at T = 0 for forest dislocation and H are denoted as
AGyg and AGyy, then assuming AGy > AGy and Vg > V5
(for simplicity, both obstacles are assumed to have
rectangular potential profiles), the stress dependence of
AGy and AGy can be expressed as two straight lines. The
intersection between these two lines corresponds to
AGy = AGy. A similar schematic diagram was first proposed
by Schoeck [122], and later demonstrated in computational
simulations on solid—solution alloys by Curtin and co—
workers [121].

As is evident from Fig. 21(d), the deformation kinetics
under high—stress (above the “Critical condition” in
Fig. 21(d)) is solely governed by AG¢, while a smaller
barrier AG4 no longer serves as the rate—controlling factor.
Consequently, the experimentally measurable activation
parameters are also dominated by AGy. The AGy—governed
domain expands with increasing difference between V4 and
Ve—that is, with increasing H concentration. This accounts
well for the experimental trend in the Haasen plot
(Fig. 14(a)), where the contribution of forest dislocation to
S becomes less apparent (i.e., the slope decreases) as the H
concentration increases. Meanwhile, as the applied stress
decreases and AGy increases (Fig. 21(c-1)), the dislocation
motion via overcoming H atoms may sharply slow down.
This slowdown not only affects the dislocation segments
confined between forest junctions. Rather, it also lowers the
rate at which forest dislocations are surmounted, through a
decrease in the line tension force acting on the mobile—forest
junctions. In other words, under low-stress, the rate—
controlling process shifts to the stage where mobile
dislocations dragging H to overcome forest junctions. The
suppression of creep at low stresses in H—charged specimens
(Figs. 20(c) and (d)) can thus be rationalized on this basis.

5. Summary and Future Perspectives

In Fe—Cr—Ni austenitic steels, interstitial H produces solid
solution—hardening comparable to that achieved by carbon or
nitrogen. In the present paper, the phenomenology of such
H—induced solid solution—hardening was addressed, review-
ing the principal experimental findings reported to date—
namely, that (i) the strengthening exhibits its peak at specific

temperature and strain rate, (ii) it is linearly proportional to H
concentration, and (iii) it strongly depends on Cr content in
the alloy. Based on the state and diffusivity of H within the
material, the underlying mechanisms governing H-induced
solid solution—hardening were discussed in terms of three
essential factors:

1). Solute drag of H atmosphere surrounding dislocations

(Section 3.1)
2). Diffusion—controlled glide of dislocation core with H
(Section 3.2)
3). Resistance from randomly dispersed H and i—s
complexes (Section 3.3)
Although some discussions remain qualitative, we believe
that the combination and interplay of these three factors can
collectively account for the phenomenological characteristics
of H-induced solid solution—hardening, the changes in
thermally activated deformation behavior, and the “stress
equivalence” upon H—addition.

Figure 22 summarizes the contributions of these factors
1)-3) to solid solution—hardening on a temperature—strain
rate map, assuming a mobile dislocation density correspond-
ing to the vicinity of yield stress (pm, = ~10'2/m?). The
gradient shading in the map indicates that, when the
responsible factors are associated with H segregated at
dislocations, the local H concentration should decrease at
elevated temperatures (Fig. 18), leading to a reduced
strengthening capability. In addition, when the obstacles are
thermally activatable in nature, dislocations can more easily
overcome them at higher temperatures and lower strain rates,
further diminishing the strengthening. H-induced solid
solution—hardening manifests most effectively when syner-
gistic contributions from 1)-3) reach their maximum.
According to the authors’ experiments, this optimal condition
corresponds to deformation at around 300K and strain rates
on the order of 107°—107%/s.

The dashed lines in Fig. 22 delineate the temperature and
strain rate ranges experimentally verified in this study, which,
however, represent only a small fraction of the overall
parameter space. Expanding coverage into the unexplored
regions is essential for reinforcing and refining the present
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framework. In particular, systematic data acquisition below
200 K—where H diffusivity drops sharply—will be crucial
for clarifying the role of i—s complexes, the most uncertain
aspect at present. During post—yield deformation at room
temperature, where the mobile dislocation density increases
rapidly, and the solute drag regime in Fig. 22 shifts toward
higher strain rates, diffusion—controlled glide is expected to
dominate. Although the current modeling reproduces the
observed behavior reasonably well, the atomic—scale
mechanisms—especially H transport within dislocation cores
and the role of alloying elements—remain unresolved. Future
progress will require quantitative experiments linking the
activation parameters of dislocation motion and H diffusion,
the interaction energies between H and substitutional atoms,
and the potential profile of H as a short-range obstacle.
Complementary computational approaches, such as molecu-
lar dynamics simulations, will likewise be indispensable.
Moreover, effects unique to FCC alloys (e.g., dislocation
dissociation into partials) and deformation—induced defects
(e.g., vacancies) are also expected to play a key role. These
concerted efforts—including the authors’ forthcoming
work—are anticipated to advance a more comprehensive
understanding of H-induced solid solution—hardening.
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