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Fig. 1: (a) XRD patterns and (b) Hardness profile of as-cast AlIxCoCrNi MEAs. Variations of
lattice parameters with variations of Al-content are shown in the inset of (a). (¢) XRD patterns

of 85% warm-rolled AlxCoCrNi MEAs.
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Fig. 2: (a) IQ map and (b) IPF map of Als.25(CoCrNi) MEA after 85% warm-rolling. (c) and
(d) are misorientation profiles of locations A and B, respectively, mentioned in (a).
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Fig. 3: (a) IQ map and (b) IPF map of Al7.69(CoCrNi) MEA after 85% warm-rolling. (c) and
(d) are misorientation profiles of locations A and B, respectively, mentioned in (a).
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Fig. 4: (a) IQ map and (b) IPF map of Alo.0o(CoCrNi) MEA after 85% warm-rolling. (c) and
(d) are misorientation profiles of locations A and B, respectively, mentioned in (a).
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Fig. 5: (111) PFs of Als2s (a), Al7.69 (), and Alo.oo (j) MEAs after 85% warm-rolling. (d) shows
the ideal (111) PF with the important deformation texture components of FCC materials.
Selected ODF sections at 2 = 0° (c, g, k), 45° (d, h, 1), and 65° (e, i, m) of Als.25 (c-¢), Al7.69
(g-1), and Alg.g9 (k-m) MEAs after 85% warm-rolling.
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Fig. 6: XRD patterns of AlxCoCrNi MEAs after annealing at 700 °C (a), 900 °C (c¢) and 1100
°C (d). (b) shows detailed XRD profile of Alo.go(CoCrNi1) MEA after annealing at 700 °C.
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Fig. 7: OMs of Ale.2s (a, d) Alyeo (b, €) and Alo.go (¢, f) MEAS after annealing at 900 °C (a-c)
and 1100 °C (d-f). Schematic diagrams are presented for 900 °C annealed Als.2s (g) Al7.69 (h)
and Alg.o9 (1) MEAsS.
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Fig. 8: (a) Variation of grain size with annealing temperature. (b) Misorientation angle
distribution of annealed Al-content MEAs. Grain boundary characteristics distribution
(GBCD) of (¢) 900 °C and (d) 1100 °C annealed Al-content MEAs.
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Fig. 9: Selected ODF sections of Als 25 (a, d) Al7.eo (b, €) and Alo.o9 (c, f) MEASs after annealing
at 900 °C (a-c) and 1100 °C (d-f). The legends are shown in Table 2.
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Fig. 11: (a) Hardness profile of as-cast, deformed, and annealed AlxCoCrNi MEAs. The red
dashed line indicates the hardness of as-cast CoCrNi MEA (Aly). (b) Hall-Petch relationship of
AlxCoCrNi MEAs constructed using hardness (Hv, red line) and yield strength (H./3, blue line).
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Table 1: Compositions of as-cast AlxCoCrNi MEAs obtained from EDS analysis.

Sample No. Al Co Cr Ni
Al Nominal 33.33 33.33 3333
Experimental - 33.50+0.34 33.64+0.34 32.87+0.05
Nominal 6.25 31.25 31.25 31.25
Alsas Experimental | 5.30+0.21 32.60£0.18  30.88:040  31.22%0.06
Nominal 7.69 30.77 30.77 30.77
Al Experimental | 6.68+027  32.25:007  30.07+£050  31.00+0.25
Nominal 9.09 303 303 30.31
Ao Experimental | 7.99=0.16  31.64=0.06  29.75+031  30.62%0.20

(All values are in atomic %)

Table 2: Key deformation and recrystallization texture components in warm-rolled FCC phase.

Orientation {hkl}<uvw> Euler angles (°) | Symbols
(b1 ©,)
Cube (C) {001}<100> 0,0,0 B
Copper (Cu) {112}<111> 90, 35, 45 ®
S {123)<634> 59, 37, 63 A
B {110}<112> 35,45, 0 v
G {110}<001> 0, 45,0
Rt-G {110}<110> 90, 45,0 *
G/B {110}<115> 17, 45, 0
G/B(T) {110}<111> 55,45,0 >
BR {236)<385> 80, 31, 34 ]
D {113}<332> 90,27,45 o
K {1421<211> 27,64,15
M {136 25}<20 15 14> 80, 30, 65




Highlights

Highlights

Effect of Al on warm-rolling and annealing of the CoCrNi medium entropy alloys
Development of ultrafine microstructure with the presence of dense shear bands during

deformation
Weak brass-type deformation texture irrespective of the Al-concentration
Finer grains for higher Al-concentrated MEA, irrespective of annealing temperature

Weak recrystallization texture and development of BCC and sigma-phase on annealing



11
12

13
14

15

16

17

18

19

20

21

22

23

24

25

26

27

28

29

30

31

32

33

34

35

Evolution of Microstructure and Texture in Al-containing CoCrNi Medium entropy
alloys during Severe Warm-rolling

J. Saha®*, P.V. Cobbinah?, T. Hiroto®, S. Matsunaga?®, Y. Toda’, Y.Yamabe-Mitarai®
2 Department of Advanced Materials Science, The University of Tokyo, 5-1-5. Kashiwanoha,

Kashiwa, Chiba 272-8561, Japan
® National Institute for Materials Science, 1-2-1, Sengen, Tsukuba, Ibaraki 305-0047, Japan

Abstract

Al, as an alloying element, can influence the properties of the single-phase equiatomic CoCrNi
MEA. In this study, different alloys of different Al concentrations added to CoCrNi MEA
(AlxCoCrNi) were prepared by warm rolling to understand the effect of Al. The alloys were
warm-rolled at 400 °C up to an 85% thickness reduction, followed by isochronal annealing at
700 — 1100 °C. The microstructure after deformation reveals the development of deformation
heterogeneities such as shear bands and deformation nano-twins. The evolution of the weak
brass component is seen after deformation. Different phases, such as BCC and sigma, evolve
upon annealing treatment at different temperatures. The higher Al-content MEA (Alo.o9) shows
comparatively finer recrystallized microstructure irrespective of the annealing temperatures.
Also, weak recrystallization texture develops after annealing, and the deformation texture
components lying on a-fiber are preserved. This indicates the absence of preferential nucleation
and growth during annealing. The hardness in the as-cast, deformed, and annealed conditions
increases with increasing Al content, indicating the influence of Al in the strengthening of the
AlxCoCrNi MEAs.

Keywords: Medium entropy alloys, Al-addition;, Thermo-mechanical treatment; Microstructure and

texture, Mechanical properties
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1. Introduction

With a nod to modernism and in step with the times, in the early 2000s, a new and novel
alloy design approach unlocked the concept of a larger compositional space of materials by
overcoming the barrier of the conventional one-principal-element alloy design concept. This
new category of materials has been named High entropy alloys (HEAs) or Complex
concentrated alloys (CCAs) [1, 2]. Although HEAs contain a large number of elements, it has
been well-established that most of these alloys can still exhibit solid solution phases, such as
the face-centered cubic (FCC) [2], body-centered cubic (BCC) [1], hexagonal closed-packed
(HCP) [3-6], or the mixture of FCC and BCC [7, 8], instead of forming intermetallic phases.
HEAs form simple solid solution phases due to the higher configuration entropy (ASconf),
which minimizes the free energy sufficiently to stabilize the phases with simple crystal

structures [1, 2]. The HEAs (AS;ons = 1.5R) [9-20] and Medium entropy alloys (MEAs,
1.5R < AS¢ons < 1R, R is the universal gas constant) always interest researchers because of

their fascinating features. Nevertheless, it took the MEAs considerably longer to become well-
known. CoCrNi, one of such MEAs, attracts attention due to its distinctive facets, such as its
low stacking fault energy, formation of extensive deformation nano-twins, and FCC to HCP
phase transformation [21-26]. In addition, the exceptional mechanical properties [21, 22, 27,
28] of CoCrNi MEA have led to in-depth studies. Studies on the thermo-mechanical behavior
of CoCrNi are thus imperative to understanding the tailoring of microstructure and
enhancement of mechanical properties [29-33].

Severe lattice distortion is one of the four core effects of HEAs. Owing to the multiple
principal elements composing these multicomponent alloy systems, there is a possibility of an
atomic size mismatch of the elements. The atomic size mismatch of the elements leads to the
distortion of the unit cell. The severe unit cell distortion affects the mechanical properties of

the alloys by preventing dislocation motion.
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When added to the FCC single-phase CoCrFeMnNi HEA, Al can introduce the BCC phase
to the alloy system [34, 35]. Several studies on Al-containing HEAs suggest mechanical
properties improve with increasing the Al content [36-38]. The addition of Al is primarily
responsible for the substantial solid solution strengthening of the alloy due to its significantly
larger atomic radius among the constituent elements, Co, Cr, Fe, Cu, or Ni. Combining with
Fe, Co, and Ni, Al has a greater propensity for forming the BCC phase, which leads to strength
enhancement than the single-phase FCC HEAs. Similarly, the introduction of Al to the CoCrNi
MEA improves mechanical properties by also forming BCC or other phases [39-43]. Many of
these studies observed that Al content beyond ~11 at.% produces the BCC phase along with
the FCC matrix [39, 41, 43], while the sigma (o) phase develops once Al content reaches ~25
at.% [39]. Furthermore, the effect of cold-rolling on Al-containing CoCrNi MEAs has been
investigated by a few researchers. These studies revealed the development of cracks in samples
with higher Al content (> ~10 at.%) during severe cold-rolling [39].

On the other hand, the warm-rolling process is another attractive processing route option.
Finely distributed grains of the FCC matrix and enhanced mechanical properties during the
warm-rolling followed by annealing of CoCrNi MEA make this route more attractive for the
CoCrNi MEA [31-33]. Additionally, the lesser flow stress and superior surface finish compared
to cold- and hot-rolling, respectively, make warm-rolling more worthwhile. However, the
effect of warm-rolling on microstructure and texture evolution and the mechanical properties
of Al-containing CoCrNi remain unresolved. The effectiveness of warm-rolling on different
HEAs has been reported [35, 44, 45], but the effect of this unique processing route on MEAs
still needs to be improved. In effect, it is now essential to study the impact of the alloying
elements as they are always beneficial in improving the mechanical properties. Therefore, in
this study, warm deformation was carried out on a range of CoCrNi alloys with varied Al
content to understand the effect of Al on tailoring the microstructure and crystallographic

texture. The addition of Al can introduce different phases, and the warm-rolling process could
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further improve the mechanical properties. The observations described here are believed to be
very effective for future studies on this deformation process.
2. Experimental Procedure

2.1 Sample Processing

The MEAs with different compositions (Alx; x =0, 6.25, 7.69 and 9.09 at.%) were prepared
by vacuum arc melting furnace in a Ti-gettered argon atmosphere using the raw materials with
a purity level of more than 99.9%. The cast ingots were flipped and remelted at least five times
to improve chemical homogeneity. To validate the distribution of the elements in the alloys,
Energy Dispersive Spectroscopy (EDS) was performed for each sample. Table 1 presents the
experimental details along with the nominal compositions of the MEAs. The ingots were
thermo-mechanically processed through warm-rolling at 400 °C (WR(400)) to attain a final
thickness reduction of ~85% using a rolling machine with a diameter of 300 mm (ONO Roll
& Co., Japan). To achieve the final thickness level, the warm-rolling was scheduled for the
multipass route. Before the first pass, the samples were kept inside the furnace at 400 °C for
30 minutes and 10 minutes for the subsequent passes until achieving the final thickness. All
the warm-rolled samples were annealed at 700 °C, 900 °C, and 1100 °C for 1 hour, followed

by water quenching.
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Table 1: Compositions of as-cast AlxCoCrNi MEAs obtained from EDS analysis.

Sample No. Al Co Cr Ni
Nominal - 33.33 33.33 33.33
Alo Experimental - 33.50+0.34 33.64+£0.34 32.87+0.05
Nominal 6.25 31.25 31.25 31.25
Alsas Experimental | 5.30+0.21 32.60+0.18  30.88+040  31.22+0.06
Nominal 7.69 30.77 30.77 30.77
Alreo Experimental | 6.68+027  32.25+0.07  30.07+0.50  31.00+0.25
Al g, N01?1i11a1 9.09 303 30.3 30.31
‘ Experimental | 7.99+0.16  31.64£0.06  29.75£031  30.62+0.20

(All values are in atomic %)

2.2  Characterization

To identify the phases and determine the crystal structure of the alloys, X-ray Diffraction
(XRD; SmartLab, Rigaku, Japan) was conducted for all the deformed and annealed samples
using Cu-K, radiation (A = 1.5418A), operated at 40kV and 30mA. All the measurements were
performed with a constant step size and a scan rate of 0.02° and 2° /min, respectively, for each
sample in the 260 range of 20° to 100°.

The microstructure and microtexture of the alloys were investigated using JSM-7200F Field
Emission Gun Scanning Electron Microscope (FEG-SEM; JEOL, Japan) equipped with an
EDAX Electron Backscatter Diffraction (EBSD) system (EDAX-AMETEK inc., USA). A very
systematic polishing schedule was maintained to prepare the samples suitable for the EBSD
technique, starting with mechanical polishing using emery papers and diamond suspensions of
9 um, 3 pm, and 1 pm, followed by the final step of fine colloidal silica suspension. The scan
rate was kept constant at 0.04 pm (40 nm) for all deformed samples and varied between 0.6 um
(600 nm) and 1.75 um (1750 nm) for the samples annealed at 900 °C and 1100 °C. The
elemental distribution of the alloys was studied using the EDAX EDS system (EDAX-

AMETEK Inc., USA), integrated with SEM. Several EBSD scans were performed at different
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locations of the deformed and annealed samples for microstructure and microtexture analysis
of the alloys. To measure the microtexture, the scans were merged and analyzed in TSL-
OIMTM software of version 7.0 (EDAX-AMETEK Inc., USA). The orientation distribution
functions (ODFs) and (111) pole figures (PFs) were calculated using the parameters of
orthotropic symmetry and harmonic series expansion method with the Series Rank of 22 from
the merged scans of each sample. The Bunge notations with the Euler angles of the different
essential texture components, which were used to construct the ODF sections, are tabulated in
Table 2.

Textures of the deformed samples were further investigated by the bulk-texture
measurements using XRD (SmartLab, Rigaku, Japan) with a Cu-K, source (A = 1.5418A),
equipped with an alpha (a) - beta (B) sample stage and operated at 45kV and 200mA, to
comprehend the textures in a broader area. The X-ray bulk-texture measurements were taken
from the rolling plane section (bounded by rolling direction (RD) and transverse direction
(TD)) of the specimens. For this purpose, the samples with the dimensions of 10 mm X 15 mm
were extracted from the deformed materials and mechanically polished using emery papers and
different grades of diamond suspension as the final polishing steps. The (111), (200), and (220)
pole figures (PFs) were measured with the step sizes of o and B being 3° and the scan rate of
150 °/min. The PFs and (orientation distribution function) ODF maps were visualized and
calculated by SmartLab Studio II (Rigaku) software. The reconstruction of the ODF maps from
measured PFs was carried out using the direct numerical calculation method of the WIMV
model.

The mechanical properties of the as-cast, deformed, and annealed samples were studied by
Vickers microhardness testing (HMV, Shimadzu Corporation, Japan). The microhardness
testing was performed on the rolling surface of each sample with the combination of 500 gm-f
load and 15 seconds of dwell time. The mean of a minimum of 15 hardness measurements was

reported with the standard error for every sample.
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3. Results

3.1 Phase identification, crystal structure, and mechanical properties of as-cast samples

Fig. 1 describes the phases present in the as-cast samples of the AlxCoCrNi MEAs through
the XRD profiles. The XRD profiles in Fig. 1(a) show the single FCC crystalline structure as
the main phase in the as-cast CoCrNi MEA. Moreover, the XRD profiles of the AlxCoCrNi
MEAs indicate no change in the crystal structure of the alloys even after 9.09 at.% Al addition.
We surmise that the primary cause of the strong 111 peak is due to the orientation of the
columnar grains in that direction. However, the peaks of the AlxCoCrNi MEAs shift towards
the lower 20 values compared to the CoCrNi MEA. This observation confirms that Al plays a
significant role in the lattice distortion of CoCrNi MEAs due to the larger atomic radius of Al
compared to other constituents (ra; = 1.43 17A, tco = 1.251A, rer = 1.2491A and rvi = 1.2459A)
[15]. The change in lattice parameter can be observed in the inset of Fig. 1(a), which shows the
lattice parameter of AlxCoCrNi MEA increased with the addition of Al. The lattice parameter
of CoCrNi MEA is 3.566A, which changes to 3.59A after Al addition of 9.09 at.%.

Although the XRD profiles show no precipitates, the increase of the solid solution
strengthening due to the lattice distortion could be identified from the microhardness profile of
the as-cast samples (Fig. 1(b)). The as-cast CoCrNi MEA (Alo) shows a hardness of ~178 Hy,
while there is a sharp increase in the hardness values with the increase of the Al content. The

hardness of the Alo.oo containing MEA increases by ~37% (~214 Hy) compared to Alo MEA.
3.2 Analysis of phase identification, microstructure, and grain orientation after deformation

The XRD profiles of the 85% warm-rolled Al.-MEA specimens, displayed in Fig. 1(c),
suggest no phase evolution during the deformation process, indicating the stability of the FCC
phase even at higher deformation temperatures. Fig. 2 describes the microstructure of Als s

MEA after 85% WR(400). After severe deformation, the microstructure exhibits an elongated
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Fig. 1: (a) XRD patterns and (b) Hardness profile of as-cast AlyCoCrNi MEAs. Variations of
lattice parameters with variations of Al-content are shown in the inset of (a). (¢c) XRD patterns
of 85% warm-rolled AlxCoCrNi MEAs.

lamellar banded structure along the rolling direction (RD) as shown in Fig. 2(a) (image quality
(IQ) map). An extensively dense shear band (blue arrow) can be noticed to cut the grains at
~45° along the RD. Minor changes in the misorientation confirm the presence of the inclined
but small lamellar banded features (white arrows) from the inverse pole figure (IPF) map (Fig.
2(b)). The misorientation profiles are drawn for the ‘A’ (red arrow) and ‘B’ (yellow arrow)
locations. Location ‘A’ (Fig. 2(c)) shows extensive deformation revealed as significant spikes
with a misorientation angle of ~60°, indicating the presence of deformation nano-twins.
However, location ‘B’ (Fig. 2(d)) implies homogeneous deformation with the presence of very
few nano-twins. Therefore, from the misorientation profiles of locations ‘A’ and ‘B’, it can be
inferred that deformation occurred by twinning and slipping.

Fig. 3 displays the microstructure of the 85% warm-rolled (WR(400)) Al7.60 MEA. Nearly

identical features are observed in the IQ map (Fig. 3(a)) with the presence of extensive shear
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bands (blue arrows) and lamellar intersecting bands (white arrows). The IPF map (Fig. 3(b))
corroborates the change in orientations for the shear bands and minor misorientations of the
intersecting banded features. The misorientation profile from location ‘A’ (Fig. 3(c)) shows the
development of nano-twins during deformation, whereas location ‘B’ (Fig. 3(d)) displays more
homogeneous deformation, evident from the very low point-to-point and point-to-origin
misorientations.

Also, the microstructure of 85% warm-rolled (WR(400)) Alo.oo MEA shows similar features
in Fig. 4, where thin shear bands (blue arrows) are present along with extended lamellar
intersecting bands (white arrows) (Fig. 4(a)). These features can also be confirmed from the
IPF map (Fig. 4(b)). The misorientation profiles (Fig. 4(c) and (d)) describe the deformation
by slipping mechanism dominating over the twinning as it shows more homogeneous
deformation.

Fig. 5 illustrates the evolution of the bulk-texture and micro-texture of the 85% deformed
Alx-MEAs by the WR(400) process through (111) pole figures (PFs) and selective orientation
distribution function (ODF) sections, respectively. Important deformation and recrystallization
texture components are cataloged in Table 2 to ease understanding. All the significant texture
components overlap the ideal (111) PF, as depicted in Fig. 5(b). The development of bulk
texture in the deformed Alg2s MEA (Fig. 5(a)) indicates the presence of brass components (B;
{110}<112>), which could suggest the development of brass-type deformation texture.
However, the orientation of B appears to be weaker than other orientations, as observed in the
@2 = 0° section of the ODF (Fig. 5(c)), where G/B orientation ({110}<115>) is more intense.
In the @2 = 45° section (Fig. 5(d)), the Cu component ({112}<111>) is completely absent,
while, at ¢2 = 65° section (Fig. 5(¢)), the S component ({123}<634>) is present with weak
intensity.

The (111) PF of the deformed Al7.60 MEA (Fig. 5(f)) shows the development of weak brass-

type deformation texture with the presence of weak brass orientation. This feature can be



216  corroborated by the > = 0° section of the ODF (Fig. 5(g)), where the weakened B component
217  lies over the a-fibre (ND//<110>), which extends from the G ({110}<001>) to rotated G
218  orientation (Rt-G; {110}<110>). In the @2 = 45° (Fig. 5(h)) and ¢> = 65° (Fig. 5(1)) sections,
219  the Cu and S components, respectively, are present with very weak intensities.

220 A weak brass component manifests in a slightly different emerging (111) PF (Fig. 5(j)) in
221  the texture evolution of the deformed Alo.g9 MEA. However, the @2 = 0° section of the ODF
222 (Fig. 5(k)) elucidates the presence of the a-fibre (ND//<110>), which extends from G to Rt-G
223 through weak B. This observation can be confirmed from the ¢> = 45° section (Fig. 5(1)).
224  Relatively very weak Cu and S components can be seen in @2 = 45° (Fig. 5(1)) and @2 = 65°

225  (Fig. 5(m)) sections, respectively.
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229  (d) are misorientation profiles of locations A and B, respectively, mentioned in (a).
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236  (d) are misorientation profiles of locations A and B, respectively, mentioned in (a).



237

238
239
240
241

242

243

244

Al g

Al9A09

i)

Orientation

{hilj<uvw>

Copper (Cu) @

{112}<111>

s A

{123)<634>

8 v

{110}<112>

G 4

{110}<001>

T

Fig. 5: (111) PFs of Als2s (a) Alr.eo (f) and Alo.go (j) MEASs after 85% warm-rolling. (d) shows
the ideal (111) PF with the important deformation texture components of FCC materials.
Selected ODF sections at @2 = 0° (c, g, k), 45° (d, h, 1), and 65° (e, 1, m) of Als2s (c-€), Al7.69

(g-1) and Alo o9 (k-m) MEAs after 85% warm-rolling.

Table 2: Key deformation and recrystallization texture components in warm-rolled FCC phase.

Orientation {hkl}<uvw> Euler angles (°) | Symbols
(91,0,9,)
Cube (C) {001}<100> 0,0,0 ]
Copper (Cu) {112}<111> 90, 35, 45 [ ]
S {123}<634> 59,37, 63 A
B {110}<112> 35, 45,0 v
G {110}<001> 0, 45,0
Rt-G {110}<110> 90, 45,0 *
G/B {110}<115> 17,45,0
G/B(T) {110}<111> 55,45,0 (2
BR {236}<385> 80, 31, 34 ‘
D {113)<332> 90,27,45 o
K {142}<211> 27,64,15
M {13 6 25}<20 15 14> 80, 30, 65
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3.3 Phase evolution during heat treatment

To comprehend the thermal stability of the alloys during annealing at different temperatures,
the XRD profiles are plotted in Fig. 6. The XRD profiles (Fig. 6(a)) for the different Al,-MEA
samples annealed at 700 °C show the development of the other phases along with stable FCC
(v) phase. The lower Al-content (Als.25) MEA reveals the presence of o-phase (~46°), whereas
the Al7eo and Alo.g9o MEAs include the BCC (a) phase and c-phase of relatively different
intensities. The Algoo annealed MEA, as shown in Fig. 6(b), exhibits relatively higher
intensities of the BCC and ¢ phases compared to the Al7.60; however, the intensities of the FCC
peaks (111 and 220) are still very strong and easily distinguishable. The lattice parameter of
the BCC phase is calculated to be ~2.87A. On the other hand, the lattice parameters of the 6-
phase are ~8.79A (a) and ~4.49A (c), which implies the tetragonal crystal structure of the o-
phase. The formation of the BCC (a) phase can also be detected at higher annealing
temperatures (900 °C (Fig. 6(c)) and 1100 °C (Fig. 6(d))). However, the samples annealed at

1100 °C show no detectable o-phase.
3.4 Microstructure and texture evolution during recrystallization

The development of microstructures upon annealing of the severely deformed materials with
different compositions is illustrated in Fig. 7. The EBSD maps, superimposed with the
orientation maps (OMs) of the annealed microstructures of Ale s are described in Fig. 7(a, d),
Al769 in Fig. 7(b, €) and Aloo9 in Fig. 7(c, ), respectively for 900 °C and 1100 °C. Completely
recrystallized and fine microstructure with grain sizes varying between ~3 — 4.5 um (excluding
annealing twins) and depending on the Al-content are observed. The presence of high-angle
grain boundaries (HAGBs; marked by black lines) separates the recrystallized grains and
annealing twins (TBs; red lines) upon annealing at 900 °C (Fig. 7(a-c)). Furthermore, a mixture
of coarse and fine grains can be observed in the low Al-content microstructure (Als2s; Fig.

7(a)), whereas the microstructure is quite finer for the high Al-content sample (Alo.o9; Fig. 7(c)).
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There is a discernible and typical increase in grain size at a higher annealing temperature of

1100 °C (as shown in Fig. 7(d-f)). The grain size (excluding annealing twins) ranges between

~10 — 24 um depending on the alloy composition. Fig.7(g-1)) explains schematically the grain

growth behavior.
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Fig. 6: XRD patterns of AlCoCrNi MEAs after annealing at 700 °C (a), 900 °C (c¢) and 1100
°C (d). (b) shows detailed XRD profile of Aly.oo(CoCrNi) MEA after annealing at 700 °C.
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Fig. 8 demonstrates the different microstructural features. The grain size varying with the
annealing temperatures, as plotted in Fig. 8(a), clearly indicates the grain growth irrespective
of the sample compositions. However, Alo.g9 MEA consistently shows the presence of finer
grains in the material, even at the higher annealing temperature. The grain size profiles,
including annealing twins, also show a similar trend. The grain sizes, calculated excluding the
annealing twins, of Alooo MEA are comparatively small and comparable to those of Als.2s and
Al769, which are evaluated, including the annealing twins. The misorientation angle
distribution profiles (Fig. 8(b)) of the annealed materials exhibit a very sharp peak near ~60°,
implying the development of twins upon annealing treatment. The higher fraction of the
annealing twin boundaries (TBs) develops at the higher annealing temperature (1100 °C).
However, the fraction of TBs gradually decreases with the increase of the Al content at 1100
°C.

Fig. 8(c, d) reveals the variation of the grain boundary characteristic distribution (GBCD)
with the different annealing temperatures at 900 and 1100 °C. At 900 °C (Fig. 8(c)), the
increase of Al content reduces the HAGB fraction, although the rate is not too high. Similarly,
the increase of the Al content slightly increases the TB fraction. However, the relative
difference in the increment could be negligible. Fig. 8(d) explicitly shows the effect of
annealing treatment at 1100 °C, where the HAGB fraction increases gradually, while the
fraction of TB decreases with the increase of Al-content at 1100 °C. The TB fraction always
stays low at lower annealing temperatures irrespective of the alloy compositions compared to
higher temperatures. The misorientation angle distribution profiles (Fig. 8(b)) can also
corroborate this observation.

The development of the annealing texture is described in Fig. 9(a-c) (after annealing at 900
°C) and Fig. 9(d-f) (after annealing at 1100 °C) for the different Al-containing MEAs after
annealing in different temperatures. The @2 = 0° section of ODF of Als.2s MEA annealed at 900

°C in Fig. 9(a) shows the presence of different texture components with relatively weak
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intensities along the a-fiber (sum of B, G, G/B, G/B(T) and Rt-G texture components,
ND//<110>). Similarly, weak intensities of the different orientations along the a-fiber can be
easily noticed for the other alloy compositions as well after annealing at 900 °C (Fig. 9(b) for
Al769 and Fig. 9(c) for Alog9 MEAs). At the ¢> = 45° sections (Fig. 9(a) (Als.2s), Fig. 9(b)
(Al769) and Fig. 9(c) (Alo.0v)), the Cu component is either present with weak intensity (Fig.
9(a)) or completely absent (Fig. 9(b, ¢)). On the other hand, the S component is nearly missing
in all the @2 = 65° sections of ODFs. The @2 = 35° and 45° sections indicate the absence of any
perceptible amount of BR and D components, which form the important texture components
during recrystallization in low stacking fault energy (SFE) materials. The OMs (Fig. 7(a-c))
also confirm these observations, demonstrating that these components are hardly present.
Therefore, overall, it can be stated that the texture development after recrystallization is
reasonably weak as more randomly oriented grains become visible (Fig. 7(a-c)). The textural
evolution of the materials that have been annealed at a higher temperature (1100 °C) reveals a

similar tendency (Fig. 9(d-f)), which can also be corroborated by the OMs (Fig. 7(d-f)).
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Fig. 8: (a) Variation of grain size with annealing temperature. (b) Misorientation angle
distribution of annealed Al-content MEAs. Grain boundary characteristics distribution

(GBCD) of () 900 °C and (d) 1100 °C annealed Al-content MEAs.
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Fig. 9: Selected ODF sections of Alg25 (a, d), Al7.69 (b, €), and Alg.oo (c, f) MEASs after annealing

at 900 °C (a-c) and 1100 °C (d-f). The legends are shown in Table 2.
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333 Fig. 10 illustrates the quantitative assessment of texture development upon annealing for the
334  different Al-containing MEAs. Minor variations (within ~0 — 10%) in the volume fractions of
335 the texture components can be noticed with increasing annealing temperatures. Along with the
336 volume fractions of the texture components of the materials, the variations of the volume
337  fractions of the a-fiber and the random components with the temperatures are also represented
338  graphically. Nominal changes can be seen in the volume fractions of the a-fiber and random
339  components with varying temperatures for Als2s and Alo.oo MEAs. However, the volume
340 fraction of the a-fiber increases slightly after annealing at 1100 °C in Al7.69 MEA (Fig. 10(b)).
341  Furthermore, the volume fractions of the random components are always high, irrespective of

342 the compositions and temperatures.
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344  Fig. 10: Variation of volume fraction of different texture components with annealing
345  temperatures for Al s (a), Al7eo (b), and Alo.go (c) MEAS.
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3.5 Mechanical properties

A well-constructed comparison of the microhardness of the as-cast, deformed, and annealed
samples is presented in Fig. 11(a). The Alx-MEA specimens in as-cast condition show hardness
in the range of 185-214 H,; however, the Aly (or CoCrNi) MEA (red dotted line) showed the
lowest hardness (~178 Hy). A sharp increase in the hardness of the specimens occurs after
heavy deformation. The hardness values (>500 H,) increase with the increment of the Al-
concentration for the deformed samples, similar to the phenomenon observed in the case of the
as-cast alloys. The Alo.oo MEA shows the highest hardness (~560 Hy) among all the deformed
samples. The annealing causes a decrease in the hardness for all the samples. However, the
hardness after a lower annealing temperature (700 °C) is quite high compared to other annealed
specimens (> 450 Hy). The hardness of the Alo.oo MEA after annealing at 700 °C (~536 Hy) is
comparable to its deformed condition. However, the hardness decreases further with the
increase in the annealing temperature due to the significant grain growth at higher annealing
temperatures. The hardness values range from 250-350 Hy after annealing at 900 °C, whereas
the values decrease further and vary between 205-230 Hy for the samples annealed at 1100 °C.
After annealing at 900 °C, Alo o9 MEA still exhibits a reasonably high hardness value of ~350
Hy. Although the hardness of the annealed materials decreases with the increase in
temperatures, the higher Al-content (Alo.oo) MEAs consistently show greater hardness at each
annealing temperature.

To better comprehend the evolution of the hardness of the different materials at different
temperatures, the Hall-Petch relationship is plotted in Fig. 11(b). The relationships are

formulated in 2 different ways: (i) considering the empirical relationship of the yield strength
and hardness (gys = 1/ 3 H, (converted into MPa, 1 Hy = 9.807 MPa)) [46-49] (blue line), and

(i) using the hardness data obtained at different annealing temperatures (red line). According

to the empirical relationship between yield strength and hardness, the lattice friction stress and
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Hall-Petch coefficient parameters are 438 = 75 MPa (co) and 1028 £+ 140 MPa.um'? (K),
respectively, represented by the blue line. However, based on the hardness data, the parameters
are calculated as 134 + 23 H, (Ho) and 314 + 43 Hy.um'? (Kn), respectively, represented by

the red line. The relationship considers only grain size, i.e., excluding twins.
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Fig. 11: (a) Hardness profile of as-cast, deformed, and annealed AlxCoCrNi MEAs. The red
dashed line indicates the hardness of as-cast CoCrNi MEA (Alp). (b) Hall-Petch relationship of
AlxCoCrNi MEAs constructed using hardness (Hy, red line) and yield strength (H,/3, blue line).

4. Discussion

4.1 Microstructure and texture evolution during severe warm-rolling

The present study of severe warm-rolling of different Al-content MEAs leads to the
development of ultrafine microstructure with the presence of elongated lamellar structure along
RD and deformation inhomogeneities, such as intersecting shear bands and deformation nano-
twins. During severe deformation, the materials are subdivided by an enormous number of
grain boundaries. The warm-rolling process of these MEAs involves the dynamic
transformation of coarser initial grains to an ultrafine deformed structure, which is attributed
to the subdivision of the grains. This grain subdivision process involves mechanisms based on

the microstructure and texture development for the origin of the high-angle grain boundaries
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(HAGBSs) after the severe deformation process [50]. The microstructural evolution begins with
the cell or substructure formation at the initial stage of deformation by generating low-angle
grain boundaries (LAGBs). In the next stage, the dislocations are densified at the LAGBs or
triple junctions with further deformation. Finally, following higher deformation, the LAGBs
merge to form the HAGBs [50]. Furthermore, the observed textural changes involve the
rotation of the different grains to their preferred end orientations by different slip systems [50].
Hence, the severe plastic deformation leading to microstructural and microtextural changes
involves the generation of numerous high-angle grain boundaries (HAGBs), accounting for
observed ultra-fine structures. These mechanisms are well established for different processed
CoCrNi MEA [33, 51].

Notably, the microstructure of the deformed materials contains several deformation
heterogeneities, such as shear bands and deformation bands, irrespective of their Al content.
The microstructure also reveals the presence of deformation nano-twins, which can be
confirmed by the misorientation profile. The development of deformation nano-twins is not
unusual for FCC materials with low SFE [31, 51]. However, there are several regions in the
microstructure where the misorientation is minimal, suggesting more homogeneous
deformation by slipping rather than twinning.

Similar to the microstructural evolution during deformation, SFE plays a significant role in
developing the texture during deformation. After cold-rolling, any low SFE FCC metals and
alloys can develop brass-type deformation texture with the presence of the B component with
relatively higher intensities [52]. The emergence of excessive deformation nano-twins and
shear bands during cold-rolling is thought to play a critical role in developing a strong brass-
type deformation texture. While this mechanism is still debated and controversial [52, 53],
more research is required to fully understand it. Strong brass-type deformation texture was
previously reported for the equiatomic single-phase (FCC) ternary CoCrNi MEA after cold-

rolling [30, 33, 54], which further satisfies its low SFE of 22 + 4 mJ/m? [21]. In contrast, our
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present study on Al-containing MEAs shows the presence of the B component is significantly
weak after severe warm-rolling, which implies the development of weak brass-type
deformation texture. This is very similar in the case of CoCrNi MEA after warm-rolling [31,
33]. Such a trend has been observed for the equiatomic quinary CoCrFeMnNi HEA as well,
whose calculated SFE is ~20 — 25 mJ/m? [55], where a strong brass-type deformation texture
developed after cold-rolling [56], while the warm-rolling showed comparatively weaker brass
component by developing the pure-metal or copper-type deformation texture [45].

The influence of the deformation temperature on SFE has been reported for different alloy
systems [57] and single-phase FCC CoCrFeMnNi HEA [58]. Higher SFE reduces the
formation of deformation heterogeneities, such as shear bands and deformation nano-twins,
and favors more homogeneous deformation. This indicates that the deformation by slipping
dominates over the deformation by twinning. Although, in this present investigation, the
deformation microstructure shows the development of the shear bands and deformation nano-
twins, possibly, the density of the deformation heterogeneities is not adequate to develop the

strong brass-type deformation texture.
4.2  Microstructure and texture evolution during recrystallization

Completely recrystallized and fine grains are observed after annealing at 900 °C, while an
expected grain growth can be seen after annealing at 1100 °C, irrespective of the Al content. It
is noticed that the higher Al-content MEA (Alo.o9) shows entirely finer grains distributed
throughout the microstructure, whereas the mixture of fine and coarse grains is detected in the
lower Al-content MEAs (Alg.25s and Aly.9). Two different mechanisms could be responsible for
the presence of finer grains in Alo.g9o MEA. One of them could be the presence of comparatively
higher deformation heterogeneities in Alo.o9 MEA, which indicates the greater density of the
potential nucleation sites compared to the other Al-containing MEAs. The higher hardness of

the Alo.oo MEA could confirm the possibility of this mechanism. The other possible mechanism
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could be the development of the BCC and c-phases during heat treatment. From the phase
analysis (XRD), it is clear that the density of the BCC and c-phases increases with the increase
of the Al-content at a particular annealing temperature. As a result, Alo.og9 MEA could have
more precipitates present after annealing at 700 °C, which may be located either at the grain
boundaries or at the triple junction [40]. However, upon annealing at 900 °C, the density of the
precipitates could be reduced. This is because the BCC is the only stable phase at 900 °C instead
of the o-phase for Alg2s and Al;¢0 MEAs. The phase diagram of these alloy systems (Fig.12)
can confirm the reduction of the density of the precipitates. On the other hand, the phase
diagram suggests that both the precipitates, BCC, and o-phases could potentially form at 900
°C for Alo.o9 MEA. The development of these precipitates will always hinder the growth of
FCC grains (Fig. 7(g-1)). Therefore, the increase in the density of these precipitates will restrict
the grain growth extensively, which can be observed in the case of the Alogo MEA and
confirmed by its higher hardness compared to the other MEAs. However, this mechanism needs

further investigation.
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Fig.12: Phase diagram of AlxCoCrNi MEAs constructed using ThermoCalc software.
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The grain growth at the higher annealing temperature of 1100 °C is acceptable and
inevitable. The most salient feature is the grain growth behavior of the different Al-containing
MEAs at the higher annealing temperature. It is expected from the earlier explanations that
Alooo MEA should have a finer structure even at the higher annealing temperature, which
indicates that the grain growth is restricted in this alloy. However, the absolute difference in
the grain size at different temperatures is understandably less for Alo.o9 MEA. Interestingly,
this alloy contains only the BCC phase as precipitates at 1100 °C, which can be confirmed from
the phase diagram. Nevertheless, the phase analyses of the other two alloys at 1100 °C show
the presence of the BCC phase with comparatively lesser intensity and completely single-phase
FCC according to the phase diagram. Consequently, the lower Al-containing MEAs with
reduced density of the BCC precipitates can grow freely; however, in the case of Alggo MEA,
the presence of more BCC phase restricts the growth of the FCC grains, consequently making
it harder and stronger at 1100 °C.

A higher fraction of the annealing twin boundaries (TBs) can be observed for all the alloys.
As expected, the fraction of the annealing TBs increases at the higher annealing temperature.
Fascinatingly, it is seen that the fraction of annealing TBs decreases with the increase of the
Al-content of the alloys at 1100 °C, which indicates a higher fraction of the TBs during the
grain growth. In addition to the grain growth that takes place in the lower Al-content MEAs,
as previously mentioned, the lower Al-content MEA contains more TBs by consuming the
HAGB:s at the higher annealing temperature. It is well-known that the driving force for grain
growth is the reduction in grain boundary energy, and TBs possess remarkably lower grain
boundary energy than HAGBs [59]. As a result, for grain growth at the higher annealing
temperature and in the lower Al-content MEA, it is favorable to have more annealing twin
boundaries at the expense of the HAGBs by reducing the total grain boundary energy.

The annealing texture, featuring the presence of different a-fiber texture components with

relatively weak intensities, signifies the retention of the deformation texture components even
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after annealing. It has been observed that more randomly oriented grains are present during
annealing, which implies the weakening of the recrystallization texture. Interestingly, this
feature of the weak recrystallization texture development can also be realized in the low SFE
TWIP steels [60, 61], low SFE CoCrFeMnNi HEA [45, 56, 62-66], and even in the low SFE
CoCrNi [31-33, 51]. The development of weak recrystallization texture with the retention of
the deformation texture components can rule out the preferential nucleation and growth (PN
and PG) mechanism. The emergence of the key recrystallization texture components, brass
recrystallization (BR, {236}<385>, growth relationship of BR component with B by
40°<111>) and Dilamore (D, {113}<332>) follow the PN and PG mechanism during the
annealing [59]. However, the present study shows the BR and D components are very weak,
and the deformation components are retained with minor variations in their volume fractions
upon annealing.

4.3  Mechanical Properties

The hardness of the alloys shows a similar trend, increasing after deformation and
decreasing with the increase of the annealing temperatures. The hardness of the deformed Al-
containing MEAs is higher compared to the warm-rolled equiatomic ternary CoCrNi MEA
[33]. Furthermore, the hardness of Alo.g9 MEA is comparable to the cryo-rolled CoCrNi MEA
[51]. The hardness evolution trend of these Al-containing MEAs illustrates that the effect of
the Al is quite strong as the hardness increases significantly with the increase of the Al
concentration in the alloys. This phenomenon indicates the solid solution strengthening effect
of the alloys. Upon annealing at a lower temperature (700 °C), the hardness of Alo.g9 MEA
decreases very slightly and is comparable to its deformed condition. Therefore, it can be
predicted that the higher Al-containing MEA possesses the precipitation-strengthening effect.
Different strengthening mechanisms can be involved in strengthening the alloys, as shown by

the equation:
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Oys = Ogs + Ops + Ogps + Ogs

where o

ys 1s the yield strength, oy is solid solution strengthening, o, is precipitation

strengthening, gy, is grain boundary strengthening, and g is dislocation strengthening.

Since the hardening behavior of annealed materials is being considered here, the g,
parameter can be neglected. Due to the presence of Al, lattice distortion is observed, which
indicates the effect of the solid solution strengthening (o). From the annealed microstructure,
phase analyses (XRD), and phase diagram, the presence of the precipitates can be confirmed,

which contributes to precipitation strengthening (oy,). It is evident from the microstructure that
the density of the grain boundary increases with the increase of the Al concentration in the
alloys, and, therefore, grain boundary strengthening (gyps) can also contribute to the
strengthening of the alloys. Consequently, the higher hardness during annealing due to the Al-
addition to CoCrNi MEA can corroborate the above three strengthening mechanisms (o, 0y,
and ogys). However, to understand their contribution individually, further investigation is
required. The Young’s modulus difference between the elements present in the alloys also
affects the hardness. The Young’s modulus of Al is quite low (70 GPa) compared to Co (209
GPa), Cr (279 GPa), and Ni (200 GPa), which increases the Young’s modulus misfit and results
in the increment of the hardness upon addition of Al.

The lattice friction stress (Ho) and Hall-Petch coefficient (Ku) of the Al-containing MEAs
based on hardness are close to the reported values on CoCrNi MEA [67]. However, the values
are slightly higher, showcasing the hardening effect owing to Al, especially the grain boundary
strengthening effect of the alloys. The lattice friction stress, oo, is comparatively much higher
than the HEAs or MEAs composed of 3d transition elements, such as Co, Cr, Fe, Mn, and Ni,
as the empirical formula is used to obtain the yield strength from the hardness values. However,
it can assumed that the high lattice friction stress of Al-containing HEAs is developed from its

chemical composition and the atomic radii of the constituent elements. The difference in the
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atomic radii of the present alloys creates severe lattice distortion because of the local atomic
arrangements of the elements, which, as a result, increases the lattice friction stress abruptly
[68]. On the other hand, the locking parameter or Hall-Petch coefficient (Ky) can be affected
by several different factors, including the lattice distortion, the stacking fault energy (SFE),
and the shear modulus (G). However, as per previous reports, the lattice distortion factor can
be ruled out as it showed some discrepancy in the relationship between lattice distortion and
Ky, and it needs to be investigated with a large data set of samples. Lowering the SFE can
increase Ky, and it can be surmised that in the present study, the alloys possess lower SFE due
to the presence of Al (discussed earlier) [67]. The shear modulus (G) and SFE are inversely
related, while the relationship between G and Ky is linear [69, 70], indicating that the Al-
containing MEAs possess a higher shear modulus with higher Ku. The relationship between
the properties is yet to be validated. From these observations, it is quite clear that grain
boundary strengthening by effective grain refinement can play a crucial part in the
strengthening of these Al-containing MEAs.

5. Conclusion

CoCrNi MEA (AlxCoCrNi) with different concentrations of Al were subjected to thermo-
mechanical processing by warm rolling at 400 °C to an 85% thickness reduction, followed by
annealing at different temperatures to investigate the effect of Al addition on microstructure

and texture. Based on the findings, the following key outputs were concluded.

(1) The severe warm-rolling process produces elongated lamellar banded structure, shear
bands, and deformation nano-twins, leading to the development of an ultra-fine
microstructure.

(i1) A weak brass-type deformation texture develops after high-temperature warm-rolling,
which indicates the rise of the stacking fault energy at the elevated temperature due to

homogeneous deformation by slipping rather than by twinning.
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(ii1) Recrystallized grains were observed after annealing, including the precipitation of the
BCC and c-phases along with the FCC matrix. The increase in annealing temperature
leads to grain growth, becoming more pronounced in the lower Al-containing MEAs.
With the increase of Al-content, the density of the precipitates or other phases also
increases. At the higher annealing temperature, the o-phase becomes unstable and
disappears.

(iv) The development of the weaker recrystallization texture upon annealing and the
retention of the deformed texture components rule out the preferential nucleation and
growth (PN and PG) phenomena.

(v) The hardness of the as-cast alloys increases with the increase of Al-content. After
deformation, the hardness becomes very high but decreases with the increase of the
annealing temperatures. Irrespective of the processing conditions, Aly g9 MEA always
shows the highest hardness. The higher lattice friction stress, obtained from the Hall-
Petch relationship, indicates the severe lattice distortion effect due to the different

concentrations of Al added to the CoCrNi MEA.

Based on the observations above, it is evident that the warm-rolling process does not only
influence the single-phase equiatomic MEA but also can play a crucial role in the evolution of
microstructure, texture, and significant improvement in the mechanical properties of Al-

containing MEAs and can lead to remarkable strength-ductility balance.
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