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A B S T R A C T

The interaction between solute hydrogen (H) and mobile dislocations in Fe-24Cr-19Ni mass% (Type310S) 
austenitic steel charged with 8500 atomic ppm H was investigated by stress relaxation tests conducted over the 
temperature range 213–295 K. At ambient condition, H atoms form solute atmospheres that can migrate coor
dinately with moving dislocations. In contrast, the reduced H diffusivity at lower temperatures progressively 
impedes dislocation motion, leading to dynamic strain aging (DSA) during the relaxation process, manifested as a 
retardation of thermally activated deformation. As a direct consequence of this dislocation-pinning effect, a 
pronounced yield point emerged upon reloading after relaxation. The kinetics of solute atmosphere formation 
and DSA were further quantified by evaluating the exhaustion rate of mobile dislocation density as a function of 
relaxation time. The experimental trends were successfully described using a classical Cottrell atmosphere model 
based on size-misfit interaction, demonstrating that the fundamental role of H in governing dislocation mobility 
is essentially analogous to that of other interstitial solute elements.

1. Introduction

When interstitial solute atoms—most notably carbon (C), nitrogen 
(N), and hydrogen (H)—are introduced into face-centered cubic (FCC) 
metals and alloys, they give rise to solid solution-hardening through a 
combination of static and dynamic interaction mechanisms with dislo
cations [1–8]. Statistically, the local lattice dilatation around interstitial 
solutes generates elastic stress fields that interact with those of dislo
cations, thereby acting as short-range (i.e., thermally activatable) ob
stacles against dislocation motion [1,9,10]. In addition to such a static 
contribution, diffusible interstitials can dynamically interact with 
moving dislocations, also leading to time- and temperature-dependent 
strengthening phenomena [4,6,11]. The resulting increase in yield and 
flow stresses during plastic deformation is therefore governed not only 
by solute concentration but also by thermomechanical loading condi
tions, reflecting the thermally activated dislocation motion [12,13] and 
the relative velocity of dislocations to solute diffusion kinetics [14–16]. 

These multifaceted effects underscore the complexity of sol
ute–dislocation interactions in determining the rate-controlling pro
cesses of plasticity.

Recently, the authors have investigated the role of solute H in gov
erning dislocation dynamics in Fe-Cr-Ni–based austenitic stainless steels 
[17–20]. Particular attention was devoted to tensile deformation 
behavior at ambient temperature where H atoms are exceptionally 
mobile [8,21]. Under sufficiently low strain rates (e.g., below 10− 4/s), H 
atoms were found to dynamically segregate to moving dislocations and 
form solute atmospheres, in a manner analogous to other alloying ele
ments at elevated temperatures [14–16,22–24]. The migration of these 
H-decorated dislocations was identified as a primary origin of solid 
solution-hardening, with the H residing in dislocation core playing a 
decisive role in impeding dislocations motion [17,19]. In particular, 
each incremental glide advance of a dislocation core requires the con
current migration of segregated H via atomic diffusion 
jumps–diffusion-controlled glide [12,23,25]. This activation process of H 
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diffusion potentially introduces an additional energy barrier when dis
locations attempt to overcome intrinsic obstacles originally present in 
the material, such as substitutional alloying elements. Owing to this 
short-range, diffusion-mediated interaction, H-induced strengthening 
predominantly manifests as an increase in the thermally activatable 
component of the flow stress with a trivial change in the long-range 
internal stress [18,19]. Consequently, when the available time for 
deformation is extended, the flow stress contribution arising from 
H-related activation barrier is progressively relaxed. A typical macro
scopic manifestation of this behavior is the enhanced stress relaxation 
observed when the crosshead of the testing machine is held fixed [17,19,
26].

The above findings have collectively provided critical insights into 
the long-standing debate concerning the interaction mechanisms be
tween diffusible H and dislocations in FCC metals and alloys [7,26–34]. 
Nevertheless, it remains unclear how this interaction scheme evolves as 
the temperature is lowered and the H diffusivity is progressively 
reduced. Under such a circumstance, the coordinated migration of H 
atoms with moving dislocations is expected to become increasingly 
infeasible [24,35], whereas solute atoms including H can accumulate 
more densely in quasi-equilibrated atmospheres around stationary dis
locations [23,36,37]. If H atmospheres are allowed to form during the 
residence time of mobile dislocations at obstacles, dislocation-pinning 
and the subsequent onset of dynamic strain-aging (DSA) phenomena 
are accordingly anticipated. Indeed, serrated yielding and the 
Portevin–Le Chatelier (PLC) effect have been reported in H-charged Ni 
[27,38,39] and Ni-alloys [40] within a temperature range of 190–230 K. 
Static strain-aging experiments on these material systems further 
revealed a pronounced yield point upon reloading [29,30]. This is 
attributable to H-induced dislocation-pinning, although such strong 
H–dislocation interactions have sometimes been interpreted in terms of 
nano-hydride precipitation in dislocation cores [39–42]. However, in 
Fe–Cr–Ni alloys, the influence of H on dislocation mobility at 
sub-ambient temperatures remains far less understood, despite the 
technical importance of 300-series austenitic stainless steels for the 
practical application to H-related energy facilities [43,44]. Exploring 
this unforeknown regime is expected to broaden our understanding of 
H–dislocation interaction mechanisms, encompassing both regimes of 
high and limited H diffusivity.

In the present study, we address this unresolved issue using the same 
alloy system consistently examined in our previous works [17–19,45,
46]–Fe–24Cr–19Ni (Type310S). Specimens uniformly pre-charged with 
8500 at. ppm H were subjected to stress relaxation tests at 213–295 K, 
during which the temperature- and time-dependent deformation rates, 
as well as the yielding behavior upon reloading, were systematically 
evaluated. The results demonstrate that H-induced strain-aging becomes 
increasingly pronounced with decreasing temperature, revealing a mode 
of obstructing dislocation motion that is fundamentally different from 
that operative under ambient conditions.

2. Experimental methodology

2.1. Material and specimen

A hot-rolled rod (ϕ20 mm) of a commercial-grade Type310S (Fe- 
24Cr-19Ni-based) austenitic steel was used in this study. The rod was 
solution-treated at 1353 K for 600 s, followed by water quenching, 
resulting in grain sizes of 30–70 μm range (see Appendix). Cylindrical 
tensile specimens with a gauge diameter of ϕ4 mm and a gauge length of 
30 mm were machined from the center of the rod. The gauge surfaces 
were mirror-polished using a 1 μm diamond suspension. Further details 
of the material, including its chemical composition and the specimen 
geometry, are provided in [18,19].

2.2. Hydrogen-charging and concentration

Tensile specimens were pre-charged with solute H by exposure to 
high-purity (99.999%) H2 gas at 100 MPa and 543 K for >130 h in an 
autoclave. It should be noted that thermal exposure at this temperature 
does not induce any changes in microstructure and mechanical behavior 
of the present steel, even for holding times up to 200 h [18].

After mechanical testing, cylindrical samples with a length of 4 mm 
were extracted from the gauge sections of the deformed specimens. The 
residual H concentration was measured by thermal desorption analysis 
(TDA) using a quadrupole mass spectrometer (HTDS-004, R-DEC, 
Japan). The measurements were conducted under a constant heating 
rate of 100 K/h over a temperature range of 298–1073 K. H-charging at 
100 MPa resulted in an H concentration of 8500 at. ppm (156 mass 
ppm), which was significantly higher than the baseline concentration of 
approximately 200 at. ppm (3.3 mass ppm) in the non-charged 
specimen.

Based on the literature data of H diffusion coefficient in 300-series 
austenitic stainless steels at 543 K [47–49], a charging duration of 
>130 h is sufficient to achieve an almost uniform H distribution 
throughout the gauge section of the ϕ4 mm specimen. Further detail of 
the confirmation of H saturation is provided in Appendix A1.

2.3. Mechanical tests

Stress relaxation tests were conducted in a stepwise manner during 
tensile deformation for both non- and H-charged specimens at four 
temperatures, T: 213, 233, 253, and 295 K (i.e., − 60, − 40, − 20, and 
22◦C). After deforming the specimen to a predetermined strain level at a 
constant displacement rate of 0.003 mm/s (corresponding to a nominal 
strain rate of 10− 4/s), the machine crosshead was held fixed for 100 s, 
followed by further extension to the next target strain. Such crosshead- 
holdings were inserted at nominal strain intervals of 2%. In general, 
strain-aging characteristics are investigated by statically unloading the 
specimen for various time durations [29,50–53]. In contrast, an 
advantage of stress relaxation lies in its ability to continuously capture 
the material response through uninterrupted monitoring of the stress 
and strain-rate evolution. For reference, monotonic tensile tests without 
intermediate stress relaxation were also performed at the same exten
sion rate and temperatures.

In addition to the single stress relaxation tests conducted at given 
strain levels, repeated stress relaxation tests [12,54] were also carried 
out at 213 K. The initial loading procedure was identical to that of the 
single relaxation tests until the crosshead was stopped at a pre
determined strain. In the repeated relaxation tests, however, the dura
tion of each relaxation segment was reduced to 10 s. After each 10 s 
relaxation, the load was reverted to the value at the onset of relaxation, 
immediately followed by the next relaxation segment for 10 s. This 
sequence of alternating crosshead-holding and load reversion was 
repeated ten times, resulting in a total relaxation time of 100 s. The 
primary objective of these complementary tests was to investigate the 
time-dependence of relaxation behavior under a fixed reference stress 
and to quantify the exhaustion rate of mobile dislocations, as discussed 
later in Section 4.2.3.

A screw-driven electromechanical testing machine (Shimadzu AGX- 
V2) with a load capacity of 20 kN was used for all mechanical tests 
described above. Sub-ambient temperature-control was achieved using a 
thermostatic chamber (Shimadzu TCE-N300A), in which vaporized 
liquid nitrogen was employed as a refrigerant. During the tests, tem
perature fluctuations were maintained within ±1 K. For stress relaxation 
measurements, thermo-mechanical stability of the specimen–machine 
assembly is particularly critical to ensure the reliability of the measured 
stress–time response. Therefore, after the temperature monitored by a 
thermocouple positioned close to the specimen reached the target value, 
the system was held for at least 3000 s to allow thermal contraction of 
the machine pull-rods to fully stabilize before the start of testing. The 
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tensile strain of the specimen gauge section was directly measured using 
a contact-type extensometer with an initial gauge length of 25 mm.

In the present study, the experiment under each testing condition 
was performed using only a single specimen. Nevertheless, as described 
later, the precise agreement in the stress–strain responses between the 
monotonic tensile and the stress relaxation tests, together with the fact 
that the trends of H-effects appeared similarly at multiple strain levels, 
indicates that the key findings of this study are highly reproducible.

3. Results

3.1. Stress-strain curves during tensile and stress relaxation tests

In Fig. 1, true stress, σt–true strain, εt curves obtained from single 
stress relaxation tests (solid lines) and monotonic tensile tests (dashed 
lines) at four different temperatures are shown. The downward spikes 
observed on the solid σt–εt curves correspond to periods of crosshead- 
holding during which stress relaxation was performed. At all testing 
temperatures, the H-charged specimens exhibited higher flow stresses 
than the non-charged specimens by approximately 40–70 MPa, a 
strengthening magnitude that is in good agreement with our previous 
studies [8,18,20]. The overall σt–εt responses were essentially identical 
between the stress relaxation and monotonic tensile tests, and difficult 

to distinguish them.
However, a distinct behavior was observed in the H-charged speci

mens tested at 213 and 233 K after the stress relaxation stage. Specif
ically, sharp yield points appeared upon reloading, followed by a 
reversion of the flow stress to values close to those attained just before 
crosshead was stopped. Furthermore, in particular strain range, these 
yield points were accompanied by subsequent serrated flow (i.e., PLC 
effect) under constant extension rate (see insets in Fig. 1(c) and (d)), a 
feature that was not observed in the corresponding monotonic tensile 
tests.

As representative examples, Fig. 2 highlights the reloading-induced 
yield point behavior around an imposed true strain of 0.02. The 
magnitude of the stress increase at the yield point—defined as the dif
ference between the local maximum stress upon reloading and the flow 
stress immediately prior to crosshead holding—was denoted as ΔσYP and 
is summarized in Fig. 3 as a function of true strain. In the H-charged 
specimens, ΔσYP reached values as high as approximately 20 MPa at 213 
K and decreased monotonically with increasing deformation tempera
ture toward 295 K. A similar increase in the reloading yield stress was 
also weakly observed in the non-charged specimens (Fig. 2(a)); how
ever, the profile of the reloading yield point was considerably more 
rounded, and its magnitude showed no discernible dependence on 
temperature (Fig. 3). The origin of this weak yield point in the non- 

Fig. 1. True stress-true strain curves of non-charged (blue) and H-charged (red) specimens in monotonic tensile tests (dashed lines) and stress relaxation tests (solid 
lines) at (a) 295 K, (b) 253 K, (c) 233 K, and (d) 213 K. The insets in (c) and (d) magnify the domains surrounded by dashed rectangles A and B, respectively. The 
shaded regimes in (c) and (d) indicate the strain range where serrated flow appeared in stress relaxation tests.
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charged specimen will be discussed in Section 4.2.3.

3.2. Temperature-effects on stress relaxation behavior

Consistent with the reloading-induced yield point behavior (Fig. 2 
and Fig. 3), the stress relaxation response of the H-charged specimens 
also exhibited a pronounced temperature dependence. Fig. 4 presents 
the stress drop, Δσ, as a function of logarithmic time during the 
crosshead-holding periods at three representative true strain levels of 
0.020, 0.058, and 0.095 (corresponding to nominal strain, εn, of 2, 6, 
and 10%). For clarity, the stress at the onset of each relaxation segment 

was set to Δσ = 0 on the vertical axis in Fig. 4, and the subsequent stress 
drop is represented as a negative quantity. The absolute values of the 
true stress at the onset of relaxation for the non- and H-charged speci
mens are indicated separately as σfN and σfH, respectively.

After a short initial transient period, the stress relaxation curves of 
the non-charged specimens exhibited a linear dependence on the loga
rithm of time under all temperature and strain conditions examined. 
Such logarithmic time dependence is a characteristic feature of stress 
relaxation in most metallic materials, where the relaxation behavior is 
fully ascribed to the thermally activated motion of dislocations [12]. In 
the H-charged specimens tested at 295 K (Fig. 4(a)), both Δσ and the rate 
of stress relaxation were consistently greater than those of the 
non-charged specimens, reflecting the condition σfH > σfN, while still 
preserving the logarithmic time law. These observations are in good 
agreement with our previous studies [17,19] and can be interpreted as 
the time-dependent relaxation of the H-induced effective stress 
component.

Even though the condition σfH > σfN also held at 213 K, the stress 
relaxation behavior of the H-charged specimen at this low temperature 
(Fig. 4(d)) was entirely different from that observed at 295 K. During the 
initial few seconds, the H-charged specimen followed a relaxation curve 
similar to that of the non-charged one. Subsequently, the relaxation 
curve began to deviate upward at a holding time of approximately 10 s. 
Beyond this point, both Δσ and the stress relaxation rate became pro
gressively smaller than those in the non-charged condition, indicating 
that time-dependent plastic deformation is markedly suppressed by so
lute H. At the intermediate temperatures of 253 and 233 K (Fig. 4(b) and 
(c)), the relaxation curves exhibited features in which the characteristics 
at 295 and 213 K were intricately combined. Accordingly, here we 
primarily focus on the two extreme cases—the contrasting behaviors at 
295 and 213 K. The competitive nature of the relaxation processes at 
intermediate temperatures will be addressed in our forthcoming work.

Stress relaxation is a process in which the elastic strain stored in the 
specimen–machine assembly is progressively converted into plastic 
strain occurring within the gauge section of the specimen [12,55,56]. 
Based on this physical picture, the plastic strain rate during relaxation, ε̇, 
can be estimated using ε̇ = − σ̇/E where σ̇ denotes the rate of stress drop 
(negative quantity) and E is the elastic modulus of specimen-machine 
system. In Fig. 5, ε̇ in non- and H-charged specimens at 295 and 213 K 
was calculated by time-differentiating the stress relaxation curves 

Fig. 2. Magnifications of true stress-true strain curves of (a) non-charged and (b) H-charged specimens (cf. Fig. 1) around the crosshead-holding and reloading 
periods in stress relaxation tests at a true strain of 0.02. The corresponding deformation temperatures were (a-1)(b-1) 295 K, (a-2)(b-2) 253 K, (a-3)(b-3) 233 K, and 
(a-4)(b-4) 213 K.

Fig. 3. Magnitudes of the reloading-induced yield point, ΔσYP, at four different 
temperatures as a function of true strain. The method to determine ΔσYP is 
schematically shown on the upper right corner.
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shown in Fig. 4(a) and (d). In all cases, the relaxation process started 
from ε̇ ≈ 10− 4/s, which is identical to the strain rate applied immedi
ately prior to relaxation. This consistency substantiates the sufficient 

accuracy of estimating ε̇ using ε̇ = − σ̇/E, in view of the continuity of 
deformation before and after crosshead-holding [12]. Over the course of 
the 100 s relaxation, the plastic strain rate decreased to the order of 

Fig. 4. Stress relaxation curves of non-charged (blue) and H-charged (red) specimens under (a) 295 K, (b) 253 K, (c) 233 K, and (d) 213 K at three representative 
strain levels. Note that the stress at the onset of each relaxation segment was set to Δσ = 0 for clarity. Refer to σfN and σfH in each diagram for the absolute values of 
flow stress in non- and H- charged specimens at the start of their stress relaxation periods.

Fig. 5. Plastic strain rate, ε̇, during the stress relaxation phases in non- and H-charged specimens, estimated by the relation ε̇ = − σ̇/E, under (a) 295 K and (b) 213 K 
at three representative strain levels.
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10− 6/s or lower. As anticipated from Fig. 4, ε̇ in the H-charged specimen 
was higher than that in the non-charged specimen at 295 K, whereas this 
trend was reversed at 213 K.

3.3. Decay of deformation rates in repeated stress relaxation

A single stress relaxation test with a holding time of 100 s allows H to 
interact quasi-statically with mobile dislocations, whose velocity pro
gressively decreases particularly in the later stage of relaxation. How
ever, the interpretation of such behavior remains complex because the 
applied stress continuously decays during relaxation, resulting in a 
gradual change in the driving force for dislocation motion. In this 
context, evaluating the deformation kinetics after restoring the original 
stress—by performing repeated stress relaxation tests—offers a key 
advantage.

Fig. 6(a) presents the σt–εt curves obtained during the repeated stress 
relaxation tests at 213 K up to εt = 0.1. The data enclosed by the dashed 
rectangles were extracted as representative examples, and the corre
sponding cyclic stress relaxation curves for the first six cycles out of ten 
are reproduced in Fig. 6(b) as a function of time. In the non-charged 
specimen, Δσ over a 10 s holding only slightly decreased with 
increasing relaxation cycle number. In contrast, the H-charged specimen 
exhibited a remarkable reduction in Δσ between the first and second 
relaxations (i.e., during the first 10 s), followed by progressively smaller 
Δσ in the third and subsequent cycles. Upon reloading after the relax
ation of 100 s in a total, sharp yield point was reproducibly observed 
(Fig. 6(a)) in the H-charged specimen as for the single relaxation test 
(Fig. 1(d)).

The uppermost segment of each 10 s relaxation data, including the 
examples shown in Fig. 6(b), was time-differentiated and defined as the 
nth initial relaxation rate, σ̇in, where the subscript n denotes the relax
ation cycle number. For each set of repeated relaxation, σ̇in was 
normalized by σ̇i1 (i.e., the initial relaxation rate in the first cycle) and 
plotted against relaxation time in Fig. 7(a). An increasing relaxation 
cycle number gradually decreased σ̇in/σ̇i1 in the non-charged specimen 
down to ≈ 0.6. On the other hand, only a few relaxation cycles markedly 
reduced σ̇in/σ̇i1 in the H-charged specimen to values below 0.2. The 
reduction rate was, no less, the largest during the first 10 s.

4. Discussion

Our experimental framework revealed a temperature-dependent 
duality in the role of H in dislocation motion, governed by its diffu
sivity. At ambient temperature, the strengthening effect of H is fully 
relaxed with the aid of time, whereas at sub-ambient temperatures the 
trend was opposite: H-induced strengthening (i.e., dislocation-obstruction) 
progressively grows with time. This manifested as suppressed stress 
relaxation (Fig. 4) and the appearance of a pronounced yield point upon 
reloading (Fig. 2). In the following, we rationalize this time-dependent 
obstruction and deformation transient in terms of H mobility in the 
lattice, the ensuing formation of H atmospheres around dislocations, and 
resultant pinning of mobile dislocations. These surmises are validated by 
classical kinetic predictions from the continuum dislocation theory.

The description below focuses exclusively on edge dislocations, 
whose interactions with solute atoms are expected to be stronger than 
those of screw counterparts [15,23]. Although the dissociation of an 
edge dislocation into two Shockley partials and the associated stacking 
fault is not considered here, similar simplifications have successfully 
accounted for H-related deformation behavior in the same alloy at 
ambient temperature [8]. Dislocation dissociation is, in principle, more 
likely at lower temperatures owing to the reduction in stacking fault 
energy in Fe-Cr-Ni system [57]. Nevertheless, our recent neutron 
diffraction experiments on Type310S steel [45] demonstrated that, at 
least in the temperature range of 200–300 K, a temperature-dependent 
increase in stacking fault probability becomes discernible only at εt >

0.1. Accordingly, the following discussion is primarily based on exper
imental data obtained at εt ≦ 0.1.

4.1. Feasibility of H migration through the lattice

To rationalize the temperature-dependent dislocation-obstruction by 
solutes, their ability to migrate through the lattice over the experimental 
time scale must first be considered. Fig. 8 summarizes the temperature- 
dependence of the diffusion coefficient (Fig. 8(a)), D, and jump fre
quency (Fig. 8(b)) of H from an octahedral site to its neighbors in 
Fe–Cr–Ni austenite reported in the literature [47–49], together with the 
data for C for comparison [58–60]. Experimental diffusion data are 
available only at elevated temperatures (>400 K for H and >700 K for 
C). Accordingly, the low-temperature curves in Fig. 8 were obtained by 
extrapolating the high-temperature data using the reported diffusion 

Fig. 6. (a) true stress-true strain curves of non-charged (blue) and H-charged (red) specimens in repeated stress relaxation tests conducted at 213 K. The mechanical 
responses in the domains surrounded by dashed rectangles A, B, C, and D are extracted and reproduced in (b) as the form of relaxed stress versus time.

Y. Ogawa et al.                                                                                                                                                                                                                                  Acta Materialia 316 (2026) 122457 

6 



activation parameters. Further details of this calculation are given in 
[21].

Regarding H, the temperature range examined in the present study 
(213–295 K; shaded region in Fig. 8) coincides with a sharp decrease in 
both diffusivity and jump frequency. Whereas H undergoes frequent 
jumps of 104–105/s at 295 K, only one or at most a few jumps are ex
pected at 213 K over a comparable time scale. In this sense, 213 K 
represents a borderline temperature at which H mobility becomes 
marginal within a realistic timeframe. This estimate underpins our view 
that diffusion-mediated interactions between H and dislocations remain 
the root cause of the time-assisted dislocation-obstruction observed at 
213 K. Our prior experiments on the same alloy, in which no H-induced 
suppression of stress relaxation was observed at 173 K (i.e., the tem
perature at which H atoms are frozen in the lattice) [8], also support 
such assertion.

When mapped in terms of diffusivity, the mobility of H at 213 K 

corresponds to that of C in austenite at approximately 400–500 K. 
Notably, diffusion-related dynamic strain aging (DSA) has recently been 
reported at temperatures slightly above this range in a Fe–Cr–Ni 
austenitic steel containing a relatively high carbon content (0.2 mass%) 
deformed at a strain rate of 10− 4/s [61]. This correspondence suggests 
that solute H governs dislocation mobility in a manner essentially 
analogous to C in austenite, through their diffusion-mediated 
interactions.

4.2. Formation kinetics of H-dislocation atmosphere

4.2.1. Trapping of mobile dislocations by diffusible H
Given the marginal H diffusivity at 213 K anticipated in Section 4.1, 

the next step is to assess whether these H can effectively interact with 
mobile dislocations and trigger DSA. The ability of solute atoms to 
follow moving dislocations at a constant velocity was recently 

Fig. 7. (a) Ratio of the stress reduction rate (i.e., plastic strain rate) in the beginning of each relaxation cycle, σ̇in, with respect to that in the first cycle, σ̇i1, at five 
different strain levels. σ̇in/σ̇i1 can be approximated as the remaining rate of mobile dislocation density, ρm/ρm0, according to Eq. (5). The logarithms of the inverse of 
those ρm/ρm0 are plotted against the two-thirds power of relaxation time, t2/3, in (b) on the basis of Eq. (7).

Fig. 8. Temperature-dependencies of (a) diffusion coefficient and (b) jump frequency of solute hydrogen and carbon in austenite, calculated using the diffusion 
activation parameters for each element provided in the literature [47–49,58–60]. The calculation details are described in [21]. The shaded domain corresponds to the 
temperature range examined in the present study.
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quantified by Sills et al. using the following dimensionless parameter, Q 
[14,15]: 

Q =
vdβ

4DkT
(1) 

where vd is the average velocity of dislocations, k is the Boltzmann 
constant. β is an elastic size-misfit interaction parameter considering a 
perfect edge dislocation, defined via shear modulus, μ ≈ 80 GPa, Pois
son's ratio, ν = 0.3, and the volume expansion per solute atom, ΔV (≈
2.27×10− 30 m3 for an H in Type310S steel [46]): 

β = ΔV
μb
3π

(
1 + ν
1 − ν

)

(2) 

When a solute atmosphere pre-exists around a dislocation, the 
dislocation is completely pulled away from the atmosphere when its 
normalized velocity Q > 100. In contrast, for Q < 0.01, the atmosphere 
can fully follow the dislocation motion while maintaining its near- 
equilibrium distribution. In the intermediate regime between these 
two extrema, the dislocation experiences a glide resistance arising from 
the dragging of atmosphere (i.e., solute drag) [16,62], the magnitude of 
which is maximized around Q ≈ 1.

Eq. (1) can be further related to the critical strain rates, ε̇c, corre
sponding to the limits of Q = 100, 1, and 0.01 through the well-known 
Orowan equation: 

ε̇c =
4QDkT

MTβ
ρmb (3) 

where MT = 3.06 is the Taylor factor for polycrystalline FCC metals, ρm 
is the mobile dislocation density, and b = 2.5×10− 10 m is the magnitude 
of Burgers vector. Based on Eq. (3), the temperature-dependence of the 
three characteristic boundary regimes—Q = 100, 1, and 0.01—are 
parametrically plotted in Fig. 9 using the H diffusivity data provided by 
Yamabe et al. [49] (Fig. 8(a)). Although direct experimental quantifi
cation of ρm is challenging, theoretical models have shown that ρm 
rapidly increases to the range of 1013–1014/m2 immediately after 
yielding in annealed FCC metals, such as Cu [63] and Type304 austenitic 
steel [64], then tends to saturate. The ε̇c corresponding to these realistic 
ρm range for Q = 100 (blue), 1 (red), and 0.01 (orange) are delineated by 

dashed and solid lines in Fig. 9.
The strain rate at the onset of stress relaxation, as well as during 

continuous tensile straining, was 10− 4/s (Fig. 5 and the dotted hori
zontal line in Fig. 9). Under this condition at 213 K, the deformation 
state would lie slightly above the Q = 100 limit if all dislocations were 
assumed to move continuously at their average velocity, implying that 
dynamic H-dislocation interactions are unlikely to be operative prior to 
crosshead-holding. Once the crosshead was stopped, however, the strain 
rate promptly decreases to the order of 10− 6–10− 5/s or lower (Fig. 5 and 
the shaded domain in Fig. 9), thereby entering the regime around and 
below Q ≈ 100. Moreover, dislocation motion in FCC metals is inher
ently intermittent rather than strictly continuous, involving periods of 
arrest at forest dislocations followed by thermally activated release 
events. Such a stop–go character of dislocation glide has been widely 
assumed in previous DSA studies [65–68]. Consequently, when a mobile 
dislocation temporarily ceases its motion at a given location, H atoms 
that were about to catch up with the moving dislocation, as well as those 
randomly dispersed in the lattice, can immediately begin to accumulate 
and form a solute atmosphere. Once the atmosphere starts to form and 
the resistance to dislocation glide accordingly increases, further devel
opment of H atmosphere should become autocatalytic in those trapped 
dislocations according to the time law described in Section 4.2.2.

4.2.2. Time evolution of dislocation-pinning
The immediate development of an H atmosphere at a temporarily 

arrested dislocation can be rationalized using the classical kinetic the
ories of Cottrell atmosphere formation arising from size-misfit in
teractions with the dislocation strain field [23,36]. By accounting for the 
drift flux of solute atoms along the gradient of their chemical potential 
around a dislocation, the following equation was derived by Hartley 
[53]. 

f = 1 − exp

{

− 3NSb
(π

2

)1/3
(

βDt
kT

)2/3
}

(4) 

In Eq. (4), f denotes the fraction of atmosphere development, with f =
1 corresponding to the thermal equilibrium state. NS is the number of 
solute atoms in a unit volume, and t denotes time. Given an austenite 
lattice constant of ≈ 0.36 nm [9,46] and four octahedral interstitial sites 
available for H in an FCC unit cell, an H concentration of 8500 at. ppm 
corresponds to NS ≈ 7.3×1026 atoms/m3. By substituting this value, the 
appropriate H diffusion coefficients shown in Fig. 8, and β in Eq. (2) into 
Eq. (4), the time evolution of the atmosphere fraction f can be obtained, 
as plotted in Fig. 10 for the four test temperatures employed in the 
present study.

The characteristic time required for the development of the H Cot
trell atmosphere increases progressively with decreasing temperature. 
Nevertheless, the onset of atmosphere formation occurs within <1 s 
even at 213 K, thereby validating our assertion that H atmosphere for
mation commences almost immediately once a mobile dislocation is 
arrested at an obstacle. The evolution of the H atmosphere at 213 K is 
most pronounced on a time scale of approximately 10 s, as indicated by 
the dotted vertical line in Fig. 10. Notably, this time scale coincides 
precisely with the transition at which H-induced suppression of stress 
relaxation was most clearly discernible (Fig. 4(d) and Fig. 6(b)). Such 
quantitative agreement between the theoretical kinetics and the exper
imental trend corroborates the essential role of H Cottrell 
atmospheres—formed through size-misfit interactions—in obstructing 
dislocation motion.

It should be noted that, in Fig. 4(d), stress relaxation in the H- 
charged specimen at 213 K continues appreciably up to an elapsed time 
of 100 s. This may appear to be inconsistent with the calculation sug
gesting that dislocation pinning by H atmosphere occurs on the order of 
several tens of seconds; however, this is not necessarily the case. As the 
atmosphere develops according to Eq. (4), H in the matrix is progres
sively depleted, and it is therefore plausible that a certain fraction of 

Fig. 9. Temperature-dependence of the critical strain rate corresponding to the 
limits Q = 100, 1, and 0.01 (cf. Eqs. (1) and (3)) for the dynamic interactions of 
diffusible H with mobile dislocations moving at a steady state velocity. The 
shaded domain denotes the experimental strain rate range covered by contin
uous tensile straining and subsequent stress relaxation periods (Fig. 5).
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dislocations remains unpinned and continues to be mobile. This point 
will be demonstrated in the following section, where the remaining 
fraction of mobile dislocations is shown not to reach zero even after 
several tens of seconds. Such an effect is expected to become more 
pronounced in the high-strain regime, where the dislocation density is 
higher. Indeed, Fig. 4(d) shows that the stress relaxation rate of the H- 
charged specimen at longer elapsed times increases with increasing 
strain. In interpreting this behavior, it should also be kept in mind that H 
can be collected not only by mobile dislocations but also by forest 
dislocations.

4.2.3. Exhaustion of mobile dislocations due to the pinning by H 
atmosphere

In this subsection, we further assess the applicability of Eq. (4) by 
quantifying the exhaustion rate of mobile dislocations during the 
crosshead-holding period. During stress relaxation, the mobile disloca
tion density, ρm, naturally decreases as plastic strain accumulates and 
strain-hardening progresses [12,54]. This manifests as a gradual decay 
in Δσ with increasing relaxation cycle number in the repeated stress 
relaxation tests conducted on the non-charged specimen (Fig. 6(b)). A 
major part of ΔσYP (i.e., slight gap between the yield stress upon 
reloading and the flow stress prior to relaxation) observed in 
non-charged specimens (Fig. 2(a)) is also attributable to a consequence 
of strain-hardening during the relaxation [69]. In the H-charged spec
imen, this intrinsic reduction in ρm is superimposed by the progressive 
pinning of mobile dislocations due to H atmosphere formation, which is 
expected to make the depletion of mobile dislocations faster.

Meyers et al. proposed a method to evaluate the exhaustion rate of 
the mobile dislocation density, ρm, during stress relaxation events 
involving strain-aging effects [70]. Taking the time derivative of the 
Orowan equation, the change in strain rate, dε̇, under a fixed reference 
stress can be expressed as dε̇ = MT(ρmbdvd + dρmbvd). If the dislocation 
velocity, vd, depends primarily on the applied stress, dε̇ becomes a direct 
measure of the change in mobile dislocation density, dρm, when the 
stress is held constant. An approximate realization of this condition is 
achieved in the repeated stress relaxation tests (Fig. 6) by focusing on 
the plastic strain rate at the onset of each relaxation cycle. Since the 
plastic strain rate during stress relaxation, ε̇in, can be directly converted 

into the corresponding stress reduction rate (see Section 3.2), the frac
tion of ρm relative to its initial value at the onset of the first relaxation 
cycle, ρm0, can be expressed as follows. 

ρm/ρm0 ≈ ε̇in/ε̇i1 ≈ σ̇in/σ̇i1 (5) 

From Eq. (5), Fig. 7(a) self-evidently represents the time-dependence 
of ρm/ρm0 at 213 K, wherein its reduction rate in the H-charged spec
imen was explicitly larger particularly within the first 10 s.

One can assume that the exhaustion of mobile dislocations is pro
portional to the fraction of H atmosphere development, f (eq. (4)): 

f = 1 − exp
{

− 3NSb
(π

2

)1
3
(

ADt
kT

)2
3
}

∝
ρm0 − ρm

ρm0
(6) 

It follows from Eq. (6) that: 

ln(ρm0/ρm)∝t
2
3 (7) 

Fig. 7(b) reproduces the trend observed in Fig. 7(a) on the basis of 
Eq. (7). In the non-charged specimen, the evolution of ln(ρm0/ρm) re
mains relatively small, rendering its detailed time dependence difficult 
to resolve. In contrast, the H-charged specimen exhibits an approximate 
proportionality to t2/3, providing further support for the consistency 
between Eq. (4) and the successive pinning of mobile dislocations 
through the formation of Cottrell atmospheres.

Eq. (5) relies on two essential presumptions [70]: internal stress re
mains constant throughout the relaxation process; stress-dependence of 
the velocity of not-yet-pinned dislocations is not changed due to aging. 
The former is reasonable if one considers that the plastic strain accu
mulated during stress relaxation is small enough. For the validity of the 
latter, the testification is made in Appendix A3.

4.3. De-pinning from the H atmosphere

Changes in temperature influence not only the formation kinetics of 
Cottrell atmospheres but also their spatial extent through the 
temperature-dependent occupancy of solute atoms at energetically 
favorable sites [37]. For a positive edge dislocation described in a Car
tesian coordinate system, with the dislocation line along the z-axis and 
the slip plane defined as the x− z plane, the spatial distribution of the 
solute binding energy, EB, around the dislocation is given by the 
following expression [15,23]. 

EB = ΔV
μb
3π

(
1 + ν
1 − ν

)
− y

x2 + y2 = β
− y

x2 + y2 (8) 

Here, an attractive interaction between H and a given site is denoted 
by positive EB. By substituting the value of β calculated in Eq. (2), EB of H 
atoms is mapped in Fig. 11(a), with the x- and y-axes normalized by the 
Burgers vector, b. The values of EB in Fig. 11(a) are expressed in eV using 
the conversion 1 J = 6.24×1018 eV. For H in austenitic steels, the 
binding energy at the dislocation core has been reported to be approx
imately 0.13 eV [71–73]. The estimated EB within a region extending 
<2b from the dislocation center in Fig. 11(a) is in good agreement with 
these experimentally [71,72] and computationally [73] determined 
values.

For a given EB, the thermal equilibrium occupancy of H and its 
temperature dependence are generally described by Fermi–Dirac sta
tistics [74]: 

CL

1 − CL
=

C0

1 − C0
exp

(
EB

kT

)

(9.a) 

CL =
1

1 + 1− C0
C0

exp
(

− EB
kT

) (9.b) 

where CL is the local H concentration at the segregation site, C0 is the 

Fig. 10. Time evolution of the H atmosphere around an edge dislocation at four 
test temperatures examined in this study. The estimation was made by Eq. (4), 
employing the parameter β defined in Eq. (2). The dotted vertical line de
lineates a characteristic time of 10 s, at which H-induced suppression of stress 
relaxation (Fig. 4(d) and Fig. 6(b)) and mobile dislocation exhaustion (Fig. 7
(a)) were most pronounced at 213 K.
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background concentration of H in the lattice. Using C0 = 8500 at. ppm 
(0.85 at.%) and the distribution of EB shown in Fig. 11(a), the spatial 
distributions of the local H concentration CL at the four test temperatures 
examined in the present study were obtained, as shown in Fig. 11(b). 
The absolute values of CL in Fig. 11(b) may be overestimated, since Eqs. 
9.a and 9.b do not account for the finite number of available H disso
lution sites away from the dislocation center. Nevertheless, the calcu
lations reliably capture the trend of temperature-dependent evolution of 
the CL distribution. In particular, decreasing temperature not only en
hances the local accumulation of H within the atmosphere but also 
broadens its spatial extent around the dislocation. Given that a nearly 
equilibrated H atmosphere develops during 100 s of stress relaxation 
(Fig. 10), the pronounced yield point observed upon reloading (Fig. 2) 
can be attributed to the additional stress required to reinitiate the mo
tion of those H-decorated dislocations, i.e., their breakaway from the 
atmosphere. At intermediate temperatures above 213 K, the dislocations 
do not completely breakaway from the atmosphere but instead drag it 
along during glide [14,15] (see also Section 4.2.1). Nevertheless, even 
under such conditions, a temporal rise in stress is necessary to accelerate 
the dislocations from a stationary bound state to their steady-state ve
locity [14], thereby giving rise to the observed yield-point phenomenon.

The temporarily large stress required to accelerate the stationary 
dislocation increases its magnitude as the eventual steady state solute- 
dislocation interaction shifts from an atmosphere-drag to a breakaway 
regime [14], i.e., as Q parameter defined in Eq. (1) increases. Thus, the 
appearance of more pronounced yield point with lowering the temper
ature (Fig. 2 and Fig. 3) appears to be a natural consequence. Moreover, 
since breakaway (or de-pinning) from a solute atmosphere is generally a 
thermally activated process [23,37,75,76], lowering the temperature 
further amplifies the required external stress owing to the reduced 
assistance from atomic thermal vibrations. Barnett et al. emphasized 
that both the spatial extent of the atmosphere and the solute concen
tration within it play significant roles in controlling the magnitude of the 
breakaway stress [37]. Because the total solute-dislocation binding force 
is determined by integrating the interactions between a dislocation and 
all individual solute atoms constituting the atmosphere, a denser and 
more spatially extended atmosphere can more effectively pin the 
dislocation.

Ultimately, the essential pieces can be distilled into the following 
three key factors: (I) reduced atmosphere mobility; (II) diminished 
thermal activation; and (III) an increased concentration and spatial 

extent of the atmosphere. The synergy of these factors should have led to 
a progressively intensified yield point with decreasing temperature 
(Fig. 2).

4.4. Other related phenomena

Although the foregoing discussion successfully rationalizes both the 
suppression of stress relaxation and the emergence of yield point upon 
reloading in H-charged specimens at sub-ambient temperatures, several 
related characteristic phenomena remain to be quantitatively addressed. 
A representative example is the PLC effect observed during subsequent 
continuous plastic flow following the crosshead-holding phases (Fig. 1). 
At a nominal strain rate of 10− 4/s, serrated stress-strain curve was 
observed only when crosshead-holding was implemented. This suggests 
that H-induced strain-aging during the holding period leads to an overall 
hardening of the material, a process that cannot be fully realized under 
continuous deformation (cf. Fig. 9). Upon subsequent reloading, such 
hardening is likely followed by the initiation and propagation of 
deformation bands across the entire gauge length of the specimen. 
Indeed, the morphology of the serrated stress–strain curves at 213 K 
(inset of Fig. 1(d)) closely resembles the so-called Type D serrations 
defined by Rodriguez [77], which are characterized by alternating stress 
rises and plateau-like regions associated with Lüders band propagation.

Referring again to Fig. 1(c) and (d), the strain range over which 
serrated flow is observed shifts toward higher strains with decreasing 
deformation temperature. Estrin and Kubin developed a theoretical 
framework to rationalize the critical strains for the onset and termina
tion of the PLC effect, emphasizing the balance between mobile and 
forest dislocation densities as a governing factor [68]. While the trends 
observed in Fig. 1(c) and (d) are qualitatively consistent with their 
predictions, interpretation becomes increasingly complicated in the 
present case due to the intermittent deformation involving stress 
relaxation. To further elucidate the conditions and underlying mecha
nisms of the H-related PLC effect, systematic static tensile tests over a 
wider range of strain rates will be required in future work.

Another notable feature observed in the present experiments, 
although not directly related to strain-aging phenomena, is the simi
larity in the initial Δσ–time responses between the non-charged and H- 
charged specimens during the early stage of stress relaxation at low 
temperatures (e.g., Fig. 4(c) and (d)). This behavior contrasts sharply 
with that at ambient temperature, where the stress relaxation rate in the 

Fig. 11. (a) distribution of H-dislocation binding energy, EB, around a perfect edge dislocation, calculated based on the size-misfit interactions defined by Eq. (8). The 
resultant concentration and extent of the H atmosphere according to the Fermi-Dirac statistics (i.e., Eqs. 9.a and 9.b) at four temperatures are shown in (b). The 
dashed black circles in (b) trace the extent of H atmosphere at 295 K.
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H-charged specimen is consistently higher owing to an enhanced 
effective (i.e., thermal) stress component [17,19] (Fig. 4(a)). In other 
words, at low temperatures, H atoms dispersed in the lattice contribute 
to H-induced strengthening in an essentially athermal manner prior to 
the onset of dynamic dislocation-pinning, thereby increasing the overall 
flow stress (e.g., Fig. 1(c) and (d)). Recent first-principles calculations by 
Moriyama et al. revealed attractive interactions between H and substi
tutional Cr, suggesting the formation of interstitial–substitutional (i–s) 
complexes at octahedral sites involving Cr atoms in its periphery [78,
79]. Such i–s complexes are likely unstable at ambient temperature, 
undergoing repeated nucleation and dissociation. In contrast, at lower 
temperatures where H mobility is sufficiently suppressed, these com
plexes may become stabilized at locations where Cr atoms are stochas
tically clustered, leading to the formation of H–Cr short-range ordered 
(SRO) zones that interact athermally with dislocations. Clarifying the 
role of such athermal hardening mechanisms also remains an important 
subject, particularly in analogy with the strengthening of austenitic 
steels by N–Cr SROs [5,80].

5. Conclusions

The kinetic interactions between solute hydrogen (H) and mobile 
dislocations in Fe–24Cr–19Ni mass% (Type310S) austenitic stainless 
steel at sub-ambient temperatures were systematically investigated by 
stress relaxation tests. Experiments were performed over 213–295 K on 
specimens uniformly pre-charged with 8500 at. ppm H in pressurized 
gaseous H2 environment. The results demonstrate that suppressed H 
diffusivity at lower temperatures fundamentally alters H–dislocation 
interactions, leading to a deformation behavior entirely distinct from 
that operative at ambient conditions. 

(1) Upon lowering the temperature to 213 K, where H atoms become 
only marginally diffusible (i.e., few jumps per second), the pres
ence of solute H markedly suppressed stress relaxation and 
induced a pronounced yield point upon reloading. The magnitude 
of this reloading-induced yield-point increased monotonically 
with decreasing temperature.

(2) The suppressed stress relaxation at low temperature was attrib
uted to successive pinning of mobile dislocations through the 
formation of H Cottrell atmospheres. This dynamic strain-aging 
(DSA) process accelerated the exhaustion rate of mobile dislo
cations during relaxation, with its kinetics well described by 
classical dislocation theory based on continuum mechanics.

(3) The reloading-induced yield point originates from the extra stress 
required to remobilize dislocations from their H-pinned state. The 
escalation of yield point at lower temperatures is rationalized by 
the synergistic effects of (I) reduced mobility of the H atmo
sphere, (II) diminished thermal activation for dislocation de- 
pinning, and (III) increased concentration and spatial extent of 
the H atmosphere, collectively strengthening the dislocation- 
pinning force.
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Appendix

A1. Progress of hydrogen dissolution during thermal pre-charging

The dissolution of H atoms from the gauge surface of round-bar specimens can be approximated as a two-dimensional diffusion problem in a solid 
cylinder governed by Fick’s law. This classical problem has been solved mathematically by Crank in his textbook [81]. Under the boundary condition 
that the cylinder surface is instantaneously maintained at a constant (saturated) solute concentration while the internal concentration is initially zero, 
the generalized solution is given by: 

Mt

M∞
= 1 −

∑∞

j=1

4
αj

2 exp
(

−
4Dαj

2t
d2

)

(A1) 

where Mt is the total quantity of solute entered into the cylinder at a time duration, t. M∞ is the corresponding quantity at an infinite time (i.e., quantity 
at a saturation), d is the diameter of cylinder, and αj is the roots of the Bessel function of the first kind of zero order with positive integers, j (i.e., α1 
=2.4048, α2 =5.5201, α3 = 8.6537….). Using the activation parameters for H diffusion in 300-series austenitic stainless steels measured by several 
researchers [47–49], the H diffusion coefficient at the charging H2 gas temperature of 543 K is calculated to be D = 5.7×10− 12–1.0×10− 11 m2/s. 
Introducing these values into Eq. (A1) and neglecting the higher order terms with j > 100, the evolution of H penetration into a specimen with a 
diameter d = 4 mm is derived as shown in Fig. A1. 
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Fig. A1. Time evolution of the H saturation level in a ϕ4 mm cylindrical sample during the thermal pre-charging in pressurized H2 gas at 543 K (cf. Eq. (A1)). The H 
diffusion coefficients measured in [47–49] were used for calculation.

Referring to Fig. A1, the fraction Mt/M∞ rapidly increases within the first 50 h during thermal pre-charging, then tend to show its plateau after the 
passage of 100 h. Thus, the charging duration of >130 h employed in this study was deemed to be long enough to realize macroscopically uniform H 
distribution within the specimen’s gauge part.

A2. Deformation twinning at low temperatures

Our previous studies have shown that Type310S steel exhibits deformation twinning at and below ambient temperature [45,82]. The critical strain 
for the onset and evolution of twinning decreases monotonically with decreasing temperature, and is further reduced in the presence of solute H [45,
46,82,83]. The emergence of deformation twins is therefore expected to provide an alternative plastic deformation mode when dislocation motion is 
effectively suppressed by trapping within the H atmosphere. Such twin-mediated plasticity may contribute to the manifestation of the 
reloading-induced yield point, in conjunction with the dislocation de-trapping events discussed in Section 4.3. Accordingly, the presence or absence of 
deformation twins within the strain range examined in the present study must be carefully confirmed especially at 213 K.

Fig. A2. Inverse pole figure (IPF) maps of the microstructures in (a) pre-deformed sample and (b) H-charged specimen subjected to repeated stress relaxation test (cf. 
Fig. 6), analyzed by EBSD. In (b), the imposed true strain was approximately 0.1. The color codes indicate the crystal orientation along the tensile axis, which 
corresponds to the vertical direction in the picture.

Fig. A2(b) presents an electron backscatter diffraction (EBSD) image of the H-charged specimen subjected to the repeated stress-relaxation test 
shown in Fig. 6, up to a true strain of approximately 0.1. Prior to observation, the specimen was sectioned at its mid-diameter plane parallel to the 
loading axis and mechanically polished. EBSD measurements were conducted using a field-emission scanning electron microscope (Carl Zeiss Sigma) 
equipped with a Bruker QUANTAX EBSD system, operated at an acceleration voltage of 20 kV with a step size of 150 nm. As a reference state, an image 
of the pre-deformed microstructure is also provided in Fig. A2(a).

As revealed by the inverse pole figure (IPF) map along the loading axis, the present Type310S steel initially has randomly oriented austenite grains 
with their sizes of 30–70 μm range. After being plastically deformed at 213 K, deformation twins were scarcely observed, appearing only in a limited 
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number of grains most favorably oriented for twinning (i.e., with tensile directions close to 〈111〉 [84]). The density of deformation twins was almost 
negligible, while a pronounced reloading-induced yield point was clearly observed in this specimen even at strain levels well below 0.1 (Fig. 6(a)). 
This observation indicates that deformation twinning does not play a significant role in the emergence of the reloading-induced yield point. The 
phenomenon can therefore be attributed purely to the interaction between dislocations and solute H.

A3. Kinetics of dislocation motion under strain-aging

The interpretation of stress relaxation behavior under strain-aging is rather complex since the changes in mobile dislocation density, their velocity, 
and obstacle properties possibly affect the relaxation strain rate in a combined manner [12,69,70,85]. In Section 4.2.3, we presumed that the 
stress-dependence of the velocity of not-yet-pinned dislocations remains unchanged even under the evolution of H-induced aging phenomena. This 
assumption should be validated somehow in order to substantiate the estimation of mobile dislocation exhaustion rate described in Fig. 7(a).

When dislocations move through thermally activated mechanisms, the flow stress, σ, exhibits a power-law dependence on the strain rate, ε̇, as 
described in the state variable theory proposed by Hart [86]. 

σ = σ0(ε̇/ε̇0)
m (A2) 

where σ0 and ε̇0 are material constants, and m is the strain-rate sensitivity exponent, defined as: 

m =
∂lnσ
∂lnε̇ (A3) 

By invoking the Orowan equation, ε̇ = MTρmbvd, Eq. (A3) can be rewritten as: 

1
m

=
∂lnε̇
∂lnσ =

∂lnρm

∂lnσ +
∂lnvd

∂lnσ =
∂lnvd

∂lnσ

⃒
⃒
⃒
⃒

ρm

(A4) 

Thus, when the mobile dislocation density ρm remains constant, the strain-rate sensitivity parameter m exclusively reflects the stress dependence of 
the dislocation velocity vd. In stress-relaxation tests, the plastic strain rate ε̇ exhibits a one-to-one correspondence with the stress-reduction rate − σ̇ (see 
Section 3.2). Accordingly, the relevant m value can be determined from a lnσ–ln(− σ̇) plot by calculating the slope at any locus.

The m value can therefore serve as an index to validate the assumption of an invariant stress-dependence of the dislocation velocity, which is 
implicitly adopted in the evaluation of ρm/ρm0 in Section 4.2.3. Fig. A3 shows the lnσ–ln(− σ̇) plots constructed from the initial portions of each 
relaxation cycle in the repeated stress-relaxation tests at 213 K, corresponding to the data segments used to determine σ̇in in Eq. (5). For clarity, all 
curves were intentionally offset along ln(− σ̇) axis. Since the mobile dislocation density continuously decreases during stress relaxation, the 
assumption of a constant ρm in Eq. (A4) does not strictly hold. However, because the present analysis focuses on the short-time response immediately 
after the onset of each relaxation step, insignificant variation in ρm over the time interval considered here may be a reasonable approximation. As a 
representative example, the first to third relaxation cycles at a true strain of approximately 0.02 are selectively presented. For cycles beyond the third, 
the lnσ–ln(− σ̇) responses became excessively noisy, rendering the determination of their slopes ambiguous.

In the absence of strain-aging effects, the lnσ–ln(− σ̇) responses obtained from repeated stress-relaxation tests in FCC metals and alloys normally 
trace an identical trajectory [69,87], indicating that the obstacle properties governing the thermally activated deformation process remain unchanged. 
Such behavior can exactly be seen in Fig. A3(a), where all the lnσ–ln(− σ̇) curves exhibit almost an identical slope. Even in the H-charged specimen, 
similar trend was explicitly identified. A notable point was the coincidence of the lnσ–ln(− σ̇) slope between first and second cycles, wherein the 
evolution of aging was the most remarkable within the beginning 10 s (Fig. 10). This implies that the velocity of still mobile (i.e., not-yet-pinned) 
dislocations under the given reference stress was unchanged by aging, validating the presumption for estimating ρm/ρm0 in Section 4.2.3. An iden
tical trend was confirmed also at other strain level.

Fig. A3. lnσ–ln(− σ̇) plots at beginning of first to third relaxations in repeated stress relaxation tests (Fig. 6) of (a) non-charged and (b) H-charged specimens at 
temperature of 213 K and a true strain of approximately 0.02. The slope of each curve reflects the strain rate sensitivity, m, defined in Eqs. (A2)-(A4).
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[70] M.A. Meyers, J.R.C. GuimarÃes, R.R. Avillez, On stress-relaxation experiments and 
their significance under strain-aging conditions, Metall. Trans. A 10 (1979) 33–40, 
https://doi.org/10.1007/BF02686403.

[71] A. Atrens, N.F. Fiore, K. Miura, Dislocation damping and hydrogen pinning in 
austenitic stainless steels, J. Appl. Phys. 48 (1977) 4247–4251, https://doi.org/ 
10.1063/1.323410.

[72] Y. Yagodzinskyy, M. Ivanchenko, H. Hänninen, Hydrogen-dislocation interaction 
in austenitic stainless steel studied with mechanical loss spectroscopy, Solid State 
Phenom. 184 (2012) 227–232, https://doi.org/10.4028/www.scientific.net/ 
SSP.184.227.

[73] X.W. Zhou, C. Nowak, R.S. Skelton, M.E. Foster, J.A. Ronevich, C. San Marchi, R. 
B. Sills, An Fe–Ni–Cr–H interatomic potential and predictions of hydrogen-affected 

stacking fault energies in austenitic stainless steels, Int. J. Hydrog. Energy 47 
(2022) 651–665, https://doi.org/10.1016/j.ijhydene.2021.09.261.

[74] J.P. Hirth, Effects of hydrogen on the properties of iron and steel, Metall. Trans. A 
11 (1980) 861–890, https://doi.org/10.1007/BF02654700.

[75] J.C. Fisher, On the strength of solid solution alloys, Acta Metall. 2 (1954) 9–10, 
https://doi.org/10.1016/0001-6160(54)90087-5.

[76] J. Lothe, The effect of temperature on dislocations with condensed impurity 
atmospheres. Theory of dislocation motion and dislocation break-away, Acta 
Metall. 10 (1962) 663–670, https://doi.org/10.1016/0001-6160(62)90133-5.

[77] P. Rodriguez, Serrated plastic flow, Bull. Mater. Sci. 6 (1984) 653–663, https://doi. 
org/10.1007/BF02743993.

[78] J. Moriyama, O. Takakuwa, M. Yamaguchi, Y. Ogawa, K. Tsuzaki, The contribution 
of Cr and Ni to hydrogen absorption energy in Fe-Cr-Ni austenitic systems: a first- 
principles study, Comput. Mater. Sci. 232 (2024) 112650, https://doi.org/ 
10.1016/j.commatsci.2023.112650.

[79] J. Moriyama, M. Yamaguchi, O. Takakuwa, Effects of antagonistic interaction 
between Cr and Ni on hydrogen solubility in a Fe-Cr-Ni ternary austenitic system: a 
first-principles calculation, Mater. Today Commun. 40 (2024) 110059, https://doi. 
org/10.1016/j.mtcomm.2024.110059.

[80] K. Oda, N. Kondo, K. Shibata, X-ray absorption fine structure analysis of interstitial 
(C, N)-substitutional (Cr) complexes in austenitic stainless steels, ISIJ Int. 30 
(1990) 625–631, https://doi.org/10.2355/isijinternational.30.625.

[81] J. Crank, The Mathematics of Diffusion, 2nd ed., Oxford University Press, New 
York, 1975.

[82] Y. Ogawa, Temperature-sensitive ductilization in hydrogen-alloyed Fe-Cr-Ni 
austenitic steel by enhanced deformation twinning, Scr. Mater. 238 (2024) 
115760, https://doi.org/10.1016/j.scriptamat.2023.115760.

[83] Y. Ogawa, H. Nishida, O. Takakuwa, K. Tsuzaki, Hydrogen-enhanced deformation 
twinning in Fe-Cr-Ni-based austenitic steel characterized by in-situ EBSD 
observation, Mater. Today Commun. 34 (2023) 105433, https://doi.org/10.1016/ 
j.mtcomm.2023.105433.

[84] B.C. De Cooman, Y. Estrin, S.K. Kim, Twinning-induced plasticity (TWIP) steels, 
Acta Mater. 142 (2018) 283–362, https://doi.org/10.1016/j.actamat.2017.06.046.
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