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Abstract

The development of materials for flexible electronics and space applications crit-

ically depends on the mechanical integrity of metal thin films deposited on polymer



substrates. However, film cracking and interfacial delamination at the metal-polymer
interface limit performance significantly. In this work, we demonstrate enhanced ad-
hesion and electromechanical properties of magnetron—sputtered aluminum films on
polyimide substrates through the introduction of an amorphous AlO,H, interlayer de-
posited via atomic layer deposition (ALD). Employing in—situ X-ray diffraction and
electrical resistance measurements during uniaxial and equi—biaxial tensile testing, we
reveal that our integrated ALD-PVD approach yields an up-to-threefold increase in
both the crack onset (COS) and electronic failure strains (EFS) and doubles the adhe-
sion energy of the system. The AlO,H, interlayer alters interface-driven deformation
mechanisms from absorbing to blocking dislocations at the interface. The strengthened
metal-polymer interface, in turn, improves electromechanical stability at expanded
strain ranges, resulting in shorter and more angled cracks in the metal film. This en-
hanced strain tolerance opens up alternative pathways for the development of flexible
thin film devices that can conform to complex curved surfaces and withstand deforma-

tion while maintaining their functional properties.
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1 Introduction

Metal thin films on polymer substrates are instrumental in applications ranging from flexible
electronics to space technology. In the electronics industry, multilayer interconnect packag-
ing makes use of polyimide dielectrics, with polyimide separating metal wires and vias.! In
the space sector, Aluminum (Al)-polyimide film—substrate systems are deployed as the sun
shield subsystem of the James Webb Space Telescope or as optical blocking filters for X-ray

detectors on the X-ray observatory ATHENA.?? Polyimide provides good interfacial adhe-



sion with Al, and high temperature resistance up to 400 °C.*® Al thin films show an increase
in roughness and only a slight decrease in hardness after annealing at 300°C.¢ Al-PI-based
multilayer insulation systems (MLIs) currently withstand £+ 150°C in low earth orbit and
will face increased thermal loads on the BepiColombo spacecraft en-route to mercury due
to solar proximity. As a coating material, Aluminum is also known for good conductivity,
broad-band reflectivity, and low cost.” For the previously mentioned applications, it is cru-
cial to conserve the functional properties of the system by maintaining mechanical integrity
during use.® For instance, component lifetime is shortened due to mechanical failure caused
by cracking in or delamination of the metal thin film.%!° Shortened lifetimes are problematic
as space technology cannot easily be replaced, and self-healing in thin metallic films is still
an emerging field of study.!!

Adhesion is an important factor that governs thin film failure. When straining a ductile
metal film deposited onto a polymer substrate, such as Al on polyimide, the film deforms
plastically, as the film adheres to the substrate surface and strain localization (necking) is
suppressed. > However, if this is no longer true because the interface adhesion is low, the
ductile film locally becomes a freestanding metal film, leading to rupture at lower strains.'?
Various factors influence adhesion, including residual stress, film thickness, microstructure
of the thin film and the interfacial reactions at the interface between thin film and substrate,
which are often difficult to decouple from each other.'3!* Brittle interlayers can be used to fa-
cilitate surface bonding and improve adhesion between polymer substrates and metallic thin
films.® However, adhesion interlayers can also be detrimental to mechanical strength and
damage resistance, as their brittle nature can lead to premature mechanical failure.' This is
due to the interlayer cracking at low strains, inducing highly localized stress concentrations
in the overlying film. Subsequently, the whole film system then exhibits through—thickness
cracking at lower strains compared to a film system without a brittle adhesion interlayer.!7

In the Al-polyimide system, intermixing at the interface occurs during thermal evapo-

ration, under laboratory sputtering conditions or when polyimide is spin—coated onto alu-



minum. 1Y In the latter case, the polyimide reacts with the native Al-oxide during curing
heat treatment, while in the former case, vaporized Al atoms impinge on and react primar-
ily with C=0 bonds on the polyimide surface.?° The resulting amorphous interlayer has
a thickness of around 5 nm and is composed of an Al-O-C complex.?® It exhibits excel-
lent thermal stability and has been found to benefit adhesive and mechanical properties
by promoting annihilation of dislocations at the interface.!®?! In contrast to this, systems
without intermixing, including Al/FEP or Al-polyimide sputtered under industrial process
conditions have been associated with poor adhesive and mechanical performance, as well as
limited thermal stability.?224 In this study, we emulate the beneficial 5 nm native interlayer
by introducing an amorphous atomic layer deposited (ALD) alumina interlayer between the
Al thin film and the polyimide substrate. This is done to leverage adhesion—promoting qual-
ities while conserving the ductile nature of the interlayer and metal film. Nanometer-scale
ALD coatings of alumina have been studied on various polymers, demonstrating remarkable
effectiveness as gas diffusion barriers.?® Provided a perfect structure and the absence of ge-
ometrical defects, thin amorphous ALD-oxide layers can be extremely strong and ductile,
whereby the limiting factor for structural perfection are often the layer thickness or H con-
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tent.“® For ALD—alumina, the identified thickness limit for brittle cracking is above or equal

to 5 nm.2"2

The proposed interface modification is enabled by using a unique ALD—physical vapor de-
position (PVD) cluster setup with in—vacuo transfer capability. The deformation mechanisms
of the resulting film—substrate couples under application-relevant loading conditions were
evaluated via state of the art uni-and biaxial mechanical tensile testing with in—situ XRD
and electrical resistance measurements and adhesion analysis using tensile induced defor-
mation (TID).3% 32 Combined with quantitative chemical, microstructural and post-mortem
crack analysis, we can demonstrate that ALD interface engineering significantly improves

the electro-mechanical performance of our film system. This paves the way towards reli-

able flexible electronics or space applications and ensures high interface quality for material



combinations or fabrication methods with limited capability for intermixing reactions at the

interface.

2 Results and discussion

2.1 Interface and Thin Film Microstructure

Using our novel ALD-PVD approach, Al films with and without ALD interlayer were fab-
ricated. In the following, these systems will be referred to as "native interlayer” (no ALD)
and ”artifical interlayer” (5 nm ALD at the interface). The chemistry and microstructure of
the different interfaces is revealed through high—angle annular dark—field scanning transmis-
sion electron microscopy (HAADF-STEM) imaging, energy—dispersive X-ray spectroscopy
(EDS) maps and high resolution (HR)-TEM cross—sections (Figure 1).

Interlayer thicknesses were measured from cross—sectional HR-TEM images (Figure 1 A
and B). The boundaries between the different regions are indicated with white horizontal
lines. The native interlayer thickness was measured as 5.6 + 0.9 nm, comparable to literature
values. #2933 Film thickness of the artificial interlayer was measured as 5.7 &= 1.5 nm, match-
ing the projected growth—per—cycle (GPC) of 0.14 nm for ALD-alumina.3* FFT patterns of
the interlayers, shown as inlays in Figure 1, are distinctly different from Al and polyimide,
and confirm both interlayers as amorphous. A narrow bright region directly underneath
the ALD layer in Figure 1 B (transition region), with a finer structure than the polyimide
substrate, could be related to vapor phase infiltration.3?

From the EDS analysis in Figure 1 C (native interlayer system), the whole width of the
intermixed region is measured as roughly 30 nm, significantly wider compared to the 5 nm
Al-O-C complex previously reported for sputter—deposited Al.2%2 The chemical profiles of
individual elements are used to identify possible sub-regions. Notably, there is significant
accumulation of O (blue peak in Figure 1 C ii) at the transition between the Al layer and

the polyimide substrate, coinciding with a linear decrease of Al (grey line, Figure 1 C ii).
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Figure 1: Cross-sectional TEM analysis of native (Al/PI) and artificial (Al/am-AlO,H,/PI)
interlayer systems. A and B: HR-TEM cross-section of Al/PI and Al/am-AlO,H,/PI inter-
layer systems, respectively. FFT patterns are shown as square inlays to ascertain crystallinity
of the respective region. C and D i: EDS map of the Al/PI and Al/am-AlO,H, /PI interlayer
system, respectively. The diffuse blue region in the Al layer in C i is due to beam damage.
C and D ii: atomic fractions (%; C, N, O, Al) of a line scan across the interface marked
in pink. In both graphs, the interfacial region is underlaid in blue and grey with further
explanation in the text.



In contrast, the N (green) and C (orange) signals increase only at the maximum of the O
peak. As these elements can be clearly attributed to the polymer substrate, this increase
defines the upper boundary for Al-O-C complex formation (native interlayer, green region
in Figure 1 C ii. The apparent increased interlayer thickness in EDS measurements is due
to the geometric projection of the inclined layer, where precise normal alignment is hindered
by the beam—sensitive polyimide substrate. Additionally, beam—specimen interactions cause
signal spreading, manifesting as a Gaussian composition profile of oxygen, as seen in Figure
1 D ii. The 10 nm transition region above the native interlayer (grey region in Figure 1 C
ii) is possibly related to oxidation of the Al-O—-C complex. Similar oxide formation without
C has been previously observed at the Al-Polyimide interface.?*

For the artificial ALD—interlayer system (Figure 1 D) the intermixed region at the in-
terface is narrower, with N, C; and O exhibiting similar concentration profiles (Figure 1 D
ii). Notably, the oxygen peak here coincides with a shoulder in the Al signal, confirming a
stable Al and O concentration for this region, which corresponds to the 5 nm ALD—deposited
interlayer (dashed lines in 1 D ii). Similarly to the native interlayer, experimental constraints
result in an apparent broadening (blue area in Figure 1 D ii). In both cases, further into
the polymer substrate, the measured element ratio correlates well with the nominal chemical
composition of the polyimide substrate (76 at% C, 17at% O, and 7 at% N).

The elemental composition of the room—temperature (RT) deposited ALD alumina in-
terlayer was ascertained via RBS/ERDA compositional depth analysis on 75 nm thick films.
Elemental ratios of 47.5 at% O, 23.5 at% Al, and 27.5 at% H resulted in an Aly9400.45Hg 28
stoichiometry, with significantly higher amount of H than films deposited at 120 °C (ALD
window of alumina).?® Increased H content (up to 35 at%) for RT ALD is related to H
atoms forming covalent ~-OH hydroxyl bonds with O in coordination spheres of interstitial
Al cations and could influence mechanical and adhesive properties.37
To distinguish between the influence of interface structure (native/artificial) and thin

film microstructure on electromechanical properties, films with differing Al microstructures



were investigated. Automated crystal orientation mapping (ACOM) was carried out on three
representative cross—sectional Al films subsequently subjected to mechanical testing to assess
grain size, orientation, and a possible influence of the ALD interlayer on the Al thin film

microstructure (Figure 2 A-C).

Figure 2: ACOM inverse pole figure (IPF)-z maps (out-of-plane direction) of the investigated
Al microstructures. A, B: Al films on polyimide without ALD (native interlayer system). C:
Al film with 5 nm am-AlO_H, artificial ALD interlayer on polyimide. Grain boundaries are
marked with black lines. Note that only the Al layer is shown.

All Al layers have a homogeneous thickness with randomly oriented, mostly columnar,
nanocrystalline grains. For two films without ALD interlayer the average grain size / layer
thickness was measured as 57 £ 47 / 120 &+ 11 nm (Figure 2 A) and 24 £ 11 / 172 + 6 nm
(Figure 2 B). Note that the coarser microstructure shown in Figure 2 A better resembles Al
layers on polyimide previously shown in literature (grain size 91 4= 27 nm?®). As the Al film
with ALD interlayer (Figure 2 C) has an average grain size and layer thickness of 26 + 15 /
164 + 5 nm, we can conclude that identical Al thin film microstructures have been achieved

with and without the ALD interlayer.



2.2 Electromechanical Behavior

To investigate the influence of the interface structure on electromechanical properties, uni-
axial tensile tests with in—situ XRD (Al (111) Bragg peak) and electrical resistivity mea-
surements were performed. Figure 3 A-B shows the different evolution of the axial (o,
black filled symbols) and transverse (o, grey open symbols) Al film stress as a function of
applied engineering strain ¢, with native or ALD interlayer, respectively. Mechanical de-
formation characteristics equivalent to fracture or yield stresses can be derived from axial
measurements, while transverse measurements yield insight into buckling phenomena and
provide a second correlative dataset.1%3® Corresponding evolution of FWHM is provided as
Figure S2 in the supporting information. A slight FWHM increase is noted upon reaching
of the yield stress, however, the data are not conclusive due to wide error margins. No XRD
signal is obtained from either the native or artificial interlayer due to their limited thickness
and amorphous structure. The evolution of the normalized resistance ratio R/Ry recorded
during axial measurements in relation to the linear increase expected from constant volume
approximation (orange lines in Figure 3 A-B) can aid with the determination of mechanical
deformation domains. Electrical failure will be discussed in detail in a separate paragraph,
considering all interface, microstructure, and loading cases.

Initially, the Al layers exhibit a neutral / slightly compressive residual stress depending
on the interface structure (axial: yes. nat.uniaz. = D0 £ 17 MPa, 0res art. uniaw. = —258 £
18 MPa; transverse: Oyes. nat. unitrans. = —48 £ 33 MPa, 0res.art. unitrans. = —45 £ 10 MPa,
green filled and unfilled symbols Figure 3). In general, compressive residual stress levels in a
coating shift failure to higher applied strains, a positive effect induced by the ALD interlayer.
Differences in Figure 3 A between axial and transverse residual stress measurements at the
beginning of the experiment can be ascribed to pre-loading of the sample. Upon loading,
the native interlayer system (Figure 3 A) shows fairly brittle deformation behavior, with
a characteristic peak in the axial stress—strain curve around 2.5% applied strain (ultimate

tensile strength oy, .. nat. = 562 £ 42 MPa), corresponding to a rapid increase in electrical
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Figure 3: Al film stress and normalized resistance as a function of applied strain (loading
and unloading), measured from in-situ XRD uniaxial straining experiments. A: Al/PI native
interlayer system with a failure strain of 2.5% and B: Al/am-AlO,H, /PI artificial interlayer
system with a failure strain of 4%. Axial and transverse stresses are shown with filled black
and open grey symbols, respectively. Corresponding residual stresses are marked with a filled
(axial) or open (transverse) green circle. X error lies within the plotted datapoints and is
thus not visible. Note that in the transverse direction, films were only strained to 8%. The
area from the maximum stress to the end of loading is marked with a red overlay, indicating
the strain range where thin film failure is taking place. Electrical resistance measured during
the axial stress measurement are marked with orange dashed lines. Theoretical resistance

increase is marked with solid orange lines.

10



resistance. Before cracking at 2.5%, the stress strain curve is not linear, indicating possible
plastic deformation. Upon further loading, the stress relaxes linearly until approximately 6%
strain, at which point the stress relaxation rate decreases until the maximum applied strain
of 12% is reached. This rate change can be attributed to an overlap of stress relaxation zones
at the crack edges.?® During unloading, there is an initial stress drop due to load reversal,
followed by a plateau-like compressive state around —180 MPa. Compressive stresses are
induced in the film upon unloading as a result of continued elastic relaxation of the polymer
substrate.?® In contrast, the artificial interface system exhibits more ductile behavior, grad-
ually reaching the ultimate tensile strength o, .+ = 588 £ 20 MPa) around 4.5% applied
strain (= failure strain). Increased non-linearity of the stress-strain curve before mechanical
failure indicates more plasticity compared to the artificial interlayer film. This is followed
by a stress plateau and stress relaxation around 7% strain, coinciding with the deviation of
the electrical resistance from the theoretical prediction, at much higher strains than for the
native interlayer system. During unloading, compressive stress accumulates linearly.

In the transverse direction, the initial stress evolution before fracture (grey curves in
Figure 3 A and B) can be explained via a combination of Poisson’s ratio mismatch and
two—dimensional shear lag.?® As the Al thin film starts to deform, its (apparent) Pois-
son’s ratio changes from 0.33 (linear elastic deformation regime) to 0.5 (plastic deformation
regime).?® Meanwhile, the polyimide substrate still deforms with a Poisson’s ratio of 0.32,
leading to a lateral constriction and the development of tensile stresses in the metal thin
film on the polyimide substrate.'® Once cracks start to form, transverse stresses start to
drop in both films (peak in grey curves, Figure 3 A and B), either through a relaxation
mechanism or the build up of compressive stresses. This can be explained by the substrate
deforming elasto—plastically in this strain region, constraining the Al thin film, which is no
longer undergoing plastic deformation.”? Transverse compressive stresses after crack onset
are corroborated by Frank et al., however, the more ductile nature of Al films prevents di-

rect comparison with their model derived for brittle thin films.3® Note that films were only
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strained up to 8% in the transverse direction. During unloading, the two systems show very
different transverse stress behavior, due to more plasticity with the artificial ALD interlayer.
Specifically, the native and artificial interlayer systems return to a stress—free state, either
from compressive or tensile stress levels. This transverse stress—strain behavior is compara-
ble to Al (multi)layer films tested uniaxially in Putz et al., where the transverse unloading
sections show the same behavior: compressive and tensile stress regimes for more brittle and
ductile systems, respectively.?8

For both interface systems, o, .. and o, . align well, indicating good correlation of the
axial and transverse datasets and substantiating the definition of thin film failure, highlighted
in red in Figure 3. Additionally, the transverse stress behavior attests good adhesion to both
film systems in this strain regime, as transverse compressive stresses are not relaxed during
loading. 3® We can conclude from this uniaxial test campaign that the addition of our artificial
ALD interlayer between the polyimide substrate and the Al thin film increases fracture strain
and improves fracture behavior, i.e. increases ductility of the Al layer.

The influence of thin film microstructure on stress—strain behavior is evident from equi—biaxial
in—situ diffraction tensile testing, constituting also a highly application-relevant loading sce-
nario. Figure 4 A and B show the evolution of Al film stress, full width half maximum
(FWHM at x = 90° (= ¢ 0°), Al (111) peak) and electrical resistance during loading and
unloading for native and artificial interlayer systems with larger and smaller grain size, re-
spectively. FWHM peak broadening can be correlated to increasing defect density and strain
heterogenities in the thin film.*' The FWHM data and resistance also aid in determining
different deformation regimes and behaviour.*? Curves for FWHM data at all y angles are
provided in the supporting information (Figure S3), with trends corresponding to FWHM
data at y = 90°.

Residual stresses (green crosses in Figure 4, 0,cs nat.pi = —13 £ 2 MPa, 0yes art. pi = —120
+ 5 MPa) indicate a neutral / slightly compressive initial stress state before loading, follow-

ing the same trend as the uniaxial samples with respect to the interface structure. The larger
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Figure 4: Al film stress (black), FWHM (Al (111) peak, blue) and normalized resistance
(orange) as a function of applied strain (loading and unloading), measured from in-situ
XRD equi-biaxial straining experiments. X error lies within the plotted datapoints. A:
Al/PI native interlayer system. B: Al/am-AlO,H,/PI artificial interlayer system. Verti-
cal grey dashed lines illustrate different deformation domains during loading (I: elastic, II:
micro—plastic, III: necking, IV: fragmentation). Measured electrical resistance and theoret-
ical prediction are marked with orange lines. Measured residual and calculated 0.2% yield
stresses are marked with green and red crosses, respectively. The compressive yield stress
during unloading is indicated with a blue cross. Note the grain size difference between A
and B.
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grain size of the native interlayer system (Figure 2, also reflected in smaller initial FWHM
values), likely contributes to increased plasticity and a more ductile deformation behavior
compared to uniaxial tension (Figure 3 A), as larger grains act as sites of strain localiza-
tion and subsequent film thinning, eventually leading to local delamination and failure.*?
Based on stress and FWHM data, the loading portion can be classified into four deformation
domains: elastic (I, stress—strain increase linear, FWHM typically constant), micro—plastic
(I, stress—strain curve bends over, FWHM increases as dislocations start to nucleate), neck-
ing/localized plastic deformation (III, stress constant, FWHM increasing with a different
slope) and fragmentation (IV, stress decreasing, FWHM constant, deviation of resistance
from theoretical prediction). As a result of strain heterogenities induced by large grains
or higher roughness, this film does not show a clear FWHM plateau in domain I, therefore
regime I and II cannot be clearly distinguished.?

The artificial interlayer film exhibits similar deformation domains I-III, whereby the
0.2% yield stress of 667 = 5 MPa is significantly higher than its native counterpart (oyicid nat.
= 382 £ 10 MPa). In Domain II and III (micro-plasticity and necking) the increase in
FWHM is more pronounced, possibly indicating increased plasticity and dislocation activ-
ity.2® Compared to the native interlayer film, this system exhibits fracture at higher strains
(6% vs. 1.5%), as stresses are relaxed by through-thickness cracking and crack opening,
with FWHM staying constant (domain IV) and resistivity deviating from theoretical values
later. Post—mortem SEM imaging (see supporting information Figure S4) evidenced damage
in both samples, indicative of equi-biaxial straining.*? Quantification, however, is difficult
due to crack closure upon unloading. Deformation densities were measured as 1.47 and 1.34
pm/pm? for native and artificial interlayer systems, respectively. Differences in deformation
patterns are discussed in detail in section 2.3, where samples were strained to higher strains
and crack patterns are much more developed.

Assuming that the smaller dimension of grain width, as opposed to the film thickness,

controls the yield stress, the observed difference between samples can be explained by grain
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size d according to the Hall-Petch relation (oycq = 09 + K * d_%, with o9 = 11.3 MPa the
bulk strength and K = 0.07 MPa m2 the Hall-Petch constant).*7 From grain sizes mea-
sured via ACOM, the expected yield stresses were calculated from the Hall-Petch equation
as Oyicldnat. H—p = 178 MPa and oyieid,art. i—p = 404 MPa. For the native interlayer with a
bigger grain size which approaches the TEM lamella thickness, a correction factor of 7 was
applied to account for FIB slicing effects.*® Calculated yield stresses underestimate exper-
imentally measured ones. As H-P does not take into account differences in film thickness,
the Nix approach was used to include potential strengthening effects of a reduced Al film
thickness in yield stress calculations.® Both equations and used parameters are provided
in the supporting information in section S5. The calculated yield stresses with both grain
size and film thickness contribution are oyieid nat. Niz+H—P = 378 MPa and 0yie1d.art. Niz+H—P
= 587 MPa, with the artificial interlayer system being stronger experimentally than theo-
retically calculated, which could stem from additional interface strengthening. Interlayers
(native or artificial) are excluded from the calculations.

There is evidence in the unloading data that the two interface types act differently with
respect to dislocation storage. One obvious difference in the unloading behavior between
the two systems is the amount of FWHM recovery. For the native interlayer film, the
FWHM curve recovers almost fully to original values (94% recovery), associated with partial
dislocation nucleation and absorption at grain boundaries for grain sizes or film thicknesses <
100 nm. *® Dislocations also impinge upon and disappear in the native Al/PI interface, which
can offer additional FWHM recovery for the native interlayer film.'® Conversely, the artificial
interlayer film does not exhibit the full recovery of FWHM expected based on grain size (only
70% recovery), pointing towards the artificial interface promoting dislocation storage in the
metal film. The same trend is observed in uniaxial FWHM data (supporting information
Figure S2). FWHM evolution after recovery mirrors the loading portion of the experiment,
with a slight increase and plateau vs. steep increase for the native and artificial interlayer

film, respectively. Using the end of the stress—strain curve’s linear region and the FWHM
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increase after unloading as reference points, the compressive yield stress was determined
as Ocompr.nat. = o077 £ 11 MPa and ocompr. are. = 816 = 35 MPa for native and artificial
interlayer system, respectively, close to the tensile values.

Besides mechanical strength, it is important for flexible applications that thin films are
equipped to maintain functional properties under load. For both uni—and equi—biaxial strain-
ing experiments, electrical resistance was recorded in—situ and normalized by the initial re-
sistance Ry (Figure 5 A-B). During loading, due to changes in geometry, the resistance ratio
R/Ry increases according to R/Ry = L/Ly = (1+¢)? (with gauge length L and initial length
Ly, green dashed line in Figure 5, orange lines in Figures 3 and 4).%® This constant volume
approximation holds for both electrical resistance setups used in this work. Cracking of the
film causes the resistance to deviate from the theoretical trend (crack onset strain, COS)
and electrical failure is defined in the literature as a 10% deviation (red dashed line in Figure
5).2% The corresponding strain value will be denoted as electronic failure strain (EFS) and
is indicated with vertical solid lines in Figure 5.

The different microstructure of our Al layers (see Figure 2) results in initial resistivity
values of 5 and 7 * 1078 Qm for larger and smaller grains, respectively, with no measurable
contribution from the ALD interlayer. Our measurements are comparable to literature values
of magnetron-sputtered thin films.?"

Figure 5 A and B summarize the normalized electrical resistance data for uni—and
equi—biaxially strained samples, corresponding to the diffraction data shown previously. Both
Al films with native interlayers (smaller and larger grain size, Figure 5 A), fail at low EFS
values around 4% (EFS 3.5% / COS 2.7%, uniaxial and EFS 4.5% / COS 2.5%, biaxial),
whereby observed differences between loading conditions are likely dominated by the mi-
crostructure. The Al films with artificial interlayers (Figure 5 B), on the other hand, can
sustain up to three times higher applied strain before electronic failure. Based on identical
Al microstructures, we can note that multiaxial loading (EFS 6.8% / COS 5%) accelerates

electrical failure (uniaxial: EFS 8.5% / COS 6.5%), even if performed at a lower strain rate.

16



T T T T
3.0 ---- theory line

-- 10% deviation
2.51 -=- mechanical failure (uniaxial)
o - —- mechanical failure (biaxial) E

20 [
a4

15

1.0

1 1
B 0 2 4 6 8 10 12
T T
3.01 — uniaxial, 4 * 105 s
—— biaxial, 3-9* 106 s~1 E

2.5 electronic failure (uniaxial)
n? electronic failure (biaxial) unloading
= 2.0
o

1.5 loading

1.0] =

i 1
0 2 4 6 8 10 12

Figure 5: Normalized electrical resistance data of Al films as a function of applied
strain. A: Al films with native interlayer (Al/PI) and B: Al films with artificial interlayer
(Al/am-AlO,H,/PI). Theoretical resistance increase and 10% deviation thereof are marked
with green and red dashed lines, respectively. The strain range where samples reach the elec-
trical failure limit is marked in light red (uniaxial straining) and light blue (biaxial straining).
Mechanical failure measured from XRD measurements is indicated with red dashed-dotted
(uniaxial) and blue dashed (biaxial) lines. Errors are within 0.003 of R/Ry (measurement
accuracy according to datasheet).

Damage in an equi-biaxially strained thin film evolves in a mudcrack pattern as opposed
to unidirectional fragmentation.*? Overall, these resistance results correlate well with the
stress—strain data (XRD failure strains indicated with vertical dashed lines), where stress
relaxation through cracking is initiated at later strains for all artificial interlayer film sys-
tems. The compressive Al residual stress state induced by the ALD interlayer is expected to
contribute to this improvement. Concurrently, also a lower total resistance increase (R/Ry
at equivalent €,,,,) is observed compared to their native interlayer counterparts. Upon un-
loading, normalized resistance decreases in all cases as crack flanks close, however, complete
recovery is not possible due to oxidation effects and to plastic deformation of the Al surround-
ing the crack, which prevents realignment of crack faces. We can conclude that the addition
of an artificial amorphous interlayer is effective in delaying the onset of the fragmentation

process and in conserving electric conductivity at higher strains.
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2.3 Crack patterns and adhesion

To assess the influence of the artificial ALD interlayer on crack patterns and adhesion, AFM
surface measurements were performed on small-grained Al films (see Figure 2 B and C)
previously strained to 40%, of which representative results are shown in Figure 6. At such
high strains, crack closure due to relaxation of the polymer is minimized, allowing imaging of
the developed crack pattern after unloading. The corresponding in—situ electrical resistance
data are provided in the supplementary material in Section 5 (Figure S5).

The Al film with native interlayer (Figure 6 A) exhibits straight through—thickness cracks
perpendicular to the tensile direction, indicated by black arrows. Brittle cracking is confirmed
by the corresponding AFM surface profile (Figure 6 B) that shows steep crack flanks. Large
triangular buckles, marked with white circles, form at the crack flanks due to compressive
stresses in the transverse direction.® FIB/SEM cross-sections (Figure 6 A, top) confirm this
phenomenon by showing local delamination of the Al film from the polymer substrate. The
development of transverse compressive stresses after crack onset is evident in Figure 3 A.
Adhesion energy was calculated from buckle geometry using the tensile induced delamination
(TID) method as 13.4 + 3.1 J/m?.32 The corresponding adhesion plot and analysis are
provided in the supporting information (Figure S5 A). The value is comparable to literature
values of Al on polyimide and a range of magnitude higher than for brittle thin films such
as WTi or Ti on polyimide.?!

The Al film with artificial ALD interlayer (Figure 6 B) shows shorter cracks following
a zigzag pattern. Smaller and fewer buckles (confirmed by FIB cross—section in Figure 6
B) form compared to the native interlayer system, attesting to better adhesion. This is
quantitatively supported by a calculated adhesion energy value of 23.9 + 5.0 J/m?, with the
corresponding adhesion plot and analysis provided in the supporting information (Figure
S5 B). The AFM image shows an increased amount of localized plastic deformation, that
is, necking occurs before through—thickness cracks form, resulting in tapered crack flanks

in the extracted surface profile in Figure 6 D. Increased plasticity in this film is supported
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Figure 6: Post—mortem analyis of thin film cracking and local tensile induced delamination.
Native (A, B) and artificial (C, D) interlayer systems strained to 40%. AFM images of
the film surface (A, B) show the presence of buckles (white circles), cracks (black arrows),
and necking (blue arrows). Corresponding FIB/SEM cross—sections at the top show areas
where the Al film locally delaminated from the polyimide substrate, forming a buckle. A
grey arrow in A and B marks a developing brittle crack. The tensile direction is marked
with a white double-headed arrow. Black vertical lines in A and B mark the position of
corresponding surface profiles C and D. Note the different height scales for AFM images and
surface profiles.
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by the pronounced non-linear behavior of the stress-strain curve before mechanical failure
(Fig. 3 B). Lassnig et al. established how a higher amount of plastic deformation during
buckling corresponds to higher adhesion energy values.'* Lu et al.'® demonstrated that by
improving surface bonding and therefore constraining the metal thin film, strain localization
and debonding are suppressed, preventing cracking.

Necking and through—thickness cracking was quantified via applying a A/h ratio > 15%
criterion (A being the penetration depth of the AFM tip and & being the film thickness) to
the surface profiles in Figures 6 C and D. Using this criterion, saturation through—thickness
crack (TTC) spacings for both systems were measured as Arrepnar. = 4.41 + 1.42 pm and
Arreart. = 4.00 £ 2.22 pm for native and artificial interlayer systems, respectively. Features
with a A/h ratio < 15% where classified as deformation (gray/blue arrows Fig. 6 C,D)
and excluded from the analysis. Necks only substantially featured in the artificial interlayer
system, for which the total deformation spacing Agef . Was measured as 3.52 £ 1.32 pum.
Using saturation crack or deformation spacings A, the maximum tensile strength o,,q.

and the film thickness h, the interfacial shear strength 7;rgg can be calculated:?

3T h
TIFSS = Y Omas (1)

This approach yields 7rrssrrcnat. = 96 £ 32 MPa and 7rpssrrc,are. = 111 & 62 MPa.
Including necks and using the saturation deformation spacing, interfacial shear strength was
calculated as T7rss def. art. = 126 £ 47 MPa for the artificial interlayer system. In both cases,
the artificial interlayer system has a larger interfacial shear strength, however, large standard
deviations of A,y preclude a clearer distinction between the two sample systems.

The noticeable difference in the angles at which the cracks develop aligns with adhesion
energy and interfacial shear strength results. For the native interlayer system, cracks form
at almost 90° relative to the tensile direction, while they form at varying angles between 60°
and 90° for the artificial interlayer system with doubled adhesion energy. These zigzag crack

patterns are comparable to ductile copper films on polyimide, and have been analytically
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justified using bifurcation analysis, where it was demonstrated that the ability of a metal film
to deform plastically is influenced by how well the film adheres to the underlying substrate,
with better adhesion leading to increased ductility.'*!6 Furthermore, effective crack lengths,
experimentally difficult to measure, can be calculated from the saturation crack spacing and
in—situ electrical resistance data (R/Ry at 40% strain).® Lower and upper limits for effective
crack lengths were calculated as l nqr. = 28.2-54.9 pm and [y 4+, = 1.7-5.8 pm, taking into
account the distribution of crack spacings. These values correspond well to Figure 6 C and D
and can explain the different electrical resistance behavior (red curves in Figure 5 A vs. B):
shorter cracks in the artificial interlayer system leave more percolation paths for electrons,
conserving electrical conductivity at higher strains. Finite R/R, values at 40% strain, even
for the native interlayer system (see Figure S6 in supporting information), are due to brittle
cracks being shorter than the sample width (5 mm).

The poor electromechanical and adhesive behavior of our sputter—deposited Al with na-
tive interface is in contrast to most established and recent literature, attributing high inter-
face quality to the naturally forming Al-O-C complex. 82833 Only without previous surface
activation of the substrate, the formation of a sharp oxide layer instead of a diffuse AI-O-C
interface has been associated with lower adhesion.?* As such, the oxide character of the thin
layer identified in TEM-EDX (grey area in 1 C ii), could contribute to adverse brittle failure
and through—thickness channel cracking. Chemical reactions responsible for native interlayer
formation might be compromised by our room—temperature deposition. The smaller grain
size of our Al films compared to literature (around 100 nm at comparable film thicknesses)
would also contribute to more brittle behavior, however, this is apparently fully compen-
sated by the ALD interlayer.?%2? With identical microstructure, improved electro-mechanical
properties can be clearly attributed to the artificial interface structure. Enhanced interfacial
adhesion suppresses brittle cracking and facilitates plasticity with shorter and more angled
cracks delaying electrical failure.!?

Although the above-mentioned activation of polymer surfaces through plasma treatment
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does result in adhesion promotion for selected material systems, it also involves the risks
of transmitted surface roughness at low film thicknesses and unintended fragmentation of

24,54 This damage leads to unpredictable, time-dependent

polymer chains in the surface layer.
adhesion phenomena, including complete adhesion loss and delamination. As susceptibility
to chain fragmentation strongly depends on polymer chemistry and aggressiveness of the
plasma, this approach has limited applicability, and materials restrictions remain. Similarly,
promoting adhesion and selective crack suppression through electron beam irradiation is lim-
ited to small surface areas and prone to induce topography.®>% A recent approach has been
made using self-assembled monomolecular layers at the interface, however, this also requires
aggressive Oy plasma treatment of the polymer surface.’” In contrast, ALD is a mild pro-
cess, suitable for a wide range of sensitive polymers prone to plasma damage, and scalable as
the self-limiting aspect (layer—by-layer growth) can be maintained beyond vacuum—pumped
reaction chambers using spatial atmospheric ALD, compatible with roll-to—roll processing
of polymer sheets, typically using metal evaporation rather than sputtering.®® It could, as
such, easily be transferred to other metal or oxide thin films on polymers with polar function-
alities. Other material systems that would greatly benefit from ALD interface engineering
include Al-Polypropylene, where the lack of polar functional groups and a difference in
surface energy inhibits adhesion or systems without intermixing, such as Al/FEP.?* How-
ever, polymers without polar functionality may not allow easily to chemically bind the ALD
precursor and instead a physical trapping can occur upon Vapor Phase Infiltration (VPI,
detailed in following paragraphs). In certain cases, sub-surface growth of physically trapped
particles has been reported, whereby the degree of their mobility could impact the potential
for stabilizing the Al thin film, necessitating further experimental validation.®® %It has been
experimentally demonstrated for polymers without polar functionalities (PE, PP, PTFE and
PDMS) that clusters of ALD material formed in the near-surface region of the polymer co-
alesce after a certain number of ALD cycles (25-30), ultimately forming a continuous thin

film.%°As such, it would be expected that from a certain cycle number, the PVD Al coating

22



would be stabilized.

Other commonly used interlayers (Cr, Mo, W, Ti, ...) promoting adhesion of ductile metal
films are prone to dominate and deteriorate electro-mechanical properties through stress
concentration at local fracture sites.'® In contrast, we have no evidence of embrittlement
induced by the amorphous AlO,H, interlayer for either the uni-or biaxial straining states
using our ALD approach. Following the expected behavior for metals, the Al film with
ALD interlayer is stronger in equi-biaxial tension compared to uniaxial tensile loading.*?
Compared to the native interlayer, where dislocations can impinge upon and disappear
in the interface, a different interface—driven process is activated, such that dislocations,
blocked by the ALD layer, are stored in the nanocrystalline Al films.'® While deformation
of the interlayer itself cannot be traced directly with the presented XRD and post-mortem
SEM/FIB approach, we expect ductile behavior for ALD-Al,O3 up to a thickness of 5
nm, based on recent literature studying confinement between metallic layers.22%62 Ag layer
order influences failure mechanisms in flexible systems, proximity to the polymer substrate
as interlayer is expected to further enhance ductility. 4

The heightened hydrogen content in our AlO,H, interlayer, on the other hand, could
reduce room-temperature plasticity, with hydroxyl bonds acting as weak links for a crack
to propagate easily.?” This negative influence of hydrogen rich regions promoting brittle
fracture is seen on amorphous silicon oxide films.% H contamination can be controlled via
the ALD deposition temperature.3” Using the combined ALD/PVD chamber without active
substrate cooling requires a minimum 2.5 h waiting period cooling from ALD deposition
temperature (120 °C for Al,O3) to RT between depositions. Alternatively, for temperature-
sensitive substrates, plasma-enhanced ALD is known to result in low H content, even for
deposition at RT.%* However, as with surface activating plasma treatments, this method
could damage the surface layer of the polymer substrate.?*

At low ALD processing temperatures, the nucleation behavior must also be considered,

with amplified vapor phase infiltration (VPI) of polymer substrates.3® Evidence of this sub-
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surface hybrid layer growth mechanism might be seen in HR-TEM as a narrow bright region
directly underneath the ALD layer (transition region 1 B). This hybrid layer may enhance
durability by absorbing the energy released upon crack formation, as observed in bending
tests of ALD-Al,O3 on polyamide (PA6).35 Compared to extensive hybrid layer growth on
PAG6 (depth of 120 nm at 60 °C for 100 ALD cycles), our potential VPI zone is limited to
a few nm only. For Kevlar fibers, infiltration with only a few nanometers of ALD-Al,O3
already improves the mechanical properties of the polymer.?® As such, it is possible that
shallow VPI is an additional mechanism contributing to the mechanical stabilization of the

thin films in our study.

3 Conclusion

Uni- and equi-biaxial tensile straining with in—situ XRD and electrical resistance mea-
surements was carried out on sputter—deposited Al-polyimide films with and without an
adhesion—promoting amorphous AlO,H, artificial interlayer. Nanocrystalline Al reference
films without ALD exhibit brittle cracking, associated with early electrical failure and low
adhesion energy. Adding an artificial ALD interlayer significantly improves the thin film

system across multiple performance metrics:

e Mechanical properties:Enhances ductility and increases failure strain by inducing com-
pressive residual stress and enabling dislocation activity and localized plastic deforma-
tion, as evidenced by FWHM measurements that indicate effective dislocation blocking

at the interface and storage within the metal layer.

e Interfacial strength: Doubles the adhesion energy (23.9 + 5.0 compared to 13.4 £
3.1 J/m?) and increases interfacial shear strength, resulting in shorter, non-continuous

cracks upon straining.

e FElectronic performance: Provides a substantial increase in crack onset and electronic

failure strains, maintaining conductivity at higher strain levels.
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There is no evidence of embrittlement associated with other common adhesion interlay-
ers under either loading condition. Currently, it is unknown to what extent and by which
mechanism the H content in our ALD interlayer influences adhesion. Future research should
also focus on investigating the fatigue behavior of our interlayer systems, as well as varia-
tion of ALD interlayer thickness. Considering the sub-nanometer thickness control of ALD,
there might be room for further optimization of interface quality and electro—mechanical
properties within the thickness range of 0.14-5 nm, also in view of optimized material con-
sumption. Our mild and scalable interface engineering method constitutes a major first step
forward in controlling interface quality and tailoring electromechanical properties and is
transferrable to other metal-polymer combinations. The significant enhancement in strain
tolerance achieved in this work enables device conformability to complex curved surfaces
while preserving functional performance and marks a crucial milestone for the design and
development of deformation—resistant materials for flexible electronics and space applica-

tions.

4 Experimental

4.1 Synthesis of thin film systems

Al thin films (170 nm nominal thickness, PVD) were sputter—deposited on a polyimide
(PI-DuPont Kapton® HN) substrate, both with and without an amorphous (am)-AlO,H,
interlayer. ALD of the interlayer was performed at room temperature (RT) using a precursor
sequence with the following pulse—exposure—purge: Al(CHz)s (TMA, Dockweiler Chemicals
GmbH), 0.2-0.5-20 s and HyO, 0.15-1-20 s for 36 cycles, nominal thickness 5 nm. The
deposition resulted in an am-AlO,H, layer with a growth per cycle (GPC) of 0.14 nm,
which is comparable to values reported in literature for RT alumina ALD.3* The polymer
substrates were pre—cut into testing geometries (tensile strips of 5 x 0.6 cm and cruciforms

with an arm width of 20 mm, see®) to avoid post—deposition etching and edge effects.
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All substrates were ultrasonically cleaned in acetone and isopropanol (5 min each) prior to
deposition. The depositions were done using a combined ALD-PVD setup (Figure 7, SC-1
from Swiss Cluster®®), using two equidistant planar Al targets (diameter 50.8 mm, purity
99.999%, HMW Hauner GmbH, substrate to target distance 110 mm) without substrate
rotation. Sputtering conditions for Al layers (summarized in Table S1 in the Supporting
Information) include a current of 280 mA, a base pressure lower than 2 x 107> mbar, a
working pressure of 7-9 x 1073 mbar and a combined deposition rate of 0.075-0.081 nm/s.
For cruciform substrates, a mask was used to deposit thin film squares with 1 cm side length

in the center of each crucible.

ALD process PVD process

TMA [substrate holder] [substrate holder]

precursor| S aoe e pump |

=== 4 *g.f, T = C—

recu:zoC: * ® }Q ALD
P chamber
gate valve closed | [ —> |
S — gate valve
gas inlet open
5 g PVD i power
power chamber
|
PVD turbopump
Ly O

ALD + PVD only PVD

Figure 7: Schematic illustration of the combined ALD-PVD process used for metal-polymer
interface engineering. The left-hand side of the graphic shows the ALD process, while the
right-hand side shows the PVD process. The substrate holder is positioned at the top of the
chamber inside the ALD chamber, which is connected to the PVD chamber by a gate valve
that can be opened or closed dependent on the process. Adapted from drawing provided by
the manufacturer (Swiss Cluster).
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4.2 Microstructural and chemical characterization

TEM (FEI Titan Themis 200, ThermoFisher, 200 kV) analysis ascertained Al grain size
and layer thickness of both the Al layer and the artificial interlayer, following FIB (Tescan
Lyra/XMU Dual beam FIB: 240 pA for rough cutting, 45 —10 pA for polishing) cross—sectioning
and liftout (lamella thickness 100 nm). As the room temperature ALD process took place
outside of the established ALD window for alumina (100-120 °C?7), a thick Al0,H, ALD
sample (525 cycles, nominal thickness 75 nm, precursor sequence see above), was character-
ized chemically using rutherford backscattering (RBS) and elastic recoil detection analysis

(ERDA) on Si wafer and Kapton polyimide substrates.

4.3 Electromechanical testing

2 167

The deposited (bi-)layer films on polyimide were subjected to uni-—2? and equi-biaxia
tensile loading and unloading with in—situ X-ray diffraction (XRD) and electrical resistiv-
ity measurements at synchrotron radiation facilities BESSY II (KMC-2 beamline®) and
SOLEIL (DIFFABS beamline®), respectively. XRD (Al (111) Bragg reflection; KMC-2:
wavelength 0.128 nm, spot size 250 pm, Bruker VANTEC 2000 detector, sin® analysis: 5
1 angles 0° —45°; DIFFABS: wavelength 0.128 nm, spot size 300 pm, XPAD-S140 detector,
sin?¢) analysis: 8 1 angles 0°~70°) was performed to measure lattice strain. For uniaxial
straining, both longitudinal and transversal Al lattice strains were measured, parallel and
perpendicular to the tensile direction, respectively. Data was evaluated using a custom
Python 3 routine with pseudo—Voigt and Pearson VII function fitting. Lattice stress was
calculated using X-ray elastic constants (XECs, 1.8436 107° Pa for untextured Al (111)
reflections, calculated from single—crystal elastic constants using the Hill model and the
software ElastiX.™ No XRD signal was obtained from the artificial interlayer due to its
amorphous nature and low thickness.

Uniaxial tests were carried out using an Anton Paar TS600 device (maximum strain €,

= 12%, strain rate 4 x107® /s), with resistance probes incorporated into the grips. The
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equi-biaxial experiment (preload 3 N, maximum strain €,,,, = 8%, strain rate 3 -9 x107°
/s) included an in-situ 4-point—probe Van der Pauw resistivity setup.3! Macroscopic strains
(€) were correlated to lattice strain via Digital Image Correlation (DIC, on the backside of
the samples). 42

After straining, post—mortem SEM (Hitachi S-4800, Japan, 1 kV) images were analysed

to obtain crack density and spacing for both equi—and uniaxial samples.

4.4 Adhesion measurements

To induce buckling, samples of each interface structure were uniaxially strained to 40% using
a MTS Tytron 250 tensile testing machine with a quasi 4—point probe electrical resistance
setup (Keithley 2000 multimeter) integrated into the grips. Five post-mortem AFM (Cypher
AFM, Asylum Research) images were used to determine saturation crack spacing and buckle
geometry. Through—thickness cracks, as opposed to necking, were classified as having a
A/h ratio > 15% (A being the penetration depth of the AFM tip and h being the film
thickness) from extracted surface profiles.'® Adhesion energy was calculated from the buckle
geometry using the TID method, measuring 40 buckles per condition.3? Delamination at
the metal-polymer interface was ascertained using FIB cross—sectioning (Tescan Lyra/XMU

Dual beam FIB: 240 pA for rough cutting, 45-10 pA for polishing) and SEM imaging.
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