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Hybrid physical vapour/atomic layer deposition technology has enabled the formation of nanolaminated
Alygo_zNiz/AlOH, (bilayer period: 25/1 nm, z = 0, 2, and 5 at.%) thin films, introducing a novel interface-
engineered design strategy with advanced microstructure control. This leverages dual-route tailoring of nano-
crystalline Al through 1) compositional grain boundary engineering (Al;gp_Ni,) and 2) well-defined crystal-

Nanoclusters B . . . D . .
Crystalline/amorphous interface line / amorphous interfaces (Aljgo--Ni,/AlO,H,). As ambient plasticity is thought to be governed by dislocation
Nanoindentation interactions with segregation-modified interfaces & lattice, elucidating the collective role of such barriers in

strengthening is essential for establishing a robust design framework.

Accordingly, high-resolution analyses by scanning transmission electron microscopy (STEM) and atom probe
tomography (APT) established a direct link between enhanced hardness and distinct nanostructural features. The
nanolaminated AlgsNis / AlO H, thin film here exhibits Ni-rich nanoclusters embedded in a sub-10 nm FCC Al
matrix and smooth ~1 nm amorphous interlayers. Notably, STEM indicated Ni decorating vertical Al grain
boundaries, whereas APT reveals these to be distinct Ni-rich nanoclusters. Nanoindentation measurements
confirmed hardness of 5.3 GPa for AlgsNis/AlOxH, versus 2.7 GPa for Al/AlO,H,. Calculations showed that
comparable strengthening magnitudes originate from both aspects of the dual-route tailored nanostructure:
impeding dislocation motion by combined crystalline-amorphous layer confined slip and finely dispersed
nanoclusters.

successfully impede dislocation motion and induce strength values
around e.g. 500 MPa reported for Al 6061-T6 [5]. In recent decades,
advances in alloy design have included ultrafine-grained (UFG) to

1. Introduction

Aluminium alloys are important engineering materials for a wide

range of applications such as the automotive and aerospace sector due to
a high specific strength at close-to ambient temperature [1-3]. Strength
enhancement of commercial Al alloys with grain sizes in the micrometre
range is mainly achieved by a combination of solid-solution strength-
ening, formation of secondary phases (precipitation strengthening) in
the Al matrix or grain refinement [4]. Such distortions of the Al matrix

nanocrystalline Al alloys (10 nm < grain size < 1000 nm) with strength
values beyond 1000 MPa due to increasing grain boundary dislocation
pile-up [6-8]. Ma et al. [7] reported precipitation-strengthened UFG Al
7075 T6 with up to 734 MPa yield stress and mean Al grain diameter of
245 nm. In a study on UFG AA6061 with mean Al grain size of 30 nm and
additionally containing dense Mg-Si clusters, 805 MPa yield stress was
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achieved [8]. However, reports on nanostructured Al emphasised
strengthening was limited to a maximum service temperature around
200 °C due to catastrophic grain coarsening and precipitation growth
limiting the thermal stability [5,6].

To secure mechanical stability at elevated temperatures, nano-
crystalline materials require additional kinetic or thermodynamic sta-
bilisation of the grain boundaries [9]. Kinetically, segregations at the
grain boundaries might produce stabilisation in the form of physical
barriers to grain growth. Thermodynamic stabilisation however, stems
from an altered chemical grain boundary state with reduced grain
boundary free energy and thus reduced driving force for grain growth
[9,10]. Balbus et al. [6] reported the formation of structurally disordered
interfaces with amorphous character and sub-10 nm grain size in
sputter-deposited Algs gNi3gCej 3. (Scanning) transmission electron
microscopy (STEM) and STEM-energy dispersive X-ray spectroscopy
(STEM-EDS) investigations showed the formation of Ni- and Ce- ag-
glomerations at grain boundaries compared to both Ni- and Ce-deficient
Al grain interiors. The microstructure and amorphous character of Al-Al
grain boundaries allowed a room temperature nanoindentation hardness
of 5.2 GPa, even after exposure to 250 °C in vacuum for 1 h. Lei et al.
[11] produced nanocrystalline A195_7Mg2.1Y2_2, A195.7Fe2_2Y2,1, and
Algs 7Nip 2Y2 1 alloys by ball milling and subsequent hot-pressing at
temperatures of up to 585 °C. The combination of a grain boundary
segregating element (Mg, Fe, Ni) [12] and a large atomic radius rare-
earth element like Y should result in amorphous segregations at the
grain boundaries, similar to designing bulk Al metallic glasses. X-ray
diffraction (XRD) confirmed as-milled Al grain sizes in the range of
10 to 19 nm and STEM-EDS the successful formation of amorphous in-
terfaces at the grain boundaries. Notably, dopant enrichment in the
amorphous interfaces was derived from STEM-EDS concentration peaks,
coinciding with Ga concentration peaks from ion beam preparation. The
several nanometres-thick amorphous Mg-Y, Fe-Y, and Ni-Y enrichments
at the Al-Al grain boundaries ultimately induced strengthening up to a
nanoindentation hardness of 2.8 GPa in the case of Al-Mg-Y, while Al-Fe-
Y and AI-Ni-Y had hardnesses of 2.2 and 2.3 GPa, respectively. In other
work, XRD and S/TEM were applied to demonstrate Mg-enrichment at
the Al-Al grain boundaries of ball-milled AlgsMg; vacuum annealed at
200 °C for 1 h [13]. Micromechanical testing confirmed the following
mechanical properties: 4.6 GPa nano-hardness and 865 MPa yield
strength from micropillar compression. Hung et al [5] processed
Aljgp_»Ce; and Alyjgo_,Co; (z = 0.5, 1, and 3 at.%) alloys by additive
manufacturing. At low Co and Ce concentrations of 0.5 at.%, atomic
clusters of especially Co atoms were found by STEM, where SAED did
not show any phase formation other than FCC Al. Yet, peak hardness
values of up to 3.4 GPa in the case of Alg;Cos and 3.2 GPa in case of
Alg;Ce3 were successfully linked to the formation of 10 to 30 nm
spherical particles of Al-Co and Al-Ce phases. To identify such micro-
structure features in the near-atomic scale, Guo et al. [14] com-
plemented STEM datasets on medium entropy alloy nanolaminates with
atom probe tomography (APT). The data unravelled chemical gradients
at nano twin boundaries with chemical Cr-Ni-Co variations occurring
across a distance of less than 3 nm.

Beyond designing nanocrystalline Al alloys, superior thin film per-
formance through a nanolaminated architecture has been demonstrated
in the last decades. In fact, refinement up to only several nm of layer
thickness induced significant strengthening towards the theoretical
strength limit [15-17]. In several publications, enhanced mechanical
properties of nanolaminated thin films were linked to a dislocation
impediment by crystalline / crystalline interfaces [18,19], but also
crystalline / amorphous interfaces [20-23]. Crystalline / crystalline
Al / TiN thin films were found to show nanoindentation hardness of 3.7
GPa in an Al / TiN architecture with 9 / 1 nm layer thicknesses, whereas
increasing the Al and TiN layer thicknesses to 450 and 50 nm, respec-
tively, induced softening as the hardness was reduced to 1.2 GPa.
Crystalline / amorphous Cu/ CuZr interfaces successfully prevented
catastrophic shear banding in CuZr metallic glasses, while maintaining a
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total compressive flow stress of 2.6 GPa in a 50 / 100 nm architecture
[20]. Three-dimensional crystalline/amorphous nanoarchitectures in
melt-spun Ti-Zr-based alloys have demonstrated yield strengths of
approximately 1.8 GPa combined with uniform elongations of about
7.0% [24]. Wei et al. [25] reported the formation of ~2 nm amorphous
SiOC intergranular films at the boundaries of 13 nm Ni grain boundaries
via magnetron co-sputtering of Ni, SiO9, and SiC, achieving a room-
temperature strength of 2.5 GPa. Similarly, recent studies on
magnetron-sputtered Al-Cr alloys with varying Cr content revealed the
emergence of combined crystalline / amorphous nanostructures and Cr
segregation at crystalline / amorphous interfaces through Cr segrega-
tion, leading to yield strengths of up to 1.75 GPa and tensile strains of
around 15% [26].

Recent advances in atomic layer deposition (ALD) combined with
physical vapour deposition (PVD) offer control over interfacial micro-
structure and chemistry, enabling the integration of amorphous hard
interlayers with exceptional uniformity [22,27,28]. These capabilities
are critical for advancing nanolaminated thin films beyond current
design and performance limits. Edwards et al [22,27] reported
enhanced strength in crystalline / amorphous Al / Al;03 with bilayer
period of 250 / (1 —10) nm processed by hybrid PVD / ALD. Accord-
ingly, the Al / Al;O3 interfaces showed high strength, being promising
for enhanced interface bonding and multilayer stability, and prevented
crack formation as observed at weaker CrAlSiN / Al;O3 interfaces in
another work [29]. The ultra-thin amorphous Al,O3 interlayers trig-
gered Al grain renucleation, while micropillar compression determined
a yield stress of approximately 532 MPa — 107 MPa more than the pure
PVD reference sample. Notably, the Al grain renucleation was found to
occur even when pulsing only one full ALD cycle, whereas thermal
stability could be maintained with minimum interlayer thickness of 1
nm. Most recently, Baral et al. [23] showed enhanced mechanical
properties of nanolaminated Al / Al,O3 deposited by hybrid (reactive)
magnetron sputtering with varying layer thicknesses. Applying nano-
indentation, a nanolaminated film with 44 /5 nm bilayer period
exhibited > 2 GPa nanoindentation hardness. Here, reference is only
made to the lowest volume fraction of Al,O3 interlayers in the thin film
stack for comparability as an increasing Al;O3 volume fraction signifi-
cantly enhances the indentation hardness (44 / 5 nm Al / AlyO3: fa1203
= 10.2%). Excellent mechanical response was derived from ductile FCC
Al and hard amorphous Al,O3 layers, where constrained plasticity in Al
enhances strength, while the amorphous Al,O3 suppresses shear band-
ing and resists crack propagation.

Here, we allow to go one step further in the design of nanocrystalline
interface-engineered Al alloys by combining magnetron co-sputtering
(PVD), and ALD, thus dual-route tailoring. This dual-route tailoring
approach not only aims to improve ambient strength, but has a future
vision of enabling good high temperature strength retention through
advanced grain size control in nanocrystalline metals. Indeed, PVD
complexions could stabilise in-plane grains, whilst the nanolayer
thicknesses of ALD interlayers achieved through their self-limiting sur-
face reactions is expected to provide even greater control of out-of-plane
dimensions—together forming a coupled thermokinetic pathway that
effectively stabilises the nanocomposite structure.

The henceforth derived vision for the Aljgo_; Ni, / AlOxH,, thin film
design and processing is illustrated in Fig. 1. Ni was chosen as dopant in
the Al layer based on the work of Murdoch and Schuh [12] as well as
Wagih et al. [30] since it has been predicted that Ni is a viable candidate
for grain boundary segregation in Al, following the promising pathway
of complexion-engineered nanocrystalline metals [31-33]. The low
amount of 5 at.% will then allow a direct comparison to previously re-
ported promising compositionally-designed Al-Zr, Al-Mg, Al-Ti, Al-W,
Al-Mo, Al-Ag, Al-Cr, Al-Fe, Al-Co, and Al-Ni alloys with only 5 - 6 at.
% of solute addition [34]. Moreover, the low amount of dopant in the Al
matrix actively avoids phase separation to AlgNi and Al, which is pre-
dicted by the stability phase diagram [35] and observed experimentally
already for 5.7 at.% Ni at room-temperature [36]. Notably, interface
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Fig. 1. Scope of the current study: (a) Principle of crystalline-crystalline tailoring by Al-Ni co-deposition and crystalline-amorphous tailoring by Al / AIOH,
nanolaminating resulting in (b) the concept microstructure of crystalline Al;go_,Ni, grains with thin amorphous ALD AlO,H, interlayers interfering with both
dislocation motion and thermally activated grain growth, (c) sketch of deposition set-up including positioning of ALD precursor inlets, exhaust and PVD magnetrons,
as well as (d) the full 3 pm thin film stack consisting of 114 bilayer periods of 25 /1 nm for Al;go_,Ni; / AIO,H,.

segregation is more desirable than matrix segregation due to reduced
interfacial energy and thus, stabilised microstructure, whereas segre-
gation within the matrix often leads to precipitation or embrittlement
without providing such interfacial stabilization [37]. Despite other bi-
nary and ternary Al-X-Y systems with e.g., X = Mg and Y=Ce being
already reported to show segregation to Al grain boundaries [6,12,13],
alloying Mg or Ce to the Al layer of Al / AlO,H, thin films is undesirable
here due to its destabilising effect on the amorphous AlO,H,, interlayers:
the Ellingham diagram predicts MgOy and CeOy to be more stable than
Aly03 (AlO4H,) interlayers due to lower enthalpy of formation [38].
Hence, we aim to engineer hierarchical dimensional control, with
one-dimensional out-of-plane tuning through nanolaminating, and two-
and three-dimensional in-plane control via nanocrystalline grain
arrangement and interface complexity, Fig. 1. The tailored Al;go_,Ni; /
AlOHy, thin films are hypothesised to inhibit dislocation and grain
boundary motion both in- and out-of-plane as illustrated in Fig. 1b to
achieve enhanced mechanical properties and thermal stability. The
processing strategy then consists of loops of PVD — ALD to repeat the
basic bi-layer building block 114 times to obtain roughly 3 pm nano-
laminated thin films, as depicted in Fig. 1d. Here, we aim to understand
to what extent such a microstructure causes improved mechanical
properties, and comprehend the underlying mechanisms through a
detailed analysis of the microstructure and hence strength modelling. A
full exploration of thermal stability will be the topic of future work.

2. Materials and methods
2.1. Materials fabrication

The nanolaminated Aljgo—Ni; / AlO,Hy, thin films were deposited by
means of combined PVD and ALD in a SwissCluster AG SC-1 hybrid
deposition chamber. The two distinct deposition processes are linked in
a fully automated manner where magnetron sputtering occurs with
opened chamber-separating gate valve allowing sputtering “through”
the gate valve, whereas ALD layers are processed with the gate valve
closed. The crystalline Al;go_,Ni, layers were sputtered from two 2" Al
targets (99.999% purity, HMW Hauner AG) and additionally one 2" Ni
(99.99+ % purity, HMW Hauner AG) target for Ni-doping. Magnetron
sputtering was carried out at 280 mA direct current on each Al target as
well as high power impulse magnetron sputtering (HiPIMS) of the Ni
target at 15 and 33 mA average to achieve global Ni concentrations of 2
and 5 at.%, respectively, in the metallic layers. HiPIMS was performed
at 500 Hz frequency, 20 ps pulsing, and 15 A peak current. The hence-
achieved sputter deposition rate was roughly 0.08 nms™!. The base
pressure of the chamber prior to each PVD cycle was below 9 x 1077

mbar, whereas the deposition pressure was kept constant at 5 x 10>
mbar with an Ar flow of 10 sccm. Four-inch Si + 80 nm amorphous SigN4
substrates (MicroChemicals GmbH) were chosen for each deposition. To
avoid excessive grain growth of the nanocrystalline Al;go_,Ni, grains
during deposition, no substrate or chamber heating was applied, and the
temperature of the substrate stage was 298 K. The substrate-to-targets
distance was 270 mm.

ALD of AlO,Hy was carried out by alternating half-cycles of (CHz)3Al
(TMA) and DI H»O at room temperature. No heating was applied simi-
larly to the PVD process to not induce growth of the nanocrystalline
Alypo_2Ni, grains, although this results in significant hydrogen incor-
poration of up to 20 at.% in the ALD layer from residual H of the DI HyO
precursor [39,40]. Pulse and purge conditions for TMA of 200 ms at
250 sccm Ar, and 20000 ms at 500 sccm Ar, respectively, were used,
whereas DI H,O was processed with 150 ms at 250 sccm, and 20000 ms
at 500 sccm Ar, respectively. The ALD deposition pressure was main-
tained in the 10! mbar range, where 6 cycles result in deposition of
roughly 1 nm continuous and amorphous AlO,H,,.

2.2. Materials characterisation

Phase formation of every sample condition was analysed by XRD
using a Bruker D8 Discovery in Bragg-Brentano geometry. The instru-
ment broadening was corrected by measuring a LaBg standard at 20 =
40°. Due to the small feature sizes in the nanolaminated Aljgo_.Ni; /
AlO,H,, thin films, a combination of TEM and APT is applied to allow
high-resolution microscopy beyond the 2D spatial resolution in the TEM
projection plane around < 1 nm. In fact, certain microstructure features
in that 3D size range < 1 nm?® are expected to significantly influence the
mechanical properties and thermal stability of these interface-
engineered materials [11,13,33]. TEM samples were prepared by a
Thermo Fisher Scientific (TFS) Helios 5 Hydra DualBeam plasma
Focused Ion Beam — Scanning Electron Microscope (PFIB-SEM) equipped
for Xet milling, following the procedure for site-specific TEM specimens
in our previous work to avoid Ga-induced misinterpretation [41]. TEM
was conducted on a TFS aberration corrected (probe) Themis 200 G3
operated at 200 kV to capture grain morphology, and identify local
crystallography and chemistry. Analysis of STEM images, fast Fourier
transformation (FFT) patterns, and selected area electron diffraction
(SAED) patterns was conducted using the CrysTBox software [42],
whilst STEM-EDX data was analysed using TFS proprietary Velox
software.

Atom probe specimens were prepared using PFIB as well. A protec-
tion layer, employing Pt and C precursors (99 and 1%, respectively, in
TFS proprietary flow control), was deposited using ions at 12 kV energy,
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while milling operations were conducted at 30 kV. Plan-view lift-outs
were performed (see supplementary material of [43]) in order to align
the Al / AlO,H,, interfaces parallel to the specimen shank. Sharpening
was carried out at 12 kV with the final polish at 5 kV. APT was per-
formed in a CAMECA local electrode atom probe (LEAP) 4000X HR.
Field evaporation was assisted by voltage pulsing with 20% pulse frac-
tion, 100 kHz pulse frequency, 60 K base temperature and 0.5% detec-
tion rate. At least 50 million ions were acquired and data reconstruction
was performed with CAMECA AP Suite 6.1, employing the shank angle
protocol. The reconstructions were tuned with respect to the bilayer
thicknesses of 25 / 1 nm. Visualisation of the interfaces was realised with
10 nm thick slices of the reconstructions. H was included in the ranging
of mass spectra and the content can be understood as an upper boundary
value due to the likely contribution of residual gas from the analysis
chamber.

Evaluation of mechanical properties by nanoindentation was per-
formed on a Zwick Roell nanoindenter system (ZHN Nanoindenter,
ZwickRoell GmbH & Co. KG, Ulm, Germany) equipped with a Berkovich
diamond tip. A total of 25 indents were collected per sample condition.
The indentation experiments were conducted using a quasi-static
displacement-controlled loading protocol with maximum indentation
depth of 1 pm. The hardness values were derived from a plateau region
between 100 and 300 nm indentation depth as proposed by Fischer-
Cripps [44]. Measurement uncertainties account for the hardness vari-
ation over a depth range of 100-300 nm and the statistical uncertainty
derived from 25 individual indents. Representative depth-resolved
hardness for each sample condition is provided in the Supplementary
Material.

3. Results and discussion
3.1. Phase formation

Fig. 2 displays an overview of the three different as-deposited
Alypo—;Ni; / AlIOxH, (25 / 1 nm, bilayer period in the following not
mentioned; z =0, 2, and 5 at.%) thin films in terms of high angle annular
dark field (HAADF)-STEM images of several tens of bilayers and single
Al grains in the middle of the film stack. It is noted that throughout this
article, the three Al / AlO,H,, AlggNiy / AlOxHy, and AlgsNis / AlOLH,,
will be depicted in Figures with dark red-, dark purple-, and pink-
colored frames, respectively. Additionally, information regarding Al,
Ni, and O composition are visualised consistently through the colour
code blue, green, and orange, respectively.

The HAADF-STEM images in Fig. 2 confirm the nanolaminated na-
ture of Alyjgo_Ni, / AlO4H, thin films with homogenous and constant
bilayer period of 25 (+ 2.2) /1 (£ 0.2) nm. It is emphasised that precise
measurement of the 1 nm AlO,H,, interlayers is impeded by the 1 nm
layer thickness versus roughly 50 to 70 nm TEM lamella thickness, and
the imperfect flatness of the metallic layers onto which the ALD layer
conformally grows, and consequent electron scattering events, making
the AlO4H, often appear broader. There is a reduction in surface
roughness of the crystalline Al;oo_,Ni, layers compared to the pure Al
layers, causing the Ni-doped nanolaminated AlggNi, / AlOxH, and
AlgsNis / AlOyHy thin films to contain smoother crystalline / amorphous
interfaces. Secondly, significant differences in the in-plane FCC
Alyg0-_2Ni, grain size are visible, as measured from dark field (DF)-TEM
images. Representative DF-TEM images of each thin film with objective
aperture on (111) and (200) FCC Al diffractions as well as corresponding
layer thickness and grain size distributions can be found in the supple-
mentary material. At least 70 grains were measured per sample and the
range corresponds to the standard deviation of measured values. Hence-
derived layer thicknesses are 25.0 + 2.5 nm, 24.3 + 1.3 nm, and 24.8 +
1.1 nm for Al/ AleHy, AlggNiy / AleHy, and AlgsNiy / AlOXHy,
respectively. Since the layer thickness variations are within the mea-
surement uncertainty, the three architectures are collectively denoted as
25 /1 nm throughout this work for simplicity. The Al / AlOyHy in Fig. 2a
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shows a lateral FCC Al grain size of 28.0 + 7.6 nm, while Ni-doping of 2
and 5at.% to the crystalline Al-layer results in lateral grain size
refinement to 12.5 + 4.2 nm and 8.7 + 2.6 nm, respectively. Thus, up to
5at.% Ni in the crystalline Al matrix reduces the lateral grain size by
approximately 70%.

Additionally, HR-STEM imaging, and subsequent reduced-area FFT
patterns of grains viewed along [110] poles, were conducted to
approach the local arrangement of Al, Ni, and O atoms. Results in
Fig. 2b, d, and f confirm the crystalline nature of FCC Al(—Ni) grains,
while the lack of periodicity from 1 nm AlO,Hy ALD layers hints towards
an amorphous atomic arrangement. Furthermore, HR-TEM imaging,
validated through FFT analysis, was performed to confirm the amor-
phous nature of the interlayer. Fig. 2g shows an HR-TEM image of 2
bilayer periods with reduced area FFT insets for the interlayer (Fig. 2h)
and an Al-Ni grain (Fig. 2i). Distinct diffraction spots in the FFT in
Fig. 2i, in contrast to the absence of such features for the interlayer in
Fig. 2h, confirm the true A1O,H, amorphous nature.

Additionally, there is no immediate evidence for Ni-decoration —
neither at vertical Al-Al grain boundaries, nor at crystalline / amor-
phous interfaces.

Results on phase formation from both XRD and SAED are displayed
in Fig. 3. Bragg-Brentano XRD in Fig. 3a confirms that Ni-alloying of the
crystalline Al matrix does not induce phase formation other than crys-
talline FCC Al. In fact, all as-deposited conditions show a strong (111)
FCC Al texture with peak broadening when the layers were Ni-doped,
whereas the (200) Al reflection at 20 = 44.7° is significantly reduced
in intensity through Ni-doping of the Al matrix. Thus, based on XRD data
a metastable Al-Ni solid solution is formed, while the thermodynamic
equilibrium phase diagram predicts the formation of FCC Al and
orthorhombic Al3Ni [35]. The peak at 260 = 34.8° in the diffractograms
stems from Cu K p (111) FCC Al rather than crystalline orthorhombic
k-Al>03. In contrast to the crystalline Al phase, the AlO,H, interlayers
are X-ray amorphous in all three as-deposited conditions. To comple-
ment the dataset from XRD, SAED with an aperture size of roughly 580
nm diameter, covering approximately 20 bilayers, was performed. SAED
patterns in Fig. 3b-d confirm strongest diffraction arising from (111)
and (200) FCC Al planes in all conditions with no other phase visible. In
the pure Al layers, discrete diffraction spots of several FCC Al planes
originate from a more randomly oriented distribution of larger grain
sizes, whereas more continuous rings in the Ni-doped thin films are due
to a greater number of differentially diffracting volumes, i.e. a refined
grain size, with additionally more pronounced (111) FCC Al out-of-plane
texture.

The STEM images reveal that Ni addition to the FCC Al layers induces
lateral grain size refinement and interface smoothening. Zhang et al
[45] showed that 6 at.% Ni in FCC Al, synthesised by co-sputtering,
induced grain refinement from approximately 450 nm to less than 10
nm, which is consistent in trend and magnitude with the results here.
These observations are in agreement with the theory of co-sputtering
from several targets and the subsequent effect of Ni in solute drag
[46]. Notably, the Ni adatoms from HiPIMS will impede FCC Al grain
growth and grain coalescence, and boost renucleation. Strong renu-
cleation tendencies of FCC Al grains compared to conventional
magnetron-sputtered metals [47] can already be observed in undoped
Al / AlO,Hy, (see Fig. 2a). Yet, even smoother crystalline layers are
observed by Ni-doping — resulting in more uniform AlO,H, interlayers in
Fig. 2c and e. Roughness average (Ra) analysis was conducted to
determine the arithmetic averages of surface roughness of crystalline /
amorphous interfaces based on STEM images. The processed images can
be found in the supplementary material. Notably, Ra values of > 3, 0.8
4+ 0.1, and 0.5 4+ 0.1 nm can be derived from measurement of seven
interfaces in each case of Al, AlggNiy, and AlgsNis, respectively. Coherent
analysis for the pure Al layers is significantly impeded by layer over-
lapping in STEM images. However, Ni alloying of the FCC Al layers re-
sults in significant layer smoothening by roughly 80% reduced surface
roughness in case of AlgsNis.
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Fig. 2. Overview of S/TEM investigation: HAADF-STEM images of several tens
of bilayers (a) Al / AlO,H,, (c) AlggNi» / AlO,H,, and (d) AlgsNis / AlO,H,; HR-
STEM images including reduced area FFT from FCC Al grains in (b) Al / AlIO,H,,
(d) AlggNi» / AlOHy, and (f) AlgsNis / AlOH,; as well as (g) HR-TEM of 2
bilayer periods AlgsNis / AlIO H, with reduced area FFT inset for (h) AlOH,
and (1) A195Ni5.

XRD, SAED, as well as FFT of HR-STEM images were performed to
analyse the phase formation and effect of Ni on the crystallinity of the
FCC (Al). We first focus on the XRD (111) FCC Al peak in Fig. 3a. While
the presence of 2 at.% does not noticeably alter the lattice parameter
compared to the unalloyed Al layers, 5 at.% of Ni in Al does induce a
small peak shift. In fact, the (111) peak positions can be found around
38.480 + 0.001°, 38.487 + 0.001°, and 38.458 + 0.004° for 0, 2, and
5at.% Ni, respectively. Applying Bragg's law with 0.1542 nm X-ray
wavelength from CuKa radiation, the FCC Al lattice parameters can be
derived as 4.047, 4.047, and 4.050 A, respectively. Thus, the evolution
of XRD data is not in agreement with Vegard's rule for Al, AlggNiy, and
AlgsNis solid solutions, as one would expect lattice parameters of 4.040,
4.029, and 4.012 f\, respectively. While Pun et al. [13] were able to track
Al lattice constant rise, upon alloying up to 7 at.% Mg to nanocrystalline
Al, and subsequently derived grain boundary enrichment with Mg, no
such observation can be made here. It is emphasised that XRD should
elucidate diffraction information more clearly here than electron
diffraction due to the lack of dynamic scattering events [48]. Therefore,
no clear trend of reduced lattice plane spacing from Ni-addition and
formation of an Al-Ni solid solution can be derived, suggesting phase
formation deviating from solely Al-Ni solid solution.

3.2. Elemental distribution and chemical phase mapping

The local chemistry of multiple representative 25 /1 nm bilayer
periods Aljgo—;Ni; / AlOyH, was mapped by STEM-EDS, in Fig. 4. The
HAADF- and Al-O-yield in Al / AlO,Hy, AlogNi, / AlO,Hy, and AlgsNis /
AlO,H, are depicted in Fig. 4a—c and Fig. 4d-f, respectively. In-plane
chemical quantification in Fig. 4j-1 was derived from measuring four
Al(—Ni) layers per sample with each ca. 3000 nm? area (150 x 20 nm).
Out-of-plane chemical quantification visualised in Fig. 4d—f stems from
analysing vertically along the full STEM-EDS scans and thus, around
30000 nm? scan area (150 x 200 nm). Fig. 4g shows a representative Xe-
yield map emphasizing the random distribution and overall negligible
Xe-content, while Fig. 4h and i show Ni-yield for 2Ni- and 5Ni-doped Al
layers. As above, the HAADF-STEM images in Fig. 4a—c emphasise the
smoothening effect of the crystalline-amorphous interface upon alloying
2 and 5 at.% Ni to the crystalline Al layers. Considering the lateral Al
grain size given in section 3.1 from DF-TEM, Fig. 4h and i further
confirm the lateral grain size refinement upon Ni-addition by the reg-
ularity of the vertical HAADF features (vertical bright lines) coinciding
with the vertical Al-Al grain boundaries in AlggNis / AIOyH, and
AlgsNis / AlO,H,, that define the lateral Al grain size. The more distinct
crystalline-amorphous interfaces upon Ni-addition are additionally
confirmed through a clear Al-rich and O-deficient EDS mapping as
visualised in Fig. 4d—f. Differences in the Ni-yield are depicted in Fig. 4h
and i: in fact, in the case of AlggNi, / AlO,H,, Ni appears homogenously
distributed in the crystalline layers with Ni-enrichment in the vicinity of
amorphous AlO,H,. However, for AlgsNis / AlO,H,, there seems to be an
additional enrichment of Ni at vertical Al-Al grain boundaries.

Quantitatively, the analysis of the local chemistry of Al layers in the
Al / AlO4Hy, architecture indicates 2.8 + 0.8 at.% O-containing homog-
enous Al layers, whereas the amorphous AlO,H, interlayers can be
quantified as Alg; 5110g.8+1.1. The accurate quantification of the amor-
phous interlayers is however hampered by severe overlapping and
thickness influence of the TEM specimen and interface roughness as
visualised in Fig. 4a and d and is therefore treated approximately as a
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Fig. 3. Diffraction results from nanolaminated Al;oo_,Ni; / AlIO,H, (25 / 1 nm)
thin films: (a) Bragg-Brentano X-ray difractograms as well as SAED patterns of
(b) Al / AlO,H,, (c) AlggNiy / AlO,H,, and (d) AlgsNis / AlOH,.

lower bound for oxygen content in the AlO,H, layers. When aiming for
2 at.% Ni alloying of the crystalline Al layer, STEM-EDS confirms a
homogenous chemistry of 2.2 + 0.2 at.% Ni, 93.1 + 0.5 at.% Al, and 4.7
+ 0.4 at.% O, while the chemistry of the smoother amorphous in-
terlayers is measured to be Aly7.2.+0.6Ni2 8+0.1020+0.6- The nominal 5 at.
% Ni condition shows 4.9 + 1 at.% O-containing Algg 2.1.3Ni5 9+0.9
layers with Alyy 740 .7Nig 5+0.2015.8+0.8 interlayers. Quantitative analysis
for the Aljgp_Ni, chemistries is derived from the representative EDS
linescans in Fig. 4j-1, whereas AlO,H, chemistries are derived from the
EDS linescans visible in Fig. 4d-f. Overall, the EDS linescans confirm
both Ni-doped systems show Ni-diffusion from the crystalline Al-Ni layer
to the amorphous AlO,H, interlayers. Hydrogen quantification is not
considered due to insensitivity of STEM-EDS and a detailed analysis
using APT is provided in section 3.3.

For better visualisation of the local Ni distribution, Fig. 5 presents a
more magnified STEM-EDS-mapping of the AlgsNis / AlO,H, thin film.
Fig. 5a and b show respective HAADF- and Ni-yield similar to the
illustration in Fig. 4h and i. One can clearly identify preferential Ni-
agglomeration in the vicinity of vertical Al-Al grain boundaries and
adjacent to the amorphous AlO,H, interlayers. Further evidence for this
conformity is provided upon comparing the HAADF and Ni net atomic
fraction of the scan. In fact, both the HAADF- and Ni- atomic fraction
peak exactly in the same locations in an in-plane line scan over a few
FCC Al grains, as illustrated in Fig. 5c. Moreover, Fig. 5d confirms Ni
agglomeration in the vicinity of the amorphous AlO,H, interlayers upon
scanning over three bilayer periods. The line profile shows strongest Ni-
intensity coinciding with enhanced brightness around the AlOHy in-
terlayers. In fact, the maximum atomic fraction of Ni shows a 5.3 + 1.6
nm offset to the HAADF intensity peaks in Fig. 5d. Yet, the analysis of
exact peak offset is hampered by any imperfections of alignment of TEM-
specimen and electron beam: a slightly inclined specimen angle makes
chemical quantification of thin planar features challenging. While
STEM-EDS demonstrates preferential Ni segregation at Al grain bound-
aries, the 3D nanoscale resolution of APT enables a more rigorous
quantitative treatment, which is presented in the following section.

There are no existing studies on the STEM-EDS quantification of
~1 nm amorphous AlO,H, interlayers embedded in a nanolaminated
metallic architecture. However, the results reported here clearly link Al-
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rich and O-deficient layers to the crystalline FCC Al(—Ni) as well as Al-
deficient and O-rich layers to the ALD-deposited amorphous AlO,H,,
respectively. The Al/O ratios, measured by STEM-EDS, strongly differ
between the thin films here. For Al / AlOyH,, the high interface rough-
ness further impedes the quantification of Al/O ratio, which is signifi-
cantly higher than the values measured for the Ni-containing thin films
with 10 versus 4 (2 at.% Ni) and 5 (5 at.% Ni), respectively. Shi et al.
[49] reported Al/O ratios of around 0.2 by SEM-EDS for amorphous
Al,0O3 deposited by TMA and DI Hy0 at 200 °C with at least 100 ALD
cycles (min. 11.62 nm). Thus, STEM-EDS derived chemical quantifica-
tion of AlO,Hy here is taken into account solely qualitatively, further
impeded by room temperature ALD being expected to modify the Al/O
ratio by H and O enrichment towards a larger H/Al ratio [39,40].
Nevertheless, STEM-EDS additionally confirmed Ni agglomeration in
the amorphous AlO,H,, visible especially in the Ni-yield of the AlggNiz /
AlO,Hy in Fig. 4e. The Ellingham diagram predicts NiO, to be much less
favourable to form than AlO, [38]. We are expecting neither NiO, nor
any ternary Al-Ni-O phases to form. In fact, the thermodynamically
stable Al-Ni-O phases AlyNiO4, Al5(NiOg)s, Als(NiO4)3, AlyNipOg,
AINiOg3 [50,51] exceed global Ni-contents here explicitly as the forma-
tion of e.g., AloNiO4 requires 14.3 at.% of Ni locally, which is not in the
range of Ni detected by STEM-EDS. However, Fig. 4 and Fig. 5 correlate
higher z contrast at vertical Al-Al grain boundaries with preferential Ni
agglomeration in the vicinity of vertical Al-Al grain boundaries and
amorphous AlO,H, interlayers. These findings support the idea of Ni
segregation tendencies at Al-Al grain boundaries [12]. Similarly, Balbus
et al. [6] reported amorphous grain boundary interfaces in sputter-
deposited AlgsgNizgCej s thin films. The authors argued that there
were significant chemical variations from STEM-EDS mapping for Ni
and Ce enrichments of 3.5 to 4.1 at.% and 1.32-1.35 at.%, respectively.
A similar brightness-contrast was observed between the FCC Al grains
and adjacent grain boundary areas in HAADF-STEM imaging. Here, Ni-
yield in the crystalline Al layer of AlgsNis / AlO,H,, ranges from lowest
5at.% in the FCC Al grains to 6.8 at.% in the vicinity of Al grain
boundaries. Lei et al. [11] suggested dopant agglomeration at grain
boundaries in ball-milled Algs;Mgs1Y22, Algs7Fes2Y21, and
Algs 7Niy 2Y5 1, while also an elevated Ga concentration was observed.
However, in a previous study we postulated phase transformation by
Ga™-FIB preparation in these AlgsNis / AlO,H,, thin films towards FCC Al
and orthorhombic AlgNi Dopant fluctuations were also observed in ball-
milled AlgsMg7 samples with 24 nm grain size [13]. Notably, annealing
at 200 °C triggered Mg diffusion towards the grain boundaries with
fluctuations around 5 to 10 at.% Mg as shown by STEM-EDS; the dopant
peak at the Al-Al grain boundaries is similar to the fluctuations in Ni-
yield observed here. In a study on additively manufactured
Algg 5C0.5, STEM-EDS was applied to show atomic clusters of Co atoms,
while no other phases than FCC Al were detected with SAED [5]. Only
with globally more than 0.5 at.% Co was the secondary phase formation
of AlgCo» detectable. It is evident that STEM-EDS is often used to analyse
the chemistry of nanocrystalline Al alloys. Yet, the feature size and
reactivity of Al with Ga [41,52] can be expected to significantly impede
the analysis. [41]. Thus, it remains unclear, whether amorphous Mg-Y,
Fe-Y, and Ni-Y complexions could indeed be caused by active micro-
structure modification through Ga™ bombardment during TEM sample
preparation. Additionally, the novel microstructure here requires light
element characterisation including e.g. O and H - not consistently
feasible with STEM-EDS [39,40]. To that extent, 3D chemical mapping
by APT from Xe"-pFIB prepared specimens was used for identification of
nm-size features and interface decorations.

3.3. 3D chemical mapping

APT data of AlggNis / AlIOyH, and AlgsNis / AlO,Hy, thin films are
displayed in Fig. 6 and Fig. 7, respectively. Note that a rotated cross-
section lift-out was chosen as specimen preparation method, illus-
trating three bilayer periods of the nanolaminates in 90° rotation in
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Fig. 4. Chemical mapping of Al;go_,Ni, / AlO,H, bilayer systems by STEM-EDS. HAADF-yield of (a) Al / AlO,H,, (b) AlggNi; / AlO,H,, and (c) AlgsNis / AlO,H,; Al-
O-yield and out-of-plane EDS line scan for (d) Al / AlOH,, (e) AlggNi, / AlO,H,, and (f) AlgsNis / AlO,H,; (g) representative Xe-yield from PFIB preparation; Ni-yield

of (h) AlggNi, / AlO,H,, and (i) AlgsNis / AlO,H,; in-plane EDS line scan of (j) Al / AlIO,H

[, (k) AlggNi, / AlIOH,, and (1) AlgsNis / AlO,H,. Chemical profiles in d-f and

j-1 were derived from EDS scan areas in the range of 30000 nm? for out-of-plane and 3000 nm? for in-plane quantification.

comparison to STEM images with the crystalline / amorphous interface
horizontal. Visualisation of one single in-depth grain is achieved by the
10 nm thick reconstruction of atomic positions. The mass-spectra for
each atom probe measurement can be found in the Supplementary
Material. Fig. 6a and Fig. 7a show FCC Al layers with Ni-rich nano-
clusters as well as H- and O-enriched AlO,H, interlayers in the case of
AlggNiy / AlO,H,, as well as AlgsNis / AlOxH,, respectively. In fact, the
composition of the crystalline FCC Al-Ni layers of AlggNip can be
quantified as Algy 7+1.9Nig 347 with 0.6 &+ 0.3 at% O, 2.5 + 1.2 at.% H,
0.4 £ 0.2at.% C, and 0.5 + 0.3 at.% N, as shown in the composition
profile in Fig. 6b. In the case of AlgsNis / AlO,H,, Fig. 7b reveals the
composition of FCC Al-Ni layers to be Alg7i2_6Ni6_7i1_5 with 1.2 + 06,

4.2 + 1.1 at.%, 0.4 + 0.3 at.%, and 0.5 + 0.3 at.% O,H, C, and N,
respectively. The Ni-rich nanoclusters are displayed by 6 and 10 at.% Ni
isoconcentration surfaces (i.e. within double to triple the average Ni
concentrations) in the case of AlggNiy and AlgsNis layers, respectively. In
neither case does APT reveal higher Ni concentrations of vertical Al-Al
grain boundaries or the crystalline / amorphous interface, which was
previously assumed based on the results from STEM-EDS in Fig. 4 and
Fig. 5.

The amorphous AlO,Hy layers show an enrichment in O and H and
seem to be quasi-continuous as depicted in Fig. 6a and Fig. 7a, respec-
tively. Coupled with nominal AlggNi, layers, their composition can be
quantified as approximately Aly4 1H11.406.9Nig 9C1 3N 4, Visualised via a
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Fig. 5. High Magnification STEM-EDS mapping of the AlgsNis / AIOH, thin
film: (a) HAADF-yield, (b) Ni atomic fraction, as well as (c) in-plane HAADF vs.
Ni atomic fraction profile over a few grains, and (d) out-of-plane HAADF vs. Ni
atomic fraction profile over 2 bilayer periods.
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composition profile in Fig. 6¢. In the case of AlgsNis, the chemistry of
amorphous AlO,H,, can be quantified as Aly3 7 H19.4Nig.405.8Co.7N1.0, as
illustrated in Fig. 7c. The out-of-plane composition profiles in Fig. 6¢ and
Fig. 7c reveal similar Ni contents of up to ~8 at.% in AlO,H, for both
AlggNi,, but not for AlgsNis, Yet, the Ni content increases from ~5 at.%
in the Al-Ni grains to ~8 at.% in AlO,H, for AlggNi,, while the Ni content
is similarly ~8 at.% in the Al-Ni grains as well as in AlO,H,, for AlgsNis.
Consequently, saturation of the AlO,H,, interlayers occurs at Ni content
of ~8 at.%. Nitrogen in both cases might stem from the purifier to purge
the ALD pump and eventual backstreaming. Further, there are also C and
other impurities detected from both samples. Mean chemical composi-
tions of the amorphous interlayers here are derived from the composi-
tion profiles visible in Fig. 6 and Fig. 7 and standard deviations are in the
range of those quantified for the crystalline layers.

This is the first study that utilises APT to 3D track hydrogen and
oxygen in thin 1 nm AlOxHy interlayers. However, the H content can be
understood as an upper boundary value due to the likely contribution of
residual gas from the analysis chamber. Recently, elastic recoil detection
analysis / Rutherford backscattering spectrometry (ERDA / RBS) has
been employed for AlOHy, grown by ALD [39,40,53] and Byloff et al.
[53] obtained Alg240¢.4gHp28 for 75 nm-thick films grown under
identical conditions as in the present work, but on polyimide. In other
room temperature ALD studies, a hydrogen content of ~22 at.% was
found for 130 nm AlO,H, on Si substrates, when utilising TMA and
heavy water [40] as well as a H / Al ratio of 1.0 — 2.0 for 40 nm, when
deposited by TMA and DI-H0 on Si substrates [39]. These three studies
propose close-to equiatomic Al and H content in the range of 24 + 4 at.%
with remaining oxygen of 52 + 8 at.%. Thus, underestimation of both
hydrogen and oxygen is expected for the here measured compositions of
Al74.1H11.406.9Nis.9C1.3N1 4 and Aly3 7 H10.4Nig 405 8Co.7N1.0 within the
thin 1 nm interlayer, which is likely also affected by Ni diffusion.
Additionally, chemical intermixing artefacts and reduced quantifiabilty
are expected from 1 nm interlayers due to the common phenomenon of
trajectory aberrations [54]. Therefore, APT data of oxygen and
hydrogen has to be interpreted qualitatively. Additionally, the 10 nm
analysis cylinder for APT quantification agrees with STEM imaging in
the visibility of thin interlayers as “twisted” layers due to layer over-
lapping within the depth of the cylinder. For better visualisation of the
interlayer shape in APT images the reader is referred to the online
version of the article. Yet, there is a certain interlayer diffuseness visible
that was not observed in STEM. Nevertheless, APT-driven 3D detection
of hydrogen in these amorphous AlO,H, films provides an emerging
experimental benchmark that can be directly correlated with atomistic
simulations [55], enabling a mechanistic understanding of hydrogen’s
role in modifying local bonding, network connectivity, and material
properties.

While there are plenty of studies utilising STEM to analyse interface-
engineered nanocrystalline Al alloys (e.g., [6,11,13]), APT is not an
often-exploited technique in this field. Zhou et al. [56] performed APT
on NiggP; and NiggP4 alloys to visualise P agglomeration at grain
boundaries. The observation from APT allowed them to derive ther-
modynamic stabilisation of Ni-Ni grain boundaries with < 0.2 at.% P
agglomeration. Ga'-FIB preparation of Al APT specimens is known to
severely impede the analysis of interfaces — significantly increasing the
uncertainty of preparation induced microstructure changes [57]. APT
unravelled Ga decoration of Guinier-Preston zones at the matrix-
precipitate-interface in an Al-Mg-Zn-Cu alloy [57,58], as well as Ga
chemically marking amorphous Al-Mn phases in an Al-Mn alloy [59],
and Ga decorating dislocation regions in Al-Mg [60]. Elsewhere, Zhao et
al. [58] were able to perform APT on an Al-Mg-Zn-Cu alloy, where
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Fig. 6. APT reconstruction of atomic positions (10 nm slice) from the AlggNiy / AIO,H, thin film including (a) Al, O, Ni, and H as well as (b) in-plane and (c) out-of-
plane composition profiles from the cylinders with a diameter of 10 nm, indicated in (a).

6 to 10 at.% isoconcentration surfaces of Zn validated grain boundary
decoration; notably, the Al-Al grain boundaries were found to be
enriched in Cu, Zn, and Mg in the as-quenched state. Recently, Yang
et al. [61] applied APT to reveal the partitioning of solute elements as
well as formation of NiAl nanoparticles with less than 3 nm size and
2.4% volume fraction in high strength ductile steel. Previously, De
Geuser and Gault [62] demonstrated that the effective accurate spatial
resolution of APT in comparison to small-angle X-ray scattering (SAXS)
is highly specific to the material system and limited to 1 nm.

Here, APT shows nanocluster formation of Ni-rich phases in the FCC
Al matrix- not visible through STEM — with local enrichment in Ni up to
13 and 19 at.% in AlggNiz / AIOyH, and AlgsNis / AlO4H,, respectively,
Fig. 8a&b. While the Al-Ni phase diagram would predict phase separa-
tion between FCC Al and orthorhombic Al3Ni with 2 and 5 at.% Ni, the
latter phase was previously not reported to form below 380 °C [33].
Additionally, APT complements the dataset from STEM-EDS with qual-
itative hydrogen estimation as upper boundary values. This is a major
advantage in the analysis of interface-engineered materials, and an
aspect which was not considered in recent decades, where the discussion
above emphasised the focus often laid on STEM-EDS for chemical
mapping. Yet, state-of-the-art research requires the need of hydrogen
analysis in novel structural materials towards e.g., hydrogen-tolerant

alloy design [63]. Here, we are expecting the AlO,H,, to be a weaker
diffusion barrier than dense Al,O3 [39] and thus, allow Ni diffusion into
the AlO,Hy, which was visible both through STEM-EDS as well as APT
characterisation. To facilitate further reading, the STEM-EDS- and APT-
derived chemistries of both crystalline and amorphous layers of this
work are not repeated in the following, unless necessary for the dis-
cussion — rather, the nominal compositions are used.

3.4. Mechanical properties: Nanoindentation

Nanoindentation was performed to evaluate the influence of Ni
addition on the hardness of Aljgo_.Ni, / AlOxH, thin films. Table 1
shows increasing film hardness with alloying of up to 5 at.% Ni to the
crystalline FCC Al matrix — ultimately reaching almost 5.3 GPa of
nanoindentation hardness. In fact, the Al grains in undoped Al / AIO4Hy,
show a nanoindentation hardness of 2.7 + 0.1 GPa, whilst already 2 at.
% Ni induces a film hardening up to 4.9 £ 0.2 GPa - hence an 82% and
98% increase in hardness for 2 and 5 at% Ni, respectively, compared to
the unalloyed state. It is emphasised that the current investigation fo-
cuses on hardness measurements as a relatively fast and well-established
screening option for mechanical strength of nanocrystalline materials.
Future work will shed more light on the whole mechanics portfolio
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Table 1

Evaluation of mechanical properties of Al;go_,Ni, / AlO,H,. Nanoindentation
hardness of each sample as well as calculated strength contributions from the
relevant microstructure and chemistry variations.

Sample Measured  Calculated strength contribution
hardness
(GPa) GcLs OTay Osss OBow Gcut
(GPa) (GPa)  (GPa) (GPa) (GPa)
Al / AIOH,, 27+01 08 0.1
AlggNiy / 4.9 +0.2 1.3 0.4 <0.01 0.2-2.2 0.2-1.6
AlOH,
AlgsNis / 53+0.1 1.8 0.9 <0.01 0.2-47 0.2-24
AlO,H,

including the role of deformation mechanism energy and activation
volume, plasticity (of thin 1 nm AlO,H,), and fracture toughness, which
are beyond the scope of discussion here. In the work of Baral et al. [23],
the authors applied finite element simulations to capture the mechanical
response of Al / Al;03 nanolaminated thin films. The authors report on
strengthening from confined plastic deformation in Al layers through
stiff AlpO3 layers, where simulations show the highest shear stress near
Al / Al,03 interfaces. Similarly, one might ask where strength in these
nanolaminated Aljgo_;Ni; / AlOyH, thin films originates from there. To
what extent can the individual contributions of crystalline / amorphous
interfaces, grain size, and nanocluster formation to mechanical
strengthening be independently resolved? To this purpose, strength
contributions were calculated from the following strengthening mech-
anisms commonly applied to nanolaminated and nanocrystalline metals:
FCC Al grain size effects in the nanolaminated architecture ocrg
(confined layer slip), dislocation network density oray (Taylor hard-
ening), solute-matrix interaction csss (solid solution strengthening), as
well as secondary phases in the matrix requiring Orowan bowing cpow
and/or particle cutting o¢y¢ by matrix dislocations, respectively.

STEM imaging did not reveal growth twin formation in the Ni-
containing materials. Thus, we do not expect twin boundaries as dislo-
cation obstacles in Al;go_,Ni; / AIOxH,. Yet, notably, nanotwinned (nt)-
AlNi thin films with > 5 GPa hardness and as-deposited growth twins
were recently reported to arise due to a stacking fault energy reduction
from 120 mJ m~2 of pure Al down to 112 mJ m~2 in the case of AlggNiy
[45]. Furthermore, nanocrystalline Al with grain size below 25 nm was
reported to soften due to a shift in deformation mechanism from
dislocation-mediated plasticity to grain boundary sliding - yielding the
so-called inverse Hall-Petch effect [64]. Yet, lateral grain refinement to
13 + 4 nm and 8.7 + 2.6 nm lateral FCC Al grain size upon Ni-addition
of 2 and 5 at.% here reveals continued strengthening, contrary to any
grain boundary-mediated deformation mechanisms.

The remaining short list of traditional strengthening mechanisms
relevant for this architecture of nanolaminated material can therefore be
specifically expressed by the following equations [15,16,20,65-69]:

__Gb (4—v\, ah ¥y Gb

oas = Mg 2 <—1 4)”‘7‘5%—(1 ) 1)
O1ay = MaGb./p )
Gsss = MpGe®2c*/? 3

2
on0w = 0.4M 2 In (—r) 1-)°s )

my b

GbG article

Ocut — MZPT” (5)

For architectural size effects in nanolaminated materials, especially with
opposing extremes of crystallinity (crystalline / amorphous), confined
layer slip (CLS) strengthening was often found as the root cause
[15-17,20]: strength results from enhanced dislocation bowing through
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nanolaminating nanocrystalline metal layers of less than 50 nm thick-
ness alternated with amorphous interlayers. Experimental comparison
of crystalline / crystalline Cu / Zr and crystalline / amorphous Cu / CuZr
nanolaminates have demonstrated the validity of the CLS model for thin
amorphous interlayers [70]. Experiment and simulation have
approached the mechanism through thin strain-accommodating amor-
phous layers and dislocation nucleation from adjacent interfaces
[70-72]. Although sub-10 nm amorphous layers are generally thought
incapable of sustaining localized shear [73,74], thin ALD oxides might
give rise to stress concentrations at the crystalline / amorphous in-
terfaces [75] and shear transformation zones [76].

The conventional CLS model proposes a critical layer thickness
governing maximum strength [15]. However, Huang, Beyerlein, and
Zhou [77] applied atomic-scale simulations on nanolayered Cu/Nb
bilayer systems investigating the influence of layer thickness and lateral
grain size variation on the dominant dislocation-governed deformation
mechanism. The authors' calculations predicted first yielding to be
controlled by the FCC Cu grain size rather than the layer thickness: flow
stress at constant layer thickness decreases almost linearly with
decreasing grain size when layer thicknesses and grain sizes of 1 — 15 nm
and 2.5 — 40 nm were respected. This observation is in agreement with
the commonly observed inverse Hall-Petch effect for nanocrystalline
metals [64] towards grain boundary-mediated deformation.

Here, an apparent change of FCC Al layer thickness to lateral grain
size is observed that cannot be overlooked: from equiaxed state (Al /
AlO4Hy) to significantly reduced lateral grain size when Ni-doped.
AlggNip / AlOyHy, and AlgsNis / AlO,H, show enhanced nano-
indentation hardness despite lateral grain size refinement in the range of
expected weakening [64]. Therefore, the CLS model limitations on the
role of layer thickness vs. lateral grain size need to be considered care-
fully in the following analysis. The CLS model in Eq. (1) applies Taylor
factor M (3 for randomly oriented FCC metals), shear modulus G, Bur-
gers vector b (0.2864 nm), effective layer thickness parallel to [110] slip
direction k' (v/3 x lateral grain size [22]), Poisson ratio v (0.3 for FCC Al),
geometrical factor a (~0.6 [20]), crystalline / amorphous interface
stress y, FCC Al(—Ni) layer thickness h (25 nm), and dislocation source
length L (here approximated by layer thickness). The shear moduli for 2
and 5 at.% Ni containing FCC Al-Ni are approximated by linear inter-
polation between FCC Al and Orthorhombic AlsNi with Ga; = 26 GPa
and Gap,ni = 59 GPa [78], respectively. The interface stress for crystal-
line / amorphous interfaces in CLS was previously assumed around 0.5 —
1.1 J m~2 with e.g., Cu/ CuZr nanolaminates around 0.6 J m 2 [20,79].
Here, the Aljgo_;Ni; / AlOyH, interface stress of the natural Al/ AlO
interface is assumed higher and approximated by the works of separa-
tion of an Al-rich Al / a-Al,O3 interface with 1.43 J m~2 [80]. Inserting
the values of G, hv, and L for Al;go_,Ni,, CLS predicts around 0.8 GPa, 1.3
GPa, and 1.8 GPa strengthening for nanolaminated Al/ AlO,H,,
AlggNij / AlOyHy, and AlgsNis / AlO,H,y, respectively. As for this specific
strength / hardness contribution calculation, the list of parameters for
each mechanism can be found in the Supplementary Material.

Regarding the nature of AlO,H, versus work on Al;O3 [22,23], the
presence of H is expected to weaken the interlayers due to a reduced
bonding energy of the Al-H bonds compared to strong ionic-covalent
Al—O bonds in pure Aly03. Schneider et al. [81] reported H-induced
crystallisation and 53% softening of reactive sputter deposited AlO,H,
thin films with up to 13.9 at.% H. Yet here we are considering ultra-thin
amorphous AlO,H, by ALD embedded between nanocrystalline Al
layers, where a future study will focus on the deformation mechanisms
more closely and the role of individual microstructure features, espe-
cially the role of AlO,H, and Al»O3 as potentially impenetrable barriers
to dislocation motion [82]. It is noted that in nanolaminates incorpo-
rating thin amorphous interlayers, the assumption of rigid interfaces
inherent to confined layer slip models can be altered, as these interlayers
may act as plastically active, compliant regions capable of accommo-
dating dislocation activity via shear transformation processes depending
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on the interface structure [83,84]. A manuscript is currently in prepa-
ration that discusses the role of amorphous AlO,H, as rigid barriers.
Concerning the role of Ni in the AlO,H, interlayers, Ni-reinforced Al;03
composites were recently reported to possess enhanced strength and
toughness due to ductile Ni particles absorbing deformation energy,
whereas Ni was also found to increase porosity [85]. Here, a similar
effect of Ni can be expected as APT in Fig. 6 and Fig. 7 show similar
formation of Ni-rich nanoclusters in the vicinity of the amorphous
AlO,H,, interlayers.

Taylor hardening occurs due to increased dislocation density [65],
modelled by Eq. (2) with constant a (~0.24 [22]) and the dislocation
density p. The dislocation densities here are calculated by applying the
Williamson Smallman method [86] to (111) FCC Al diffraction visual-
ised in Fig. 3a X-ray diffractograms following the relationship:

n
p= D2 (6)
with n dislocations per grain (1 here for minimum dislocation density)
and D grain size applying the Scherrer equation to the (111) FCC Al
FWHM from Fig. 3a. Assuming one dislocation per grain here, the
dislocation densities derived should be seen as a lower bound. The
Scherrer equation reveals roughly 41, 15, and 8 nm of grain size for Al /

AlO,H,, AlggNiy / AIO Hy, and AlgsNis / AlOxH,, respectively. Likewise,
dislocation densities around 6 x 10"* m~2, 5 x 10'° m™2, and 2 x 10'®
m~2 can be obtained for Al / AlO,Hy, AlggNiz / AIOHy, and AlgsNis /

AlO,H,, respectively. Thus, the increased dislocation density from
adding up to 5 at.% Ni to the crystalline FCC Al layers may result in film
strengthening of 0.1-0.9 GPa.

Regarding solution strengthening, Labusch [68,69] proposed a
model applicable for nanocrystalline metals enriched with nanoclusters
as shown in Eq. (3): ¢ is a constant (1/550 for FCC metals), € the
interaction factor (change in shear modulus and lattice parameter upon
alloying), and ¢ the Ni concentration (0.02 and 0.05). Inserting the given
numerical values into Eq. (3), solid solution strengthening by 2 and 5 at.
% Ni in FCC Al towards FCC Al-Ni solid solution might not exceed 0.01
GPa. Hence, the strengthening from solid solution Al-Ni is negligible
here compared to overall film hardness (in excess of 5 GPa). For dislo-
cations encountering matrix particles, Orowan [66] bowing is a relevant
mechanism. It is emphasised that Ni-rich nanoclusters are formed in the
FCC Al matrix based on APT data and thus, the mechanisms dislocation —
particle focusses on matrix obstacles rather than grain boundary
pinning. For this calculation we assume the Ni-rich nanoclusters as
“strong” non-shearable impenetrable particles that require glide dislo-
cation bending to an angle < 100°, thus strength can be derived
following Eq. (4) as proposed in [87]. In addition to already above-
mentioned variables, the model in Eq. (4) applies intersection radius
of particles r, and inter-particle spacing y derived from volume fraction f
as in [87]:
x=r(Vaf -2) @
However, particle radii and volume fractions can only be approximated
from APT data, where both values are sensitive to applied iso-
concentration surfaces as visualised in Fig. 6 and Fig. 7. Yet, the histo-
grams in Fig. 8 show Ni-enrichment reaching more than 1 nm in lateral
dimension, thus a range of r between 1 and 5 nm is assumed. An upper
bound volume fraction for the Ni-rich nanoclusters respecting the almost
Ni-free Al matrix would be around 11 and 25%, for globally 2 and 5 at.%
Ni dissolved in Al, respectively. Following these considerations, 6oy for
AlggNiy / AlO,Hy may lie in the range of 0.2 GPa (r; = 4.1 nm, f = 1%) to
2.2 GPa (ry = 0.8 nm, f = 11%), while for AlgsNis / AlO,H,, in the range
of 0.2 GPa (rs = 4.1 nm, f = 1%) to 4.7 GPa (rs = 0.8 nm, f = 25%).

Cutting particles is the competing mechanism to Orowan bowing:
Ansell and Lenel [67] proposed a model for dislocations cutting particles
dispersed in the matriX. Gparticte, and C in this Eq. (5) refer to shear
modulus of particles, and the constant of proportionally dependent on
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the lattice perfection degree of dispersed particles. Here, Gparticle cannot
be determined exactly, as no other phase than FCC Al was detected by
XRD, SAED, and HR-STEM, therefore Gparticle being approximated by an
upper and lower bound. Both STEM-EDS and APT showed oxygen con-
tents below 5 at.% and thus low probability for ternary oxide or hy-
droxide formation. Shi et al. [78] performed DFT calculations on various
intermetallic Al-Ni compounds. For low Ni contents, Al3Ni showed the
lowest shear modulus around 59 GPa. Thus, a lower and upper bound
for Gparticle might lie in the range of Ga = 26 GPa and Gyj,ni = 59 GPa,
respectively. The inter-particle spacing y ranges are the same as for
Orowan evaluation above. Thus, lower and upper bound strengthening
for AlggNi, / AlOxH, by the cutting mechanism can be derived around
0.3-1.6 GPa (Ga,ni, 7's=0.8-4.1-5nm, f=1-11%) and 0.2 - 1.1 GPa
(Gap, s = 0.8 - 4.1 nm, f =1 - 11%). For AlgsNis / AlO,H,, dislocations
cutting particles can induce strength around 0.3 — 2.4 GPa (Gaj,ni, I's =
0.8-4.1nm,f=1-25%)and 0.2 -1.6 GPa (Gal,7s=0.8-4.1nm, f=1
- 25%).

Although it would appear that Al-Ni nanoclusters lie in the range of
the cutting mechanism [88] being dominant, over Orowan bowing, the
lowest resolved stress differs with phase and geometric parameters.

Substantial strengthening can be derived from the textbook models
on dislocation — nanocluster interaction. Yet, these models need to be
put into perspective with current (simulation-based) advances in dislo-
cation — obstacle interactions: do they agree? Van Swygenhoven et al.
[89] applied MD simulations to postulate pronounced impediment of
propagating dislocations due to misfit strain in the vicinity of nano-
clusters in FCC metals. The modeling feasibility of nanoclusters was
confirmed by atomistic simulations predicting flow stress in Al-Cu alloys
[88,90]. In fact, simulated Guinier-Preston zones in an Al-4 wt% Cu
alloy were found to be in good agreement with experimental data: at
300 K both experiment and atomistic simulation predicted roughly 50
MPa flow stress [90]. In precipitation-strengthened AIMgSi, Hu and
Curtin [91] simulated a critical resolved shear stress of Orowan bowing
around Mg»Si precipitates with f < 1.10% up to 165 MPa. Here however,
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Fig. 9. Calculated strength contribution from dislocation — particle interaction
when Ni-rich nanoclusters are seen as particles. The particle radii and volume
fractions are approximated from APT data in Fig. 6, Fig. 7, and Fig. 8, while
bowing and cutting contributions are calculated from Eq. (4) and (5). Bowing
strengthening is visualized by the gray area. The two cutting contributions can
be seen as a lower bound when Gpuriicle = Ga (blue area) and upper bound
when Gparticle = Gapni (red area). The horizontal black lines refer to CLS
strengthening from Eq. (1) for the three different architectures. (For interpre-
tation of the references to colour in this figure legend, the reader is referred to
the web version of this article.)
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at f = 1% Ni-rich nanoclusters, several hundred megapascal strength-
ening was calculated from dislocation — nanocluster interaction by
Orowan bowing. To facilitate the comparison, Fig. 9 shows calculated
strength contributions comparing the dislocation bowing and cutting
mechanisms as a function of particle radius as well as the three
strengthening values derived from CLS. Particle radii from 1 to 10 nm
were considered. It is emphasized that the /1/y dependency in Eq. (5)
results in similar stress profiles of the bowing and cutting mechanisms.
Here, two major trends in particle-dislocation interaction are visualised:
for a volume fraction of 1%, both cutting and bowing show similar stress
levels; and for higher volume fractions of 11% and 25%, the cutting
mechanism is preferential. As the mechanism with the lowest critical
resolved stress becomes active first, several hundred megapascal up to
approximately 1 GPa strengthening is expected. Yet, MD simulations
were able to confirm several hundred megapascals strengthening from
nanoclusters in a Cu-Ta alloy [92-94]. In fact, coherent Ta nanoclusters
were found to pose obstacles to grain boundary sliding and rotation, as
well as to dislocation nucleation — ultimately being responsible for 65%
of the alloy's 1.3 GPa true strength.

Table 1 shows that strengthening in the nanolaminated Al;go_,Ni, /
AlO,H,, thin films may stem primarily from a combination of CLS and
particle cutting. Ni-addition affects both confinement of effective crys-
tallite size parallel to the [110] slip direction in CLS and the formation of
Al-Ni nanoclusters. The strength contribution of the particles is pre-
dicted to exceed that of CLS only for particle radii below approximately
3 nm. Ultimately, the more than 5.2 GPa of nanoindentation hardness in
the case of AlgsNis / AlO,Hy, is a consequence of interacting dislocation
strengthening mechanisms that cannot be easily decoupled.

3.5. Microstructure design route evaluation

Fig. 10 shows a nanoindentation hardness comparison of high-
performance nanocrystalline Al alloys as a function of the smallest in-
verse square-root grain size (Hall-Petch plot). It is emphasised that the
application of a Taylor factor of 3 to compare yield strength and nano-
indentation hardness represents a conventional approximation for
randomly oriented FCC materials, despite the possibility of deviations in
nanocrystalline and nanolaminated systems arising from altered grain
boundary and interface-dominated deformation mechanisms[95,96].
Furthermore, pile-up is observed here at the indent perimeter,
increasing the effective contact area beyond that assumed in the anal-
ysis, hence resulting in a slight overestimation of hardness, which may
hamper direct comparison with literature data. It is evident that the
strongest thin film of this work, AlgsNis / AlO,H, with bilayer period of
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Fig. 10. Hardness of Aljoo_,Ni; / AlO,H, thin films alongside high-

performance nanocrystalline Al alloys. Where strength values are originally
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of 3: hardness ~3 x yield strength.
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25 /1 nm, is certainly one of the strongest interface-engineered nano-
crystalline Al materials reported so far. Among nanolaminates, Baral
et al. [23] showed nanoindentation hardness of crystalline — amorphous
Al / Al,03 with the lowest comparable volume fraction Al,O3 (44 /5
nm, fa1503 = 10.2%) of approximately 2.6 GPa, which is comparable to
the pure Al / AlO,H, here. Yet, Ni addition and Ni-rich nanocluster
formation here add significant strengthening, comparable to previously
reported strengthening by AlgCos precipitates in additively manufac-
tured Al-Co [5]. Comparing indentation values here to interface-
engineered Al alloys with altered chemistry of grain boundaries
[6,11,13,97], the AlgsNis / AlOyH, shows < 10-nm (lateral) grain sizes
and competes with previously reported 5.2 GPa for an interface-
engineered Al-Ni-Ce tested at room temperature. We consider that that
high nanoindentation hardness is a consequence of both crystalline /
amorphous interfaces [15] as well as precipitation strengthening by
nanoclusters in the metallic layers. Yet, such complexity requires further
investigation of the strengthening mechanisms, including determination
of the activation volume and energy of the rate controlling deformation
mechanism.

Ultimately, Fig. 10 emphasises that previous studies on various
nanocrystalline Al designs already showed excellent nanoindentation
hardness. Notably, nanotwinned (nt) Al-Ni alloys with sub-10-nm grain
size as well as interface-engineered nanocrystalline Al-Ni-Ce and Al-Fe
alloys were able to achieve > 5 GPa nanoindentation hardness
[6,34,45]. The latter Al-Ni-Ce and Al-Fe alloys reported to be even
thermally stable up to more than 200 °C by the amorphous grain
boundary phases acting as stabilisers. However, the incorporation of
ultrathin AlO,H, interlayers via ALD offers a promising route to further
enhance the thermal stability of nanocrystalline Al beyond this, whilst
achieving good mechanical properties. Naturally-occuring amorphous
metallic grain boundary phases are not as thickness- and chemistry-
controllable as the artificial homogenous ALD layers here. By precisely
controlling the interface structure at the atomic scale, this PVD /
ALD design strategy holds potential to suppress out-of-plane grain
boundary mobility more effectively than conventional bulk-stabilised
systems — an aspect that will be critical for extending mechanical
performance of nanocrystalline Al to elevated temperatures. Here, the
dual-route-tailoring dictates exactly the out-of-plane dimension, with an
additional degree of microstructural control in-plane, hopefully
enabling simultaneous optimisation of mechanical performance and
thermal stability.

4. Conclusions

In conclusion, we have presented an approach to combine PVD of Al
with low amounts of Ni, and ALD of AlO,H,, towards designing a dual-
route-tailored nanolaminated Aljgp_,Ni, / AIOyH, thin film with ultra-
fine feature sizes. The findings from macroscopic XRD, high-resolution
microscopy through TEM and APT, as well as quasi-static nano-
indentation allow us to conclude the following points:

e The addition of low amounts of Ni to the crystalline Al layer, up to

AlgsNis / AlO,Hy, with comparable 25 /1 nm bilayer period, does

not induce phase formation other than FCC Al while retaining ultra-

fine lateral grain sizes as low as 9 nm and smoother crystalline /
amorphous interfaces.

Rather than enriching the Al-Al grain boundaries with Ni segrega-

tions in a complexion-engineering approach, we identified the forma-

tion of Ni-rich nanoclusters in the crystalline matrix and Ni-
enrichments in the amorphous AlO,H, layer.

e To that extent, APT was used to track the formation of Al-Ni nano-
clusters with up to 20 at.% local Ni-enrichment, and size in the range
of a few nanometres, to enrich the dataset of STEM-EDS, which
predicted Al-Al grain boundary decoration by Ni.

e Nanoindentation measurements revealed up to 5.3 GPa hardness for
AlgsNis / AlOxH,. As a counterpart to the experimental observations,
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calculations identified significant strengthening through the forma-
tion of Al-Ni nanoclusters embedded in the refined FCC AI(—Ni)
grains, competing with state-of-the-art high-performance nano-
crystalline Al alloys.

In conclusion, these findings highlight the significant potential of
dual-route-tailored, interface-engineered alloys synthesised via hybrid
PVD / ALD beyond state-of-the-art nanocrystalline alloys, as exempli-
fied by the Aljgo_.Ni; / AlOH, system investigated in this study. From a
fundamental materials science perspective, this work unveils a novel
approach to integrating previously uncombined artificial and
spontaneously-precipitating microstructure control methods, paving the
way for the design and deeper understanding of next-generation struc-
tural materials with enhanced performance and better controllability.
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