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Abstract

Recently, a new oxide-type solid electrolyte (SE) for all-solid-state Li ion batteries, pyrochlore-type
Liz-xLa(1+x3Nb2O6F (LLNOF), was reported to exhibit Li* superionic conductivity of 3.9 x 10 S/cm
at room temperature. To gain understanding on this novel SE, in this work, thermodynamic analysis
and ab initio molecular dynamics (AIMD) calculations based on the density functional theory (DFT)
framework were performed to clarify the material’s phase stability, electrochemical stability and Li*
ion transport property. LLNOF is predicted to be a metastable phase and thus, its electrochemical
window is likely to be determined by its decomposition phases. The Li transport pathway is revealed
to be defined by the large hexagonal tunnels formed by corner-sharing NbOg units, these tunnels can
either be La-free or La-blocked depending on the Li/La/vacancy configuration. The Li* ion conduction
mechanism proceeds in a concerted migration manner in the 164 sites via an intermediate site. Analysis
of phonon density of states shows that F atoms have a lower phonon-energy band center position than
O atoms, this is correlated with the characteristically low phonon-energy band center position of Li

atoms and the observed Li* superionic conductivity of LLNOF.

Introduction

A solid electrolyte (SE) with Li superionic conductivity is one of the key materials that is needed to
finally unlock the full commercialization of all-solid-state Li-ion batteries (ASSBs). So far, a number
of SE classes have been reported, each with its own merits and demerits.!3 One class is sulfide-type
SEs which are known for demonstrating Li superionic conductivity at room temperature (op;grr),
notable ones include a-LisPSs (1.3 x 102 S/cm)* and Liy 54Si1.74P1.44S117Clos (2.5 x 1072 S/cm)’.
However, sulfide-type SEs generally suffer from issues of chemical reactivity with air moisture,
resulting to the generation of toxic HxS gas.® Another class is the oxide-type SEs are intrinsically very
stable in air, some of the reported materials in this SE class with relatively high conductivity belong
to Li-based garnet oxides,” specifically the cubic LisLasZr,O1> (LLZO) which shows a conductivity
of up to 1 x 10 S/cm via appropriate cation doping!®. Although such degree of conductivity can be

considered high, it still falls short relative to sulfide-type SEs with respect to the practical-level design



requirement (102 S/cm or higher) which is necessary to reduce the overall battery cell impedance
down to < 40 Qcm? and achieve > 250 Wh/kg in usable capacity.'!

Recently, a new oxide-type SE, the pyrochlore-type LirxLa(i+x3Nb,OsF (LLNOF) was reported to
show a total op;rr 0f 3.9 x 10~ S/cm.!? Its crystal structure has a cubic symmetry (Fd3m, Figure 1a)
and is characterized by NbOs octahedral units (16¢ Nb and 48f O) forming large hexagonal tunnels
(Fig. 1b). In the tunnels, there are two Wyckoff sites: a partially occupied 164 site for Li/La/Vacancies
(Vac) and the 85 site for F anions. Li/La cations form pseudo-rhombohedral units with O and F anions
as vertices (i.e., LiOgF>, LaOgF2; Fig. 1c). The Li pathway channels are effectively determined by the
tunnels which can be either La-free of La-blocked, depending on the actual La site occupancy/position
(Fig. 1d). Along the tunnels, the F-Li/La-F linkage assumes a zigzag pattern (Fig. S1). From a Li-
center viewpoint, the two F atoms are located at the frans-position vertices of the LiOgF> unit. From a
F-center viewpoint, previous 'F MAS NMR spectroscopy results reveal six different environments
for F atoms in a fourfold coordination with Li/La/Vac species.'?

In this work, DFT and AIMD calculations were employed to study the LLNOF’s phase stability,
electrochemical stability, and Li* ion transport property. The Li pathway network and connectivity
within the structure were investigated using geometric-based Voronoi-tessellation algorithm and 3D
percolation theory approach. The Li* ion dynamics and element-specific vibrational properties were
analyzed using the van Hove space-time correlation technique and the Fourier transform of the
velocity autocorrelation function, respectively, using the AIMD trajectory data. Our findings offer

useful insights for the rational design of SEs for ASSB application.
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Figure 1. Crystal structure of Fd3m LisxLa(1+x3Nb2OgF which is expanded by a supercell matrix [[1
10],[-1 10],[00 1]]: (a) 3D perspective view of corner-sharing NbOs octahedral units and isolated
Li/La/Vacancy(Vac) species, (b) NbOs-characterized hexagonal tunnels (dashed lines) where Li, La,
and F atoms occupy, (c) edge-sharing Li/LaOgF> pseudo-rhombohedral units, and (d) linkages of
partially occupied 164 sites for Li/La/Vac species which also determine the Li pathway channels;

double-headed arrows highlight intersecting tunnels defined by 164 sites.

Computational details

The Vienna A4b Initio Simulation Package (VASP), which employs the generalized gradient
approximation (GGA) approach and the projector augmented wave (PAW) method basis set, was used
for DFT calculations.'*!> The initial LLNOF structure data is provided in Table S1. To allow for a
richer sampling of Li/La/Vac configurations, the unit cell was expanded using a supercell matrix
([I1,1,0], [-1,1,0], [0,0,1]]). In this model size, the closest composition with respect to experiment
(Li1.2sLao ssNb2OgF) is x = 0.6875 or Lii 3125La0.562sNb206F (174-atoms supercell). For phase stability
analysis, other compositions/structures were also considered (i.e., x =[0.5, 0.875, 1.0625, 1.25]). For
a given composition, a total of 1,000 Li/La/Vac arrangements were randomly generated and sorted
based on the electrostatic Ewald energy (Eg,qiq) criterion. Eg,qq calculations were performed

using the pymatgen code.!¢ From this step, 10 lowest-Ep,,q1q4 Structures were picked and subjected to



DFT structure relaxation. The lowest DFT total-energy structure was then used for thermodynamic
and ion dynamics analyses, unless otherwise specified. The kinetic energy cutoff was set to 520 eV
and the k-point grid (with the Monkhorst-Pack grid scheme) was fixed to at least 1000.'7 Li with
semicore s states as valence states, standard La, Nb with semicore s states as valence states, standard
0, and standard F were used as pseudopotentials. Convergence conditions were set to <1 meV/atom
and <0.01 eV/A in energy and residual force, respectively.

The thermodynamic phase stability of LLNOF as a function of Li/La content was evaluated using the
convex hull method. A Gibbs free energy (G) model within the Li-La-Nb-O-F system was constructed
as follows:!8

G(T,P,Nyi, Nyg, Nyp, No,, Ng) = E(T, P, Ny, Nyg, Ny, No,, Ni) +

PV(T, P, Ny, Nyg, Ny, No,, Ng) = TS(T, P, Nyi, Nua, Np , No,, Ne), (1)

where E is formation energy, PV is the energy term to account for pressure effects, and TS for
system entropy by temperature effect. At normal pressure condition, PAV contribution was assumed
to be negligible. Similarly, at room temperature condition, TAS contribution was also considered to
be small and thus was excluded as well. Therefore, equation (1) can be simplified by constructing a 0-
K phase diagram and by taking the convex hull of 0-K formation energy data for all the relevant phases.
The thermodynamic decomposition energy (Eq) is given by:

Eq = E(c) — E(LLNOF), 2)

where E(c) and E(LLNOF) are the convex hull energies using formation enthalpy data, relative to
the phase equilibria at composition ¢ of ground-state phases corresponding to LLNOF stoichiometry.
For the construction of the Li-La-Nb-O-F phase diagram, the DFT total energies of relevant phases
were taken from experimental compounds from Inorganic Crystal Structure Database (ICSD) and from
in-silico compound entries of Materials Project database, respectively.!é 19-20

For electrochemical stability evaluation, the grand potential phase diagram was constructed for the
LLNOF SE, with the electrostatic potential (¢p) considered in the definition of Li chemical potential
()

Hi(9) = uy;’ — e, 3)

where y{ff is the reference chemical potential based on Li metal. The decomposition reaction energy
for the ¢-specific decomposition reactions can be calculated as follows:

Eq(¢) = E(c, ¢) — E(LLNOF) — Any;p; (), “4)

where E(c,¢) is the phase equilibria energy at composition ¢ and ¢, while An;; denotes the
change of the number of Li between LLNOF and phase equilibria at composition c.

For AIMD calculations, the kinetic energy cutoff was set to 400 eV and the k-point was fixed to 1 x 1
x 1. Standard pseudopotentials were used for all elements. The MD step size was set to 1 fs. Atomic
trajectory sampling was carried out at different MD temperatures: 600 K, 800 K, 1000 K, 1200 K, and

1400 K. To account for thermal expansion effects, a 20,000-steps MD equilibration procedure was



initially performed using a Langevin thermostat (NPT ensemble) at each target MD temperature,?
then the average lattice parameters to be used for each MD temperature were estimated by averaging
the lattice cell information from the last 5,000 MD steps of the equilibration step. The MD production
run was set with a trajectory length of 100,000 steps, using a Nosé—Hoover thermostat (NVT
ensemble).??

Statistical observables were estimated by mean squared displacement (MSD) analysis:**

MSD = ([#(t + 1) = #(t)]?), (5)

where 7(t) and T Li' ion position at time t and lag time, respectively.

The Li diffusion coefficient (D;;) was determined by the following equation:?’

Dy = lim o [([F(¢ +7) — #()]2)/2d1] ©)

where d represents Li* ion diffusion dimensionality.

The Li* ion conductivity (o;;) was calculated based on Nernst-Einstein relationship:2®

oy = pF?z{;Dy;/RT, (7

where p, F, z;;, R,and T are Li" ion mass density, Faraday constant, Li* ion charge, gas constant,
and temperature, respectively.

For ion dynamics and correlation analysis, the van Hove space-time correlation function (G) was
used:?’

G 0) = (T 6@ +7:(0) = Fi(e))/N +(Zy” 8G@ +7(0) = F())/N,  (®)

where (-) and §(+) are ensemble-averaged quantities and 3D Dirac delta function, respectively. The
first and second term account for the Li self-correlation (Gs(7,t)) and distinct Li-Li correlation

(G4 (7, 1)), respectively.

Experimental details
Information on material synthesis and characterization by cyclic voltammetry are available in the

Supporting Information section.



Results and Discussion

Structure configuration and phase stability

Fig. 2a shows the Eg,,qq distribution of 1,000 LLNOF structures with randomly sampled Li/La/Vac
ordering. It has a positively skewed distribution in the range of -41.35 to -40.74 eV/atom with a median
value of Epyqq = -41.19 eV/atom. High-Ep,, 44 structures are noted to have locally clustered La’*
cations while low-Eg,4q4 Structures have a relatively more homogeneous Li/La/Vac arrangements
with no 1%-nearest-neighbor (1NN) La**-La’* pairs within the characteristic hexagonal tunnels. It is
noted that in ionic materials, electrostatic interaction contributes dominantly to the DFT total energy
(Ep) (i.e., low-Egyq1q Structures generally tends to have low Ej). Based on this correlation between
Egwaia and Eg, the Eg,qq ordering of different structure configurations can be exploited to
cheaply find potentially low- E, structures such as in the Li/La/Vac ordering in LLNOF. The
configuration with the lowest DFT total-energy (E;) out of the 10 lowest-Eg, 414 Structures, as
displayed in Fig. 2b, is chosen as the representative LLNOF structure (L1: index number 6, E, = -
7.999 eV/atom). This structure has two La-free tunnels (Fig. 2¢), with the rest of its tunnels being La-
blocked. On the other hand, the other structures which have a slightly higher E, relative to LLNOF-
L1 have only one La-free tunnel, as shown in Fig. 2d (M1: index number 1, E, = -7.983 eV/atom).
It is noted that number of La-free/blocked tunnels is also composition-specific. However, the sample
E, values lie in a narrow range of ~24 meV/atom, so room-temperature entropic effects (~30
meV/atom) may facilitate for the phase stabilization of structures with more La-blocked tunnels than
the L1 structure (e.g., via appropriate quenching/annealing procedure from high temperature during
synthesis?®).

The thermodynamic phase stability of LLNOF as a function of Li/La content is shown in Table 1. Over
the series composition, all phases are predicted to be metastable (i.e., Eq > 0), with a generally
increasing stability (i.e., decreasing E4) with decreasing (increasing) Li (La) content. Thus, the
experimental LLNOF composition (i.e., Lij2sLaossNb,OsF), which is within the investigated
composition range in Liz«La+x3Nb2OgF (i.e., x =[0.5, 0.6875, 0.875, 1.0625, 1.25]), is highly likely
to be a metastable phase as well. The calculated E4 values for the sampled configurations in Fig. 2b,
including the representative structures in Table 1, are found to be within the predicted limit of

metastability for experimental-database oxides.?
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Figure 2. (a) Ewald energy (Eg,,q1q) distribution plot for randomly sampled Li/La/Vac ordering in the
Lij 3125La0.5625Nb206F model composition with 32 ordering sites in its 174-atoms supercell . (b) DFT
total energies (Ey) of 10 lowest-Eg,,q41q4 Structures that are picked in (a). (c) Lowest-E,, structure (L1:
structure index number 6 in (b)) characterized by two La-free tunnels (bounding dashed line). (d)
Intermediate-E,, structure (M1: structure index number 1 in (b)) characterized by one La-free tunnel.
Li, La, and F atoms are shown as green, orange, and light blue spheres, respectively, while NbOs units

are displayed as wireframes.



Table 1. DFT decomposition energies (E4) and products of Liz-xLa(i+x3Nb2O¢F (LLNOF) phases.

X Supercell formula Reduced formula Eq / Decomposition products
meV/atom
0.5 Lix4LagNb3»0096F 16 Li; sLag sNb2OgF 50 LiNb3Os, LaNbOs, LiF
0.6875* | Liz1LagNb32006F16 | Lii3125La0.562sNb206F 31 LiNbsOs, LaNbO4, Nb2Os,
LiF
0.875 | LiisLaioNb32OosF16 | Lir.125La0.625Nb20sF 35 LiNb3Os, LaNbO4, NbyOs,
LiF
1.0625 | LijsLajiNb32OosFis | Lio.gzzsLao.es7sNb2OsF 30 LaNbOs, Nb2Os, LaFs, LiF
1.25 | Li;nLa;aNb32OosFis | Lio.75Lao.7sNb2O6F 23 LaNbOy4, Nb,Os, LaFs, LiF

*Closest model composition to experiment (i.e., Lii.2sLag ssNb2OgF), with the LLNOF-L1 structure as

the representative structure (see Fig.2).

Formation of intrinsic bulk defects

Using the Lii 3125La0.5625Nb206F structure (supercell formula: LiziLagNb32Oo6F16, L1 structure) as the
reference structure, the most energetically accessible defect types as shown in Table 2 are LiF Schottky
and Li-La antisite defects. The structures with these defects have Ep values that are comparable or
lower than the reference structure, indicating that their formation is energetically comparable to that
of the reference structure. In the case of LiF Schottky defect which can be represented as x in Lizi-
xLagNb3209sF16.x supercell composition (i.e., as reference), Ep does not increase significantly for x <
4 but it sharply increases for x > 4 (Fig. S6). These results suggest that the experimentally synthesized
LLNOF may contain F vacancies, aside from Li vacancies. In the case of Li-La antisite defects, it can
be readily explained by the intrinsic Li-La disordering at the 16d Wyckoff site.

Other defect types that are predicted to be energetically accessible during high-temperature synthesis
(<2 eV per formula unit) are Li Frenkel, La Frenkel, O Frenkel, F Frenkel and O-F antisite defects.
Meanwhile, the most energetically unfavorable defect types are Nb Frenkel, Li>O Schottky, Li-Nb
antisite and La-Nb antisite defects. The latter defects have large energy cost for formation due to the
unsatisfied coordination environment preference (e.g., Nb>* prefers to stay in an octahedral site), large
ion size difference at the substitution site (e.g., r(La3*) = 1.16 A vs. r(Nb>*) = 0.74 A for an
octahedral coordination), and significant local repulsion which can cause large structure distortion

(e.g., Nb*"-Nb**-Nb>* as compared to Nb>*-La**-Nb>" or Nb>*-Li*-Nb’* arrangement).



Table 2. DFT-calculated intrinsic bulk defects in Lij 3125La0.562sNb2OgF (L1 structure).

Kroger-Vink reaction equation Egefect / €V per formula unit
Li Frenkel: Lif; = Op; + Lijy, 0.86
La Frenkel: Laf, — O + Lajn; 1.26
Nb Frenkel: Nby, — Oy’ + Nbjyi™ 2.53
O Frenkel: 0f — Og + O 1.08
F Frenkel: F§ — Op + Fiy¢ 1.90
LiF Schottky*: Lif; + Ff - Op; + O + LiF -
Li,O Schottky: 2LiX, + 0% - 20, + 0Of + Li,0 2.46
Li-La antisite*: Lif; + Laf, = Laj; + Li, -
Li-Nb antisite: Lij; + Nby, = Nbj;™ + Liyy 2.66
La-Nb antisite: Laf, + Nby; — Nbj3 + Lay, 2.99
O-F antisite: 0§ + F§ = Fg + Og 1.77

*Ep is comparable or lower than the reference structure, indicating that the formation of such

defective structures is energetically comparable to that of the reference structure.

Electrochemical stability

Here, the phase equilibria at different voltages are used to evaluate the electrochemical window of
LLNOF. The stability voltage window based on DFT-based Li grand potential phase diagram analysis
is displayed in Fig. 3a; the detailed decomposition reactions are provided in Table S2. As a kinetically
stabilized phase, LLNOF in itself has a narrow stability window of 2.49 — 3.92 V (at zero Li
uptake/removal). At the low voltage regime, reductive decomposition proceeds, such as at 2.35 V that
turns LLNOF into LiNb3Og, Nb12029, LaNbO4 and LiF. This is consistent with the cyclic voltammetry
results as shown in Fig. S2, in which the reduction current is observed from around 2 V. At the high
voltage regime (> 3.92 V), oxidative reactions that ultimately result to O, gas release becomes
favorable. Meanwhile, the thermodynamic decomposition phases of LLNOF (i.e., LiNb3Og, LaNbOs,
Nb2Os, and LiF) may become the effective phases that determine the extent of stability voltage window
(i.e., as an interphase-controlled electrochemical window). For Li-containing decomposition phases,
LiNb3Os (2.35 —3.92 V) is shown to have a similar stability voltage window as with LLNOF (Fig. 3b,
Table S3), while LiF provides the widest window of 0 — 6.36 V (Fig. 3¢, Table S4). The very wide
stability window of LiF makes it suitable for suppressing Li dendrite growth.’® LiNb3;Os has been
reported as a potential anode material for Li* ion batteries with Nb>*/Nb*" and Nb*"/Nb*" redox
couples in the 1.0 — 3.0 V range.’! This indicates that LiNbsOg can facilitate Li diffusion which may
be beneficial for Li ion inter-grain transport. Meanwhile, LLNOF decomposition phases which do not
contain Li such as LaNbO4 and Nb,Os can also have profound impact on battery performance. For

LaNbOy, further reductive decomposition is predicted at 1.30 V (Table S5), the listed reactions can



result to poor contact at the interface region due to associated volume change, especially with a Li
metal anode. Similarly, for Nb OS5, further reductive decomposition is also predicted at 2.49 V (see
Table S6).

For comparison, the garnet cubic LLZO is also analyzed.” Its voltage window is predicted to be 0.05
—2.90 V (Fig. 3d, Table S7), suggesting that it has a comparatively lower reduction potential than
LLNOF. However, when in direct contact with Li metal (i.e., at 0 V), LLZO is predicted to be unstable.
This Li instability has been reported in a previous experimental work.>> Reductive decomposition
phases include LisZr,07, Li,O and La,Os. The predicted voltage window of LisZr,O7 is 0.05 —3.21 V
(Table S8), suggesting reductive instability vs. Li metal that can promote further decomposition,
forming Li>;O as well as species that are associated with Zr*" reduction (e.g., Zr4O, Zr;0). This
decomposition has an associated volume change of -29% based on bulk volumes of LisZr,0O7, Li metal,
7130, and Li;O, suggesting a possible contact loss around the electrolyte-anode interface region.
Meanwhile, the voltage-specific decomposition analysis of LiO (Table S9) reveals stability vs. Li
metal, with a window of 0 — 2.90 V. If Li,O (pre-)exists around solid interface regions (voltage
window: 0 — 2.90 V), LLZO reductive stability is possible. However, crystalline Li>O has a low ionic
conductivity (~10” S/cm) which can result to increased grain boundary resistance.’* La,Os, the other
decomposition phase, is also evaluated to be stable vs. Li metal (Table S10), but its lack of
energetically favorable Li* ion pathways can also increase the grain boundary resistance. The oxidative
potential of both LLZO and Li,O are lower than LLNOF (3.92 V), which means that the latter should
be more stable at the high-voltage regime.

Additional comparative analysis was also performed for garnet-type LisLasTa>O1, (LLTO). Based on
decomposition energy (Eq4) calculation, LLTO is predicted to be a metastable phase (Eq = 295
meV/atom), it is thermodynamically driven to decompose into LizTaO4, LazTaO7 and La>O3 (Table
S11); the associated volume change is estimated to be -8%. Li3TaOy4 is predicted to further decompose
at 0.55 V into LisTaOs and Ta metal (Table S12), the reaction-related volume change is calculated to
be -6%. LisTaOs reductively decomposes into Li>O and Ta metal at 0.35 V (Table S13), volume change
is estimated to be -30%. On the other hand, La3;TaO7 is shown to reductively decompose below 0.65
V into LisTaOs4, La;0s3, and Ta metal (Table S14), with a volume change of -13%. Overall, the
significant volume changes of LLTO decomposition phases are expected to contribute towards particle

contact loss in the electrolyte-anode interface.
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Figure 3. DFT-calculated voltage profile and decomposition by Li grand potential phase diagram
analysis upon lithiation and delithiation of (a) pyrochlore-type Liz-xLa(i+x3Nb2O¢F (x = 0.6875) solid
electrolyte (SE) and its Li-containing thermodynamic decomposition phases (b) LiNb3;Og and (c) LiF.
Voltage profile and decomposition for (d) garnet LizLa3ZrO> (LLZO) is included for comparison.
Stability voltage window (i.e., Li uptake/removal is zero) for each investigated compound functioning
as an SE is shown in green. Voltage range and decomposition phases with non-zero Li uptake/removal

into/from SE is indicated in red.

Li diffusivity, conductivity

Fig. S3a shows the element-specific MSD plots for LLNOF-L1 based on NVT-AIMD production run
at 1000 K. Only Li* ions are found to be diffusive in the structure according to the observed MSD
slope, while the other ion types have flat MSD profiles (i.e., only vibrational motion). The MSD
slope increases as the MD temperature increases (Fig. S3b), this is owed to Li ion migration as being
a thermally activated process. Fromthe MSD slopes, oy; is calculated and then plotted as a function
of temperature; experimental and AIMD data of LLNOF and cubic LLZO SEs are included for
comparison (Fig. 4). Statistical observables for LLNOF-L1 and LLNOF-MI are [Dy;300x = 1.87 x



10® cm?/s, E; =0.21 eV, opi300x = 1.07 x 107 S/em] and [Dy;300x =2.90 x 10 cm?/s, E, =0.19
eV, o300k = 1.63 x 107 S/cm], respectively. The predicted bulk oy;300x Vvalues are in the same
order of magnitude vs. reported experimental data. Meanwhile, oy;390x shows a slight correlation
with the degree Li/La/Vac (dis)ordering. It is evidenced by the ~1.5 factor increase in o390k Of the
LLNOF-M1 structure (with one La-free tunnel) relative to the LLNOF-L1 structure (with two La-free
tunnels).

The Li diffusivity of LLNOF with a given defect type is also investigated, specifically the LiF Schottky
defect which is predicted to be one of the most energetically favorable ones (Table 2). The conductivity
vs. inverse temperature plot for the LLNOF with one LiF Schottky defect (x = 1 in Liyi.
xLagNb32096F16.x) 1S shown above (blue dashed line) shows a ~2 orders of magnitude decrease in
conductivity relative to the reference LLNOF-L1 structures, the calculated values are 2.02 x 10~ S/cm

(E, =0.36¢eV)vs. 1.07 x 103 S/em (E; = 0.21 eV), respectively.
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Figure 4. Comparison of the Li* ion conductivity of selected all-solid-state battery electrolytes:
pyrochlore-type LLNOF-L1 (Lii3125Laos62sNb2OsF, Figure 2b), pyrochlore-type LLNOF-M1
(Li1 3125La0.562sNb2OGF, Figure 2¢), experimentally reported LLNOF (Lij 25Lao.ssNb,OgF)!2, and cubic
LisLa3Zr,012 solid electrolyte from previous experimental and AIMD-based works’ 34, argyrodite
LigPSsCl experimental total conductivity®>, halide LisYBrs and LisYCle*®, Nasicon-type
Lii3Alo3Tii 7(PO4); experimental total conductivity®’, LijoGeP2S12 experimental total conductivity3®,

and Lio 54511 74P1 44811 4Clo 300 3 experimental bulk conductivity®.

Li ion transport pathway

The Li transport pathway and connectivity in LLNOF is studied using the 1000-K AIMD trajectory
data. Fig. 5a shows the 3D Li trajectory density (red: high, green: intermediate, and blue: low
probabilities) within the LLNOF-L1 structure. A contiguous 3D pathway network is visible, indicating



a high degree of accessible local migration routes within the host structure framework. The site-to-site
Li* ion jump process does not proceed directly through the O-F edge-shared LiOgF, units within the
tunnel (i.e., 16d = 16d transition). Instead, the moving Li* ion from a 164 site jumps to a neighboring
interstitial site to form an “LiOgF” intermediate state, and then it moves to the next-neighbor 164 site
(i.e., 16d = “LiO¢F” - 16d transition) (Fig. 5b). This interstitial site also allows for Li* ions to
migrate from one tunnel to an intersecting tunnel, and then to a nearby parallel tunnel.

Additionally, it is apparent that the overall pathway topology depends on the Li/La/Vac ordering at the
16d sites. When a tunnel is La-blocked (Fig. 5¢), the migrating Li* ions need to re-route to a tunnel
that intersects with its original tunnel in order to achieve long-range transport. The arrangement and
proportion of sites occupied by La’" ions can thus affect Li percolation and pathway tortuosity in the
LLNOF structure. To quantitatively analyze the extent of this blocking effect, the 3D percolation
threshold (p.) related to the 164 sites in LLNOF is evaluated. For this calculation, an expanded cell is
used in order to minimize errors related to periodic boundary condition (Fig. S4).4° Fig. 5d shows the
plot for Li-pathway connectivity (Li + Vac site occupancy fraction) as a function of normalized La
content (fi, = N,/ (i + Npa + Nyac)- Here, p. for LLNOF is estimated to be at fj, = 0.66, this
value is when the Li pathway becomes fully La-occupied (<1% connectivity). It is emphasized that
fra = 0.66 is already significantly exceeding the charge neutrality requirement of the [Nb2OgF]-* host
framework. At relevant compositions such as the LLNOF model composition (i.e.,
Lii3125La0.562sNb206F), fa = 0.28 and the site connectivity is ~72% (blue vertical line) which means
that there is still sufficient percolation to support long-range bulk Li diffusivity. For the experimentally
reported LLNOF composition (Lii.2sLaossNb2OsF), fia = 0.29 which corresponds to an almost the
same degree of connectivity (orange vertical line). At the extreme limit of La substitution that satisfies
the charge-neutral condition (i.e., fi; = 0.5 or LaNb,O¢F), site connectivity drops to ~46%. In
comparison, this composition limit is relatively lower than in the case of progressive Li pathway
blocking at the 24d tetrahedral and 48g/96/ octahedral sites in cubic LLZO, which can still retain
~60% site connectivity, such as at the composition limit related to Ga** blocking.*! This suggests that
the Li pathway in LLNOF is slightly more tortuous than in LLZO.

Analysis on the ion transport pathways in LLNOF were also performed based on a void space
characterization technique,*>*® the resulting interstitial network related to the Li pathways is shown in
the Fig. Se. The 3D channels for the mobile Li* ions are successfully identified. The circular cluster
of interstice and bottleneck positions labeled as s; and s, respectively, can be assigned to positions
that are proximate to the 164 Wyckoft site (see Fig. 5f). The multiple s; positions in the same circular
site cluster are energetically according to the corresponding AIMD Li trajectory density in Fig. 5a and
Sc. Their symmetric positions also reflect the large intrinsic hexagonal tunnels in the NbOgF
framework of the LLNOF structure. The interstitial network is consistent with the 16d-16d transitions

for Li* ions proceeding via the LisOF intermediate state (see Fig. 5b) which also has multiple positions



(see the hexagonal area the Figure below, labeled as is); the LiOgF intermediate state has 4 s; positions
and 9 s, positions. No direct ion jump paths between adjacent 16d sites are detected and Li* ions move

through 16d —is — 16d — i; — 16d — ... path connectivity.
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Figure 5. (a) 3D-perspective Li trajectory density within the LLNOF-L1 structure based on 1000-K

AIMD calculation. La-free tunnels are indicated as light-blue double-head arrows. NbOg units are



displayed in wireframe. (b) A local trajectory density region in (a) is enlarged (dashed-line box) which
highlights “Li-only” and “Nb-Li-La” channels and the 16d site connectivity for local Li ion migration
via interstitial sites (forming “LiO¢F” intermediate state). (c) 2D- view of the Li trajectory density
showing La-blocked tunnels as gray double-head arrows. (d) Percolation-based site connectivity
fraction (Li + Vac site occupancy) as a function of normalized La content (), using an expanded
LLNOF structure with 32,000 164 sites generated by a supercell matrix [[10, 10, 0], [-10, 10, 0], [0,
0, 10]]; highlighted compositions are the LLNOF model (Li; 3125 — Lao.s625 or Lii 3125La0.562sNb2O6F),
the experimentally reported composition (Lii 25 — Lagss or LiisLagssNb2OgF), and La-composition
limit for charge neutrality (Lip — La;o or LaNbyOgF). A radial distance cutoff of 3.8 A for site
connectivity was employed. (e, f) Interstitial network related to the Li* ion transport pathways obtained
from the Nb,OsF framework of the pyrochlore LLNOF structure. The network was determined using
the void-space analysis technique as described in Ref. 42-46. The circular site cluster can be assigned
as proximate to the 16d Wyckoff site, while the LisOF intermediate position is located within the

hexagonal area (labeled as is).

Li* ion conduction mechanism

Fig. 6a shows the heatmap for the self-part G(r,t) (G,) for Li* ions in the LLNOF-LI structure, as
derived from the 1000-K MD trajectory data; LLZO data is included for comparison (Fig. 6b). By
definition, G represents the probability distribution of distances traveled by Li* ions. The G; band
center positions correspond to the nearest-neighbor (NN) jump site distances, similar to the local
maxima in the Li-Li radial distribution function (RDF, Fig. S5). The G, band at r <2 A can be
assigned to Li intra-site-cage vibration. The G, band center positions indicate that Li* ions in LLNOF
have a relatively larger average vibrational amplitude than Li* ions in LLZO; G(r <2 A t) band
center positions are estimated to be ~1 A and ~0.5 A, respectively. As the MD trajectory length
increases, Li* ions begin to access positions that are beyond 13-NN jump sites. For the two SEs, the
15-NN jump distances are located at 3.5 A <r <4.5 A and 2 A <r <3 A, respectively, while
the 2M-NN jump distances lie in the range 5.5 A<r <8 A and 4 A <r <6 A, respectively.
Clearly, 1NN and 2"-NN jump distances in LLNOF are larger than in LLZO and a similar trend
prevails for the 3"-NN, 4"-NN site jump distances, and so on. Aside from the n™™-NN site jump
distances, LLNOF and LLZO have different accessible Li positions at intermediate distances
according G probability buildup at trough-related distances (i.e., between primary bands), the latter
distances are located at r = [~2 A,~5 A,~8 A] and r = [~1.5 A ,~3.5 A, ~55 A ~75 4],
respectively. Collectively, the G; band center and trough positions have unambiguously differentiated
the Li pathway topology network between LLNOF and LLZO.

Fig. 6¢ and 6d show the G; heatmap for O* and F- ions in LLNOF as derived from the 1000-K MD

trajectory data. The vibration signature at r < 2 A is prevalent for both anions, with F- ions



demonstrating a relatively larger average vibrational amplitude than O ions (i.e., at r > ~1 A vs.
at r<~1 A, respectively, see insets). Aside from differences due to atomic mass and
electronegativity (i.e., chemical bonding nature) related to F- and O ions, the large space provided by
the hexagonal tunnels in LLNOF, wherein F- and Li" ions sit, may have also contributed to the
observed large vibration amplitudes. To evaluate this “free space” for vibration, the largest probe
sphere diameter (d,) that can fit inside the hexagonal tunnel network is estimated by 3D Voronoi
tessellation analysis of the structure framework (i.e., when all Li atoms are removed).*’ In LLNOF-
L1 and LLNOF-M1, d, values are ~2.73 A and ~2.68 A, respectively. Interestingly, these values are
significantly larger than in LLZO which is only ~1.87 A.

Fig. 6e and 6f show the heatmap for the distinct-part G(r,t) (G4) for Li* ions in LLNOF-L1 and
LLZO structures, respectively, as determined from 1000-K NVT-MD trajectories. Physically, G,4
measures the probability of finding a Li* ion at a site (or position) which was formerly vacated by
another Li* ion. Consequently, it can provide information on concerted ion motion. In both LLNOF
and LLZO, the concerted Li ion migration bands are confirmed which are located at r < 2 A and
they persist all throughout the sampled MD trajectory length. The result here on the concerted Li* ion
migration mechanism in LLZO agrees well with previous theoretical works.?* > 48 Meanwhile, G4
bands that can be assigned to n™-NN Li jump events are also visible, the distances match well with
the peak positions based on Li-Li RDF plots (Fig. S5). However, LLZO exhibits an intermittent G,
signalat 1 A <r <2 A which can be assigned to Li rearrangement events related to the accessible
off-center positions by Li* ions in the 24d tetrahedral and the distorted octahedral 48g/96# sites.” 34
This Li off-centering is caused by the strong repulsion between Li* ions because of geometric
frustration related to the 9 available sites per formula unit that need to be populated by 7 Li by
stoichiometry and the garnet structure having an intrinsically short Li-Li site distances (e.g., 24d-to-
48g: ~1.99 A).3* In the case of LLNOF(-L1), Li rearrangement at a similar intermediate range is low
because Li-Li repulsion effect is weaker due to the structure’s intrinsically larger Li-Li site distances

(16d-to-16d: ~3.69 A).
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Figure 6. Heatmap profiles for the self (G) and distinct (G4) part of the space-time correlation (van
Hove) function derived from 1000-K NVT-MD trajectories: (a) Gg for Li* ions in LLNOF-LI
structure, (b) Gy for Li" ions in cubic LLZO structure, (¢) G for O* ions in LLNOF-L1 structure,
(d) G, for F-ions in LLNOF-LI structure, (¢) G4 for Li* ions in LLNOF-L1 structure, and (f) G4
for Li* ions in cubic LLZO structure.

Low-energy optical phonon has been previously reported to play a role on superionic conduction, as
reflected in the observed positive (negative) correlation between phonon amplitudes and o;; (E,) for
many ionic conductors.*-3! To study this property, the atom-projected phonon density of states (DOS)
of LLNOF-L1 is calculated from the 1000-K MD data; the phonon DOS data for LLZO is also



calculated for comparison.

In LLNOF-L1, Li, La, Nb, O, and F atoms have phonon DOS contributions in energy ranges of 0 <
Ao <80 meV, 0 < iw < 30 meV, 0 < iw < 80 meV, 0 < hw < 120 meV, and 0 < w < 60 meV,
respectively (Fig. 7a). Corresponding phonon band center (c,,)> positions are located at ~27 meV,
~11 meV, ~21 meV, ~43 meV, and ~22 meV, respectively. Here, the large vibrational amplitudes (%@
< 10 meV) can be mainly ascribed to the relatively heavier atoms (La and Nb). Near this low-energy
regime (fiw < 20 meV), O, F and Li atoms also have significant contributions. The F phonon states
appear in a narrower energy range and a lower ¢, position than the O phonon states, this is consistent
with the larger vibration of F atoms than O atoms that is registered in the Gg plot (Fig. 6¢, 6d). The
F-cppn position is also found to be closer to the Li-c,;, position. Li atoms interacts electrostatically
with O and F atoms (as a LiOgF> unit), thereby explaining their vibrational states at the lower half of
the phonon DOS spectrum. However, O atoms also interacts with Nb atoms (as NbOg unit) which have
vibrational states at the intermediate energy range (20 < 1w < 60 meV), resulting to the O-c,,;, position
to be located at a higher phonon energy relative to F-cp,j, position.

In the case of LLZO, Li, La, Zr, and O atoms have contributions in energy ranges of 0 < fiw < 100
meV, 0 </ <30 meV, 0 < 7w < 60 meV, and 0 < Ziw < 100 meV; corresponding ¢pp, positions are
located at ~49 meV, ~14 meV, ~22 meV, and ~44 meV, respectively (Fig. 7b). The La- and O-cpp,
positions in LLZO and LLNOF-L1 are similar, but more O phonon states appear at /ico < 20 meV for
the latter. Another difference is that the Li-c,, position for LLZO (~49 meV) is significantly higher
than for LLNOF-L1 (~27 meV), this means that Li atoms in the latter have a larger vibrational
amplitude and more significant translational motion on the average. This finding agrees well with the
abovementioned inverse relationship between Li vibrational amplitude and E,; AIMD-based E,
values for LLNOF-L1 and LLZO are 0.21 and 0.33 V34, respectively. As previously pointed out, the
larger geometric “free space” provided by the hexagonal tunnels in LLNOF may have partly induced

the characteristically low phonon energies (i.e., larger vibrations) by F, O and Li atoms.
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Figure 7. Phonon density of states by NVT-AIMD calculations at 1000 K: (a) pyrochlore
Lii3125Laos62sNb2O6F with the L1 structure (LLNOF-L1, see Figure 2c) and (b) garnet cubic
Li7La32r2012.

Discussion

LLNOF is predicted to be a metastable phase that can assume various energetically comparable
Li/La/Vac ordering configurations. This structure entropy should be taken into account during
synthesis so that optimal Li diffusion properties can be achieved. Structurally, the degree of ordering
at the 164 site can be classified based on the number of La-free or La-blocked tunnels. The LLNOF
structure is expected to become more ordered as the number of La-free tunnels increases. Oppositely,
the higher the number of La-blocked tunnels and the number of La cations per tunnel, the more
disordered the structure should become. The extent of this La-blocking effect is also expected to be
composition-dependent with respect to Li/La content. SEs that demonstrate high oy; often have
crystal structures that have a high degree of disordering in its cation and/or anion sublattices. The
ordering-dependent variability on ay; for LLNOF is partly supported by the present AIMD results
(i.e., LLNOF-L1 vs. LLNOF-M1, Fig. 4b). Cubic LLZO also has an intrinsic structure disordering, in
relation to its partially occupied Li Wyckoff sites. Another oxide-type SE that shows a similar
structural entropy is the perovskite-type Lizxlay3xTiO3 (LLTO), in which oy; is often studied in
relation to the presence of Li/La-poor/rich layers within the perovskite structure.’*>* In LLTO, the
subtle distortions brought upon by the complex ordering patterns has been shown to give rise to
variability in structure symmetry and oy;.>-¢

A kinetically stabilized LLNOF is predicted to have a poor electrochemical stability, based on the
DFT-predicted narrow stability voltage window (2.49 —3.92 V, Fig. 3a). However, being a metastable
phase, the decomposition product phases of LLNOF may extend its stability voltage window (i.e.,
interphase-controlled electrochemical stability). Specifically, LiF, which is one of the possible
decomposition products, can serve as a good interphase layer (0 — 6.36 V window, Fig. 3c). LiF has
been used already to improve the cycling performance of conventional Li-ion battery and ASSB
cells.’”®! LiF has also been reported to be an effective sintering aid, improving the total oy; of
pelletized SE samples.>%* However, it may also have a detrimental effect to battery rate capability
because of its intrinsically low Li* ion diffusivity.% This tradeoff has to be taken into account in the
rational design of an ASSB cell with LLNOF as the SE component.

Based on the findings from AIMD calculations, the Li superionic conductivity of LLNOF may be
explained by the following factors: i) the strong concerted migration of Li* ions, ii) the large hexagonal
tunnels formed by the NbOg units which result to an effectively large Li pathway channels that have

large site-to-site Li jump distances and less-restricted Li path bottleneck (and therefore lower E,), and



ii1) the relatively large vibrational amplitude of Li atoms which may have been induced by the F atoms
through electrostatic interactions (phonon states for F atoms are located in a narrower energy range at
the low-energy regime, as compared to O atoms). The relationship between Li vibrational amplitude
and oy; (E,) has been confirmed by phonon DOS analysis. Intrinsic defects can also significantly
affect the oy; of LLNOF. For example, the LiF Schottky defect causes a ~2 orders of magnitude drop
in oy;. This can be explained by two reasons: decreased concentration of Li* ion charge carriers and
changes in local Li diffusion behavior around F vacancies, noting that the large vibration amplitude of
F atoms is strongly correlated with the large vibrational amplitude of Li atoms.

A comprehensive comparison between LLNOF and other known SEs is performed with respect to
phase stability (thermodynamic decomposition energy, Ep), electronic band gap energy (Ej),
electrochemical stability (decomposition-related voltage stability window), chemical stability (air
stability) and ionic conductivity. The actual values are listed in Table 3. Most of the SEs, including
LLNOF, are determined to be metastable phases based on DFT-calculated E4 (> 0). The garnet LLZO
and Li3YBrs SEs show the highest E, values of 4.10 and 4.14 eV, respectively, while sulfide-type
SEs generally have E; < 3 eV. The relatively smaller E, of the latter can be explained by the
weaker chemical bonding strength between cations and S* anions as compared to O anions in oxide-
type electrolytes. In the case of LLNOF(-L1), it has a similar E, value as with sulfide-type
electrolytes, this owed to the relatively low reductive stability of Nb>*, which is consistent with the
energetically low-lying Nb 4d states in the conduction band minimum as suggested by its DFT
electronic density of states (see Fig. S7). Both LLNOF and LATP contain transition metal (Nb and Ti,
respectively) which can be reduced at the low voltage regime, thereby explaining their relatively poor
reductive stability. Although LLZO is shown to be relatively more stable reductively (0.05 V), it still
can be reduced when in contact with a pure Li metal anode (0 V), this is consistent with the
experimental findings. Meanwhile, the air stability of SEs is often investigated under moisture-contact
condition. This moisture reactivity can be explained based on hard-soft acid-base (HSAB) theory (i.e.,
hard-acid species prefer to form strong chemical bonds with hard-base species, while soft-acid species
prefer to form bonds with soft-base species).®® For example, S (a soft base) in LisPS4 electrolyte is
favored to be replaced by O (a hard base) from H,O molecule to form a strong chemical bond with P
(hard acid). In the case of LLNOF, since O forms the anion sublattice, there is no large driving force
for forming new chemical bonds when in contact with H>O; the high air stability of LLNOF with
moisture was also experimentally reported (Ref. 12). On the other hand, sulfide-type SEs are known
to suffer from decomposition and toxic H»S gas formation. In terms of conductivity, sulfide-type (e.g.,
Argyrodite LisPSsCl, LijoGeP2Si12, Lios4Si1.74P1.44S11.4Clo3003) as well as halide-type SEs (e.g.,
Li3YBrs) demonstrate an order of 10 S/cm (or higher), this order of magnitude in conductivity is
necessary to achieve low-impedance solid-state cells.®® Comparatively, LLNOF also reaches this order

of magnitude in conductivity. Both the high conductivity and high air stability of LLNOF makes it a



very promising electrolyte for practical application.

Aside from tuning the Li/La content, it is also worthwhile to explore other cation dopant types for the
further optimization of op; in LLNOF to reach the practical SE conductivity requirement which is
102 S/cm order of magnitude.'! For example, substitution at the Nb>" site by d° cations (e.g., Ti*", Zr**,
Hf*")®7, which can accommodate various local distortion modes and distortion degrees, may further
improve op; through geometric modulation of the Li pathway channels, tuning of vacancy

concentration and maximization of structure entropy (via Li/La/Vac disordering).

Table 3. Comparison of important battery-related properties of different all-solid-state battery

electrolytes.
Composition DFT Electronic | Voltage Air Ionic
decomposition | band gap stability | stability | conductivity
energy (Eq) / energy window / Vs. /1073
meV/atom* (Eg) / eV* V (vs. H,O** S/em***
Li*/Li)*
LLNOF-L1 31 2.76 249 - - 1.07 (bulk,
3.92 (this this work)
work)
Lij 25Lag ssNbyOgF - - - High12 3.912
Cubic Li7La3Zr2012 18 4.10 0.05 — High68 0.1 134
(LLZO) 2.90 (this
work)
Argyrodite LisPSsCl 21 1.98 1.71 — Low® 1.33%
2.012!
LizYBrs 26 4.14 0.59-0 | High” 1.736
3.157°




Li13AlosTi1 7(POy)s 29 2.60 2.17— | High™ 0.757
(LATP) 42121
LisPS4 0 2.70 1.71 - Low® 0.167
2.31%
Li]oGGPzS]z 21 220 1.71 — LOW65 1238
2.1421
Lig 54S11.74P1.44S11.4Cl0.300.3 - - Low® 28%

*DFT result, **Experimental data.

Conclusions

In this work, the crystal structure, phase stability, electrochemical stability, and Li* ion transport
property of LLNOF SE was systematically investigated by DFT and AIMD calculations. The crystal
structure of LLNOF is comprised with hexagonal tunnels formed by corner-sharing NbOg octahedral
units and with Li/LaOgF> pseudo-rhombohedral units residing within the tunnels. Depending on the
Li/La/Vac arrangement, the tunnels can be described as either La-free or La-blocked. LLNOF is
predicted to be a metastable phase with an interphase-controlled electrochemical window. The La
positions ultimately determines the Li pathway channel and topology, which has ~72% percolated Li*
at the investigated composition (Lii3125L20.5625Nb206F). AIMD calculations show the same order of
magnitude for the bulk Li ion* conductivity vs. experiment (103 S/cm). The Li* ion conduction
mechanism in LLNOF was determined to proceed via a concerted migration process. Li ion dynamics
analysis by van Hove correlation approach, as well as phonon DOS analysis, have revealed the
relatively larger vibrational amplitude of F atoms as compared to O atoms in the LLNOF structure.
This can explain the low phonon band center position of Li atoms which correlates well with the

observed Li superionic conductivity of LLNOF.
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